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FOREWORD 
ADVANCES IN CHEMISTRY SERIES was founded i n 1949 by the 
American Chemical Society as an outlet for symposia and 
collections of data i n special areas of topical interest that could 
not be accommodated i n the Society's journals. It provides a 
medium for symposia that would otherwise be fragmented, 
their papers distributed among several journals or not pub
lished at all . Papers are reviewed critically according to A C S 
editorial standards and receive the careful attention and proc
essing characteristic of A C S publications. Volumes i n the 
A D V A N C E S I N C H E M I S T R Y S E R I E S maintain the integrity of the 
symposia on which they are based; however, verbatim repro
ductions of previously published papers are not accepted. 
Papers may include reports of research as wel l as reviews since 
symposia may embrace both types of presentation. 
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PREFACE 

M U L T I P H A S E P O L Y M E R S Y S T E M S have attracted the increasing attention of 
polymer researchers in both academic and industrial communities. This 
volume contains 19 technical papers presented at a symposium on " M u l t i 
phase Polymer Systems—Polymer Blends and Composites." This sympo
sium was significant because it was the first one to be jointly sponsored by 
the American Chemical Society and the American Institute of Chemical 
Engineers. 

This volume is divided into three parts: (1) compatibility and character
ization of polymer blends; (2) rheology, processing and properties of heter
ogeneous polymer blends; and (3) polymer composites. 

Broadly classified, the two types of polymer blends are homogeneous 
(i.e., miscible or compatible) blends and heterogeneous (i.e., immiscible or 
incompatible) blends. A t a given temperature, homogeneous blends give 
rise to a single phase in which individual components are mutually soluble 
in one another. In most cases, compatible blends have mechanical proper
ties superior to those of incompatible blends. Therefore, in the past, much 
effort has been spent on developing experimental techniques (e.g., electron 
microscopy, small-angle X-ray diffraction, light scattering, and dynamic 
mechanical analysis) to determine the compatibility of a pair of polymers. 
Some of the experimental techniques for determining whether or not poly
mer pairs are truly mixed on the molecular level and yield a single phase 
still present questions. Therefore, continuing development efforts are 
needed. The first 10 chapters in this volume discuss the compatibility or 
characterization of polymer pairs. 

Heterogeneous polymer blends have many interrelated variables that af
fect their rheological behavior, processability, and the mechanical/physi-
cal properties of the finished product. For instance, the method of blend 
preparation (e.g., the method of mixing the polymers and the intensity of 
mixing) controls the morphology of the blend (e.g., the state of dispersion, 
the size of the dispersed phase, and the dispersed phase size distribution), 
which in turn controls the rheological properties of the blend. O n the other 
hand, the rheological properties strongly dictate the choice of processing 
conditions, which i n turn strongly influence the morphology and, there
fore, the mechanical/physical properties of the finished product. In this vol
ume, the next four chapters discuss one or more aspects of these problems. 

The use of reinforced polymer composites in many commercial applica
tions, with either thermoplastics or thermosets as the matrix, has increased 
tremendously in recent years and is expected to increase continuously. In 
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spite of the great economic incentives for the use of composite materials, 
relatively little effort has been spent on understanding the admittedly very 
complicated relationships between the processing conditions and the me
chanical properties, between the processing conditions and the microstruc
ture, and between the mechanical properties and the microstructure. Con
tinuing efforts are clearly needed for enhancing our understanding of the 
fundamental processing-morphology-property relationships of composite 
materials. The last five chapters address these problems. 

Research activities on multiphase polymer systems, encompassing poly
mer blends and composites, have grown rapidly and w i l l continue to do so. 
Although I fully recognize that the subjects covered in this volume are far 
from complete in covering current research activities on multiphase poly
mer systems, I believe that this volume represents some important research 
activities currently being undertaken by various research groups. I sin
cerely hope that the chapters collected here w i l l stimulate further research 
on multiphase polymer systems. 

I wish to express my sincere appreciation to the individual contributors 
whose strenuous efforts have made the publication of this volume possible. 
I wish also to thank Susan Robinson of the American Chemical Society, 
who has undertaken most of the editorial work needed for the publication 
of this volume. 

C . D . H A N 

Polytechnic Institute of New York 
Brooklyn, N Y 
September, 1983 
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1 
Gel Permeation Chromatography 
Use in the Determination of Polymer-Polymer 
Interaction Parameters 

V E N K A T A R A M A N NARASIMHAN, CHARLES M . BURNS, and 
ROBERT Y. M. H U A N G 
Department of Chemical Engineering, University of Waterloo, Waterloo, 
Ontario, Canada N2L 3G1 

DOUGLAS R. L L O Y D 
Department of Chemical Engineering, The University of Texas at Austin, 
Austin, TX 78712 

The use of gel permeation chromatography for the quantita-
tive analysis of composition in mixed polymer systems is pre-
sented. Equations are developed for the determination of 
polymer-polymer interaction parameters for monodisperse 
and polydisperse polymers. Typical interaction parameters 
determined from the experimental data for the polystyrene-
-polybutadiene systems are presented. 

P O L Y M E R I N C O M P A T I B I L I T Y A N D S U B S E Q U E N T P H A S E S E P A R A T I O N have been 
the subjects of growing interest. The phenomenon of phase separation in 
mixtures of two polymers in a mutual solvent or two polymers in the solid 
state is known as incompatibility and is of considerable practical impor
tance. Limited miscibility plays a role i n the preparative and analytical 
fractionation of polymers; in the preparation of plastic films, including 
paint and varnish coatings; and i n the determination of service properties 
of certain systems such as high impact styrene-butadiene products. 

Many investigations dealing with polymer-polymer incompatibility 
in a common solvent have been conducted in the past 35 years (1-31). 
Phase separation between the two incompatible polymers polystyrene (PS) 
and polybutadiene (PBD) is of considerable industrial importance and has 
been studied in solution (15-18, 24-26, 31) and in the solid state (32-36). In 
solution, the binodal equilibrium curve on the triangular diagram has fre
quently been approximated by cloud point isotherms determined by 

0065-2393/84/0206-0003$06.00/0 
© 1984 American Chemical Society 
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4 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

turbidimetric titration. Rigorous determination of the binodal curve, in
cluding tie lines and the critical point, requires lengthy equilibration and 
subsequent analysis of the conjugate phases. The method of analysis is se
verely restricted by the necessity of maintaining an antioxidant in the solu
tion to inhibit the cross-linking of the P B D . The antioxidant normally used, 
2,6-di-teri-butyl-4-methylphenol, masks the U V analysis of a solution of 
the two polymers. To overcome these problems of analysis, we used a gel 
permeation chromatograph equipped with both differential refractive in
dex (RI) and U V absorbance detectors. The antioxidant was separated 
from the two polymers by the columns before the polymers entered the de
tectors. The use of gel permeation chromatography (GPC) for the determi
nation of composition in the PS/PBD system is not new, although it has not 
been reported extensively (20, 37, 38). W e successfully used G P C with se
quential RI and U V detectors to give the compositional analysis of the con
jugate phases in the incompatible system of PS and P B D with tetrahydro-
furan (THF) as mutual solvent. Application of this method to equilibrated 
samples yields tie lines, binodal curves, and plait points. A detailed discus
sion of the experimental procedure and of the determination of the tie lines, 
the plait point, and the binodal curves was given earlier (27, 28, 39). 

The object of the present work is to evaluate the polymer-polymer 
interaction parameter χ 2 3 from the quantitative analysis of mixtures of PS 
and P B D in toluene by using G P C . This parameter is valuable as a means of 
characterizing the incompatibility of the two polymers. 

In the past, several methods have been used for the determination of 
polymer-polymer interaction parameters. These methods were mostly 
based on the study of ternary systems consisting of the two polymers in 
question and a common solvent. Stockmayer and Stanley (40) calculated 
X23 from light scattering measurements; Sakurada et al . (41) calculated χ 23 
by measuring the extent of swelling of polymers by a swelling agent; and 
Allen et al . (15) and Berek et al . (30) calculated χ 2 3 from the parameters of 
phase equilibrium by using polymer-solvent interaction parameters from 
two component systems. 

We now discuss the theoretical basis for the determination of χ 23 from 
the phase equilibrium data. 

Theoretical Discussions 

Scott (6) and Tompa (7) were the first to investigate different mathematical 
treatments of the Flory-Huggins theory to derive expressions that would 
help in studying the behavior of polymer-polymer-solvent systems. Scott 
(6) discussed mixtures of two polymers in the presence of a solvent; that is, a 
three-component mixture. He obtained equations that lead to Gibbs free 
energy of mixing. Tompa (7) developed equations to express spinodals for 
such ternary systems. 
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1. NARASIMHAN ET AL. Gel Permeation Chromatography 5 

Hsu and Prausnitz (42) described a numerical procedure for predict
ing the compositions of the coexisting phases, for establishing tie lines, and 
for tracing the binodal and determining the critical point. These calcula
tions were also based on the Flory-Huggins theory. 

A simple mathematical scheme can be developed to calculate the in
teraction parameters starting from the Flory-Huggins expression for the 
Gibbs free energy of mixing (AGm) for a system consisting of two polymers 
and one solvent: 

where n{ is the number of moles of i th component in the mixture, φί is the 
volume fraction of ith component, χί;· is the Flory-Huggins interaction pa
rameter, and m{ is the ratio of the molar volume of i to that of the reference 
component. Subscripts 2 and 3 denote polymers 2 and 3, and 1 denotes the 
solvent. The chemical potentials of each component (8) can be obtained by 
differentiation of the Gibbs free energy of mixing with respect to η : 

A G , 
RT 

m = n j l n ^ ! + ri£ In 02 + n 3 l n Φ3 

+ (Χ12Φ1Φ2 + Χ13Φ1Φ3 + Χ 2 3 Φ 2 Φ 3 ) 

X (mitli + 7712712 + m 3 n 3 ) (i) 

RT 

(2) 

Δ μ 2 

« Γ = 1 η φ 2 + 1 - (— Φ3 + (1 - τη2)φχ 

Δ μ 3 

fiT 

(3) 

+ τη3[χ3(φ2 + φγ)2 + χ2φ\ + χι Φι] (4) 

where 

Χι = i (Χΐ2 + Χ13 ~ Χ23) 

Χ2 = i (Xl2 + Χ23 - Χ13) 

Χ3 = i (Xl3 + Χ23 ~ Χ12) 

(5a) 

(5b) 

(5c) 

and ra2 and m3 are the molar volume ratios of the polymers to the reference 
volume V 0 . The reference volume V0 is the molar volume of solvent V\ ; mi 
is, therefore, equal to unity, and 
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6 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

m 2 = V2iVx (6a) 

m 3 = ν3/νλ (6b) 

Equations 2, 3, and 4, mathematically independent, are equivalent to 
Equations 5a, 5b, and 5c of Ref. 6, respectively. 

At equilibrium the chemical potential of each component must be the 
same in both phases. Denoting the two conjugate phases by single and dou
ble primes, Αμ{ = Αμί', Δ μ 2 = Α μ 2 , and Δμ3 = Δμ3. Thus, Equation 2 
w i l l give 

ΧΐΚΦί + * 3 ) ! " (*! + Φ ί ) 2 ] + Χ2(Φί2 ~ Φί') + X j ( * 3 ! " Φί*> 

- Κ £ ) + (» - - « + (> - - « <7> 

Similarly, Equation 3 yields 

Χ 2[(03 + ΦΙ)2 - (03 + Φί') 2 ] + Χ 3 ( 0 3 2 " 03 2) + Χ ΐ ( Φ ί 2 ~ Φ Γ ) 

= — l n f é ' ) + ( — - — ) (Φ 3 - Φ 3 ) + ( — - ΐ ) (Φί'- Φί) (8) 
™2 \02/ \η»2 m 3 / v V?n 2 / 

and Equation 4 yields 

Χ 3[(Φ 2 ' + Φ ί ) 2 - (02 + Φί ' ) 2 ] + Χ2(Φ 2 ' 2 " 02 2 ) + Χι (Φί 2 - Φι" 2) 

= ^ Ι η β Ι ) + ( — - — ) ( * 2 " 02) + ( — - ΐ ) (Φί- Φί) (9) 
™ 3 V03/ \»"3 "»2/ \"»3 / 

Subtracting Equation 7 from Equation 8 and simplifying yield 

2χ 2(Φ2 - Φί) + 2 Χ ι ( φ ί ' - φί) = l n ( - | £ ) - ^ 1 η ( - * 2 " (10) 
V Φί / « Ι 2 \ 02 

Subtracting Equation 7 from Equation 9 and simplifying yield 

2χ 3(Φ 3" - 03') + 2 X l ( 0 i - 0Γ) = ^ln(|[) - ln(|i') ( " J 

Substituting the values for χ χ , χ 2 , and X3 from Equations 5a, 5b, and 5c 
yields for Equation 10 

Χ23ΚΦ2 ~ Φί) ~ (Φί ~ Φί)] - Χΐ3[(Φ2 - Φί)] + Χ12[(Φ2 ~ Φί) 

+ (Φί " Φί)] = 1η(Φί/φί) - — 1η(φ£7φ2') (12) 
m 2 
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1. NARASIMHAN ET AL. Gel Permeation Chromatography 7 

and for Equation 11 

X23[(03 ~ 03) + (Φί - 0ί)] + Xl3[(03 ~ 03) " (0l" ~ 0l')] 

- Xi 2[(03 - 03) + (Φι - Φί)] = — ln(03 /03) - ln(0f/0i) (13) 
m 3 

Thus we have two equations in terms of the concentrations of the con
jugate solutions and the three interaction parameters. Adding Equations 12 
and 13 and simplifying yield 

— In(03703) ~ln(0270 2 ' ) - (xi3 - Xia)(0i - Φι) 
= _^3 rri2 ^ 

(03 ~ 03' + 02 - 02 ) 

Calculating the interaction parameters from measured equilibrium 
concentrations by using the above equations w i l l be discussed i n the section 
entitled "Results and Discussion." 

Equations can also be developed for the interaction parameters when 
dealing with polydisperse polymers. The free enthalpy of mixing function 
Ζ employed in this development is given by Koningsveld et al . (43). 

AG k 

Ζ = - j y ^ ; = 01 In 0i + Σ 02,*w~2j In 0 M 

ι 
+ Σ 0 3 ,m 3 -- 1 1η0 3 / + ^(02,03, T ) ( l 5 ) 

;' = i 

where φ is the interaction function given by 

Φ = Φ\2 + 1̂3 + Φ23 = 0102X12(02, 03) 

+ 0103X13(02, 03) + 0203X23(02, 03) 

and where Ν is the total number of moles; Δ Gm is the free enthalpy (Gibbs 
free energy) of mixing; R is the gas constant; Τ is the absolute temperature; 
0! is the volume fraction of the low molecular weight solvent; 02?j is the 
volume fraction of species i i n polymer 2; m 2 i is the relative chain length of 
species i in polymer 2; 03 ;· is the volume fraction of species / i n polymer 3; 
m 3 ; - is the relative chain length of species / in polymer 3; 02 = Σ φ^ι is the 
volume fraction of the whole polymer 2; 03 = Σ 03/· is the volume fraction 
of the whole polymer 3; and χ 1 2 , χ 1 3 , and χ 23 are the interaction parame
ters. There are k and I components, respectively, in polymer 2 and polymer 3 

k ι 
Ν = ni + Σ numu + Σ nym3j (16) 

i = I / = 1 
where η is the number of moles of component 1, 2, or 3. 
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P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

As in the ease of monodisperse polymers, the chemical potentials of 
each component can be obtained by differentiation of Equation 15 wi th 
respect to n. Partial differentiation yields the following equations for cases 
in which polymer 2 alone is polydisperse and for cases in which polymers 2 
and 3 are both polydisperse. 

When polymer 2 alone is polydisperse, we get 

Α μι 
RT 

= In Φι + Γ, / ι M / ι M 
+ ι - — 02 + 1 - — \m2J 

02 + 
\m3J_ 

03 + Xl(02 + Φ3)2 

X202 + X303 ~ jV^2^2^j^ + ^3~̂ )̂ 

W * 2 + * 3 ^ h ) + φ 2 φ * { φ 2 Ί ^ + 031?)) ( 1 7 ) 

Αμ2 i V r i f i , / m2in2i\ I T m2in2i 

~rt = Έ Α 1 η < ^2«η2» + Φι ("2 ~ ^ + *3 (»2 - 1*—-— 

+ 0 2 {x 2 (03 + Φι)2 + Χ3Φ2
3 + ΧιΦΪ} + Φζ\φιΦ*(^ ί 1 - *2) 

+ ^ ( ^ ( 1 - 0 2 ) - 0 3 ^ ) 

+ Φ 3 0 ΐ ( ^ ( 1 - Φ 2 ) - Φ 3 ^ 
\ "02 ΟΦζ 

(18) 

Δ μ 3 = 1η φ 3 + 1 - [ B L 
m 2 

φ 2 + (1 - πι3)φι + m3[χ3(Φ2 + Φ ι ) 2 

+ Χ2Φ1 + ΧΐΦΐ] + ^ φ ι φ 2 ( ^ { 1 - φ2) - φ 3 ^ ) 

+ φ2φ3(^ (1"^02)"φ3^) 
+ Φ3 Φί ( (1 - Φζ) ~ Φ3 

When polymers 2 and 3 are both polydisperse, 

(19) 

Αμι 
H T 

= Ιηφχ + Φ 2 + 1 - ( — ) φ 3 + Χ ι ( φ 2 + φ 3 ) 2 

Χ2Φ| + Χ3Φ 2 " | φ ΐ Φ 2 ^ Φ 2 ^ ^ + ^3"^~) 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
01



1. NARASIMHAN ET AL. Gel Permeation Chromatography 9 

RT 
Ε _ _ 

Ρ L 

1 [ ς ι „ Φ λ ι + Ψ ι ( „ ρ - ς ^ 

+ *,(•>„ - ς ! ^ ) \ + *pbc,», * « ι > 2 + Χ,Φ', + χ ι · * 2 ) 

+ Φν)ΦΜ^(1 - 0 2 ) - 0 3 ^ ) + 0 2 0 3 ^ ( 1 " 02) 3φ2 3φ3 3φ2 

for ρ Ψ q; ρ = 2, 3; and g = 2, 3 and where χ ΐ 9 χ 2 , and χ 3 are given by 
Equation 5a, 5b, and 5c, respectively. 

From these equations, suitable expressions can be derived to calculate 
interaction parameters by using phase equilibrium data, as discussed ear
lier for the monodisperse polymers, and by using information about the 
molecular weight distributions obtained by G P C . 

Experimental 

The system of PS and PBD was selected to demonstrate the case of narrow molecu
lar weight distributions. The importance of the two polymers in the polymer indus
try and the commercial availability of these two polymers in narrow molecular 
weight distribution samples made this system a logical choice. The characteristics 
of the particular polymer samples employed are given in Table I. Toluene was se
lected because it is a good mutual solvent and because the χγ2 values for PS-toluene 
are published (44). 

The procedure adopted for the sample preparation is given earlier (27). Equi
librium was attained at 23 °C and 1 atm. 

A detailed discussion of GPC with sequential RI and UV detectors for the 
quantitative analysis of the conjugate phases of the incompatible system of PS and 
PBD with THF as solvent is also given earlier (27, 28). 

Results and Discussion 

The binodal curves, tie lines, and plait points for the two P S - P B D systems 
studied are given in Figures 1 and 2. 

The polymer-solvent interaction parameter χ 1 2 for PS-toluene was 
obtained from the work of Scholte (44) and used i n Equations 12 and 13 to 
solve simultaneously for the interaction parameters χ 1 3 (PBD-toluene) and 
X 2 3 (PS-PBD). The results are presented in Tables II and III. 
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10 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

Table I. Characteristics of Polymer Samples 
Sample Mw Χ Ι Ο " 3 M„ Χ 1 0 - 3 MJM„ 
PS 37,000 36.0 33.0 <1.06 
PS 100,000 100.0 100.0 <1.06 
P B D 170,000° 170.0 ± 17 135.0 ± 13 1.26 

NOTE: Manufacturers' data were supplied by Pressure Chemical Co. (PS samples) and 
Phillips Petroleum Co. (PBD samples). 

°47.1% cis, 44.5% trans, 8.4% vinyl, 0.04% antioxidant. 

T O L U E N E 

PBD 

Figure 1. Phase diagram for the ternary system PS 100,000/PBD 170,000/ 
toluene at23°C and 1 atm. Solid symbols (·) represent mix point composi
tions; open symbols (O) represent equilibrium phase compositions; tie lines 
connect conjugate points via mix points; WTp$ is the weight fraction of PS in 
the total polymer; and WT$OL is the weight fraction of solvent toluene in the 

total polymer-solvent mixture. 

The results for various tie lines are tabulated i n an orderly fashion. 
Each table corresponds to a distinct polymer molecular weight; each table 
starts with the bottom tie line of the binodal curve, progresses toward the 
pure solvent apex, and ends wi th the tie line at the top of the binodal curve 
nearest to the plait point. 

For a given system, the value of χ 23 is generally found to have its low
est value for the tie lines belonging to the lower portions of the binodal 
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1. NARASIMHAN ET AL. Gel Permeation Chromatography 11 

curve. The value progressively increases as the plait point composition is 
approached. That is, χ 2 3 increases wi th decreasing total polymer concen
tration in any particular system. Berek et al . (30) observed χ 23 values of the 
same order of magnitude wi th a similar trend in the equilibria of fraction
ated polypropylene (PP) and PS i n toluene. The experimental error i n the 

T O L U E N E 

Figure 2. Phase diagram for the ternary system PS 37,000/PBD 170,000/ 
toluene at 23 °C and 1 atm. Solid symbols (w) represent mix point composi
tions; open symbols (O) represent equilibrium phase compositions; tie lines 
connect conjugate points via mix points; WTp$ is the weight fraction of PS in 
the total polymer; and WT$QL * s the weight fraction of solvent toluene in the 

total polymer-solvent mixture. 

Table II. Interaction Parameters for PS 100,000/PBD 170,000/Toluene 
Wt% Solvent (mean) Xl2° Xl3 X23 

82.00 0.402 0.459 0.010 
87.43 0.411 0.385 0.019 
90.36 0.414 0.427 0.023 
90.68 0.414 0.442 0.021 

flRef. 44. 
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12 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table III. Interaction Parameters for PS 37,000/PBD 170,000/Toluene 

Wt% Solvent (mean) Xl2C X13 X23 
77.91 0.385 0.417 0.026 
81.39 0.390 0.382 0.029 
84.10 0.392 0.376 0.030 
88.41 0.398 0.458 0.026 

aRef. 44. 

values of χ 2 3 was estimated to be less than 0.006 by "propagation of error" 
methods. 

The plait points of the binodal curves were obtained by extrapolation 
of the midpoints of the tie lines to intersect the interpolated binodal curve. 
Hence the composition of the plait point could be determined graphically. 
The value χ23 at the plait point was calculated from the measured composi
tion by using the following equation (6) (Table IV) . 

The value of x 2 3 ) C r i t calculated by using Equation 22 is higher than the 
value of χ 2 3 obtained for the tie line closest to the plait point. This differ
ence is to be expected because χ 2 3 decreases wi th total polymer concentra
tion. A correlation exists between the location of the plait point and x23?Crit 
for the two systems studied. The system of higher molecular weight poly
mers, which has its plait point at a higher solvent concentration, has a 

Table IV. Plait Point Composition 

Variable Figure 1 Figure 2 
weight percent 

Toluene 92.5 90.5 
PS 3.75 5.75 
P B D 3.75 3.75 

volume fraction 

Φι (toluene) 0.934 0.920 
Φ 2 (PS) 0.030 0.045 
Φ 3 (PBD) 0.037 0.037 

volume ratios 

m2 847.62 313.62 
m 3 1787.1 1787.1 

interaction parameter 

X23,crit 0.026 0.039 
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1. NARASIMHAN ET AL. Gel Permeation Chromatography 13 

lower value of X23,Crit- I n other words, X23,Crit increases as we move from 
plait points at a higher solvent concentration toward the plait point at a 
lower solvent concentration. It would be possible to predict, wi th reason
able accuracy, the relative positions of the plait points of two systems of PS/ 
P B D with different molecular weights of each polymer from their X23,crit 
values. 

Comparing the binodal curves for the two PS/PBD systems shows that 
the system with the combination of the higher molecular weight of these 
polymers (PS 100,000 and P B D 170,000) has the plait point at a higher 
solvent concentration. 

Conclusions 

G P C provides methods for using data from polydisperse polymers in con
junction with Scott's equations for interaction parameters and methods for 
eliminating the effects of low molecular weight additives on the analysis of 
phases. 

The polymer-polymer interaction parameter χ23 was evaluated from 
the parameters of phase equilibria of the system PS-PBD-toluene in which 
the polymers have narrow molecular weight distributions. W e found that, 
for any pair of polymers, χ23 increases as the total polymer concentration 
decreases and reaches a maximum at the plait point. The values of χ 2 3 at 
the plait points (x23?crit) were calculated and were found to decrease as the 
plait points move toward the solvent apex of the triangular diagram. 

Nomenclature 

Xij Flory-Huggins interaction parameter for components i and / 
Gibbs free energy of mixing 

n{ Number of moles of the ith component 
Φ, Volume fraction of the ith component 
rrti Ratio of the molar volume of component i to that of the reference 

component 
Chemical potential of component i 

Ζ Free enthalpy of mixing function 
Ν Total number of moles 
Φ Interaction function 

Volume fraction of species i in polymer 2 
Relative chain length of species i in polymer 2 

k Number of components in polymer 2 
ι Number of components in polymer 3 
ρ, q Polymers 2 and 3 in the polydisperse case 
X23,crit Polymer-polymer interaction parameter at the plait point 
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2 
A Polymer Blend Exhibiting Both 
Upper and Lower Critical Solution 
Temperature Behavior: Polystyrene/ 
Poly(o-chlorostyrene) 

S. L. ZACHARIUS1, W. J. M A C K N I G H T , and F. E. KARASZ 
Department of Polymer Science and Engineering, University of Massachusetts, 
Amherst, MA 01003 

Polymer-polymer interactions of polystyrene (PS) and poly-
(o-chlorostyrene) (PoClS) blends have been investigated by 
using a vapor sorption technique. These results, combined 
with heat of mixing experiments, indicate that both upper 
and lower critical solution temperature behavior are exhib-
ited by this blend. Previous data showed that the miscibility 
of the PS/PoClS system is extremely molecular weight sensi-
tive. This sensitivity is shown to be related to the existence of 
a critical double point in the system. Model calculations us-
ing the Flory equation-of-state theory illustrate these points. 

P O L Y M E R - P O L Y M E R I N T E R A C T I O N S A N D T H E G E N E R A L P H A S E B E H A V I O R of the 

polystyrene/poly (o-chlorostyrene) (PS/PoCIS) system were investigated 
with experimental ternary solution methods. Ryan (J) studied PS/PoCIS 
blends as a function of the molecular weight of PS. The phase behavior of 
the polymer blends was investigated by using differential scanning calo-
rimetry (DSC) to measure the glass transition temperature (T g) of the 
blends after the blends were annealed at a series of temperatures between 
150 and 400 °C. The enthalpy of mixing was also measured at 35 and 
68 °C. Because direct measurement of the enthalpy of mixing is not possi
ble, the required parameters were determined by using differential heats of 
solution measurements and Hess's law. (I) 

iPresent address: The Aerospace Corporation, Los Angeles, CA 90009 

0065-2393/84/0206-0017$06.00/0 
© 1984 American Chemical Society 
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18 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

The results of the annealing studied showed that, when PoCIS of mo
lecular weight 100,000 was blended with PS of molecular weight equal to 
or greater than 32,400, the blend could be phase separated. When the same 
PoCIS was blended with PS with a molecular weight equal to or less than 
26,700, the blend exhibited one T g and could not be phase separated. 

The results of the enthalpy of mixing experiments showed small but 
nearly always positive values. The molecular weight of the PS did not sig
nificantly affect these values. 

To explain these experimental results, we postulate that blends with 
the higher molecular weight PS have an hourglass-type phase diagram; 
that is, the upper critical solution temperature (UCST) and the lower criti
cal solution temperature (LCST) have merged. The temperature of this 
merger was determined to be about 550 K . The blends with the lower mo
lecular weight PS are single phase systems. As the molecular weight of the 
PS decreases, the U C S T decreases and the L C S T increases to the extent that 
both critical points are beyond experimental detection. Although a change 
in the critical points is theoretically predicted, this large a change as a 
result of such a small change in molecular weight has not been observed 
before. A change in the molecular weight of less than 4000 results i n separa
tion of the U C S T and L C S T by at least 250 °C. 

We combined the experimental results of Ryan with experimental va
por sorption results to conclude that the PS/PoCIS blend does exhibit both 
U C S T and L C S T behavior. In addition, we present theoretical evidence 
that the extreme molecular weight sensitivity of the U C S T and the L C S T is 
the result of the existence of a critical double point in this system. Sample 
calculations illustrate this theory. 

The familiar Flory-Huggins theory (2-4), which is based on a simple 
lattice representation for polymer solutions, can only predict the U C S T 
phenomenon. To predict the L C S T phenomenon, the differences in the 
equation-of-state properties of both pure components must be taken into 
account. Several theories (5, 6), including Flory's equation-of-state theory 
(7, 8), have been developed to describe both the U C S T and L C S T be
havior. 

The equation-of-state theory considers the role of free volume in poly
mer solution thermodynamics. Dur ing the mixing process, the free volume 
of each component is changed. A n intermediate value for the free volume is 
approached that is characteristic of the mixture. The difference in free vol
ume is particularly significant when the mixture consists of a polymer and a 
solvent. Polymers typically have very low degrees of thermal expansion and 
free volume compared to solvents. This difference is reflected i n different 
equation-of-state properties. The difference in free volume between poly
mers and solvents is independent of any chemical difference between the 
two components. 

The change in free volume results in an overall change in the total 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 19 

volume of mixing (AVM), the enthalpy of mixing (AHM), the entropy of 
mixing (ASM), and, therefore, also the free energy of mixing (AGM). In 
general, the overall volume decreases and results in a negative contribution 
to both the enthalpy and entropy of mixing. That is, 

AHM, f.v. < 0 (1) 

and 

A S M , f . v . < 0 (2) 

The total free volume (f.v.) contribution is predicted to be positive (9) 

AHM,fv - T A S M , f . v . > 0 (3) 

This free volume contribution has an unfavorable effect on mixing. It be
comes more significant as the temperature increases. The equation-of-state 
theory is thus able to predict phase separation as the temperature increases, 
L C S T . The U C S T is a result of a positive AHM arising from the breaking of 
like contacts and the forming of unlike contacts. This positive AHM effect 
decreases as the temperature increases. 

For a mixture of two polymers, the combinatorial entropy of mixing 
w i l l be very small. Therefore, usually a negative enthalpy of mixing result
ing from specific interactions is necessary to attain miscibility. Only if the 
free volume contribution is very small can a small positive enthalpy of mix
ing be tolerated. McMaster (10) has shown that in this case the polymer-
polymer system can exhibit both U C S T and L C S T behavior. W e believe 
that the PS/PoCIS system is such a system. 

Experimental 

Polystyrene. Two different molecular weight samples of PS with narrow dis
tributions were used. The lower molecular weight sample and characterization 
data were obtained from Pressure Chemical Company. The PS is atactic batch 
41220, prepared by anionic polymerization. The number average molecular 
weight (Mn) as determined by membrane osmometry is 15,000 ± 6% . The poly
mer was used as received without further purification, 

The higher molecular weight sample and characterization data were obtained 
from Goodyear Chemicals. It is anionically polymerized atactic PS sample CDS-S-
6. The Mn as determined by membrane osmometry is 80,800, and 75,300 as deter
mined by GPC. The weight average molecular weight (Mw) as determined by light 
scattering is 82,900, and 82,100 as determined by GPC. The polymer was dissolved 
in toluene, filtered through a very fine sintered glass funnel, precipitated into 
methanol, and then dried under vacuum at 80 °C for several days before being 
used. 

Poly (o-chlorostyrene). The polymer was synthesized by free radical poly
merization (J). The Mn as determined by GPC was 77,700; the Mw as determined 
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20 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

by GPC was 169,000. The polymer was then fractionated with a preparative GPC. 
The fraction used in the vapor sorption measurements had Mn = 100,500 and 
Mw = 147,100, as determined by GPC. 

Decahydronaphthalene (Decalin). The decalin, obtained from Fisher Scien
tific Company, was refluxed over LiAlH for 3.5 h at atmospheric pressure and 
180 °C. It was then distilled under partial vacuum at 83 °C. 

Film Preparation. Films containing PS, PoCIS, and their mixtures were cast 
from a methylene chloride solution onto aluminum pans. Initial polymer concen
tration in methylene chloride was approximately 4 % . The ratio of PS to PoCIS is on 
weight basis. This technique provided a sample that was thin, on the order of 0.1 
mm. The solvent was allowed to evaporate at room temperature for several hours. 
The films were then dried under high vacuum (10 ~ 4 mm Hg) at 80 °C for several 
days in an abderhalden drying tube. The absence of residual solvent was confirmed 
by a constant T g . 

Results and Discussion 

Vapor Sorption Studies. Vapor sorption technique is used to study 
the thermodynamic properties of polymer-solvent systems and polymer 
blends (II). A polymer solvent solution is allowed to come to equilibrium 
with pure solvent of known partial pressure. As a first approximation, the 
activity of the solvent is equal to the relative vapor pressure P/P°, where P° 
is the vapor pressure of the pure solvent. For this study, the approximate 
activities were corrected for deviation from the perfect gas law by using 
Equation 4: 

l n f l ! - In(P/P°) = (P - P°)/{RT(a/RT - j8)} (4) 

where a and β are the two van der Waals constants. The activity coefficient 
Οχ of the solvent in a binary or ternary solution is related to the chemical 
potential Δμ χ by 

In a ! = Αμι/RT (5) 

For a binary solution 

Αμχ/RT = Ιηφχ + [1 - l/r2]<t>2 + χϊ2φ2
2 (6) 

where φχ and φ2 are the volume fractions of the solvent and the polymer, 
with a degree of polymerization r2. The Flory-Huggins parameter is χ 1 2 . 
For a ternary solution (12, 13) 

Αμχ/RT = Ιηφχ + (1 - \/τ2)φ2 + (1 - 1/τ3)φ3 

+ (Xi202 + Χ13Φ3ΜΙ - Φι) ~ Χ23Φ2Φ3 (7) 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 21 

where subscript 1 refers to the solvent and subscripts 2 and 3 to the two 
polymers. The value of χ 2 3 of the two polymers can be calculated from 
three separate vapor sorption experiments, one with each of the polymer 
components separately and a third with the blend. 

Polymer-Solvent Systems. Two different molecular weight PS-deca-
l in systems were investigated, PS 15,000 and PS 80,000. The vapor sorption 
measurements were made at 80 °C. The Tg is 100 °C for both samples of 
PS. Once a certain amount of solvent has been absorbed, the PS is suffi
ciently plasticized so that the experimental temperature is now above Tg 

and the system is no longer glassy. Equation 6 is used to evaluate the χ 1 2 

parameter from the equilibrium sorption data of the plasticized systems. 
Results are shown i n Figures 1 and 2 for PS 15,000 and PS 80,000, respec
tively. The solid lines represent a linear least squares analysis of the data. 
The results are χ 1 2 = - 1 . 0 0 0 ! + 0.797 for PS 15,000, and χ 1 2 = -0 .565 
Φι + 0.688 for PS 80,000. The molecular weight of PS has a considerable 
influence on the composition dependence of χ 1 2 in the investigated compo
sition range. 

Vapor sorption measurements were also made on the decalin/PoCIS 
system. The Tg for PoCIS is 133 °C. Therefore, the polymer must absorb 
more solvent before the Tg is depressed below the experimental tempera
ture of 80 °C. The χ 1 3 parameter for the plasticized system is shown in 
Figure 3. The solid line is a linear least squares fit by X13 = - 1.42, Φι + 
1.144. 

0.9 

0.7 

Xl2 

0.5 

0.3 

9> 

J L_ 
0.1 0.2 

Φι 
0.3 0.4 

Figure 1. The concentration dependence of the χ parameter for the system 
CjoHjg/PS 15,000 as measured by vapor sorption experiments. 
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POLYMEB BLENDS AND COMPOSITE IN MULTIPHASE SYSTEMS 

Figure 2. The concentration dependence of the χ parameter for the system 
CioHxg/PS 80,000 as measured by vapor sorption experiments. 

Ι .2Γ 

Figure 3. The concentration dependence of the χ parameter for the system 
CioHig/PoClS as measured by vapor sorption experiments. 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 23 

Polymer-Polymer-Solvent Systems. Three different ternary systems 
were investigated: PS 15,000/PoClS/deealin wi th polymer-polymer ratios 
of 25:75, 50:50, and 75:25. The blend of the high molecular weight PS is 
an immiscible system, and Equation 7 does not apply. The values of X23, 
calculated by using Equation 7 and the previously determined values of χχ2 

and χ 1 3 , are shown in Table I. The χ 2 3 values show a considerable scatter. 
Except for the 25:75 systems the values are small and positive, an indica
tion for a possible absence of specific interactions. Because the χ parameter 
for the latter systems is negative, it is difficult to draw a definite conclusion 
regarding the presence or absence of specific interactions. The results are, 
however, clearly different from those of various other miscible polymer sys
tems where unequivocally negative values are found for the χ parameter 
(14-17). This difference indicates a much stronger interaction between 
both components of those blends than between PS and PoCIS. 

The variation wi th composition of the χ parameter is generally attrib
uted to a difference i n surf ace-to-volume ratio of the two components (18). 
This difference might be quite large for polymer-solvent systems. Our 
results on the polymer-solvent systems are i n agreement wi th this view
point. Accordingly, for two polymers that are very much alike, one does 
not expect a significant composition dependence of the χ parameter as 
found for the PS 15,000/PoClS system. 

A common criticism of mutual solvent techniques in general is that the 
solvent effect must be "subtracted out." The validity of this approach is 
questionable. The absolute quantities determined may not be accurate, but 
these experiments provide a great deal of qualitative information. The only 
alternative for determining polymer-polymer interactions is to investigate 
low molecular weight analogs. 

Enthalpy of Mix ing . According to the equation-of-state theory (7, δ) 
or the lattice f luid theory (5), the χ parameter consists of two contributions, 

Table I. Flory-Huggins Polymer-Polymer Parameter 
at 80 °C 

Percent PS 15,000 in Film X23 
75 0.31 

0.07 
0.35 
0.14 

50 0.04 
0.23 
0.23 
0.08 

25 - 0 . 4 3 
- 0 . 0 8 
- 0 . 6 3 
- 0 . 9 4 
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24 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

an exchange interaction term ( X 2 3 ) a n d a f r e e volume term. The X 2 3 contri
bution dominates the low temperature behavior. It is positive for dispersive 
forces and negative when specific interactions like weak hydrogen bonds or 
charge transfer complexes are present. The free volume contribution is pos
itive and becomes increasingly important at higher temperatures. A well -
known schematic representation for χ 1 2 as a function of temperature is pre
sented in Figure 4 (19, 20). Curve 1 shows the contribution to χ resulting 
from contact energy dissimilarities between components 1 and 2. This con
tribution is considered in both the Flory-Huggins theory and the equation-
of-state theory. In the absence of specific interactions, curve 1 decreases 
with temperature. Curve 2 shows the contribution to χ resulting from 
equation-of-state parameters for the two components. Curve 3 is the total 
of these two contributions. Figure 4 illustrates why the Flory-Huggins the
ory predicts only the U C S T and why the equation-of-state theory predicts 
two critical points: one as the temperature decreases, the U C S T ; and one as 
temperature increases, the L C S T . Figure 4 also illustrates that two poly-

Figure 4, Schematic representation of the temperature dependence of the χ 
parameter. See text for explanation of curves. 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 25 

mers with a specific interaction, that is a negative value for χ 2 3 , w i l l exhibit 
only an L C S T . Curve 1 w i l l not be applicable in this situation. 

The phase behavior of the system w i l l be determined by the value of 
the χ parameter. The following is the expression for the critical value of χ 2 3 

(12, 13) 

Xcr = i ( r i m + rzmf (8) 

where r2 and r 3 are the degree of polymerization for components 2 and 3, 
respectively. The system is miscible for all temperatures for which χ 2 3 ( Τ ) 
< x c r and partially miscible for all temperatures for which χ 2 3 ( Τ ) > x c r . 

The equation-of-state expression for the free energy of mixing can be 
written by using the Flory-Huggins expression where the χ parameter con
sists of two terms, an interactional term and a free volume term. 

AGMIRT = (φ21τ2) In φ2 + (φ31τ3) In φ 3 + χ 2 3 (Γ) φ 2 φ 3 (9) 

where φ2 and φ 3 are volume fractions of components 2 and 3, respectively. 
The enthalpy of mixing is related to the free energy of mixing by 

AHm = AGm - T(dAGJdT)P (10) 

Combining Equations 9 and 10 results in 

AHm = - Β Γ 2 ( θ χ 2 3 / θ Γ ) φ 2 φ 3 (11) 

The sign of the enthalpy of mixing is determined by the first derivative of 
the χ parameter. Prigogine and Defay (21) have shown that AHm is nega
tive near an L C S T and positive near a U C S T , unless an inflection point 
exists in the composition dependence of AHm. 

W i t h this in mind, the implications of Ryan's results become clear. 
Ryan (J) measured the enthalpy of mixing of PS/PoCIS at 35 and 68 °C for 
various molecular weight samples of PS while keeping the molecular 
weight of PoCIS constant. In nearly all cases a small but positive heat of 
mixing was found, wi th no clear dependence on the molecular weight of 
PS. These results show that 35 and 68 °C are in the temperature range in 
which a U C S T is possible. Consequently, blends of PS and PoCIS constitute 
an example of miscibility without specific interactions. McMaster (10) has 
already shown that this exceptional situation can occur if the exchange in
teraction contribution is sufficiently small and if the PVT properties of 
both components do not differ too much. 

Model Calculations. The analysis so far showed that the experimen
tal results for PS/PoCIS blends clearly point to the possibility of critical 
double points in these systems. Although we argued that the enhanced sen-
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26 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

sitivity of the phase behavior to a change i n molar mass is probably a result 
of this fact, such a small change may not indeed create a miscibility region 
of over 250 °C. A n obvious model to investigate this is given by Flory's 
equation-of-state theory (7, 8). 

The theory is based on the assumption that the degrees of freedom of a 
molecule in a l iquid can be separated into internal and external degrees of 
freedom. This assumption was first made by Prigogine (22). The external 
degrees of freedom per polymer segment are less than those for a similar 
small molecule. This condition is generally denoted as 3c (c < 1) external 
degrees of freedom. The internal degrees of freedom depend on intramolec
ular chemical bond forces. The external degrees of freedom depend only on 
the intermolecular forces. Each pure component is characterized by three 
equations-of-state parameters: the characteristic temperature (T*), pres
sure (p*), and specific volume (υ*ρ). O n the basis of these assumptions, the 
partition function for a system of Ν r-mers is: 

Ζ(Τ, V) = Z i n t ( T ) Z e x t (12) 

The partition function associated with the internal degrees of freedom Z i n t , 
is assumed to be density independent. It is unaffected by neighboring seg
ments i n the l iquid and therefore does not contribute to the PVT equation 
of state. The external contribution is equal to 

Z e x t = (2<irmkT/h2)SNc*l2Q (13) 

where 

Q = Q(comb)(47r7/3(u1/3 - v*m)m™exp(-E0/kT) (14) 

In these equations, m is the mass of one segment, k is Boltzmann's constant, 
h is Planck's constant, V is the total volume, ν = VlrN is the volume per 
mer, ϋ* is the hard core volume of the mer, Q is the configurational inte
gral, 7 is a geometric factor, and E0 is the mean intermolecular energy. 

The first term on the right of Equation 13 is a kinetic contribution that 
is omitted in Flory's original derivation. It was added by McMaster (10). 

The resulting equation of state is 

ρϋΙΤ = §ml(vm - 1) - ΙΙϋΤ (15) 

where the tilde (~) represents reduced parameters: ρ = ρ/ρ*; ϋ = υ/υ*; 
and Τ = TIT*. The three characteristic parameters, V * , p * , and T* , can 
be determined from the experimental values of the thermal expansion coef
ficient a , the thermal pressure coefficient γ, and the specific volume u s p . 
W i t h the aid of several combining rules, this theory is easily adapted to 
mixtures. The mer volumes υ* and uf are chosen in such a way that they 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 27 

have equal hard core volumes. The total number of volume dependent de
grees of freedom is 3rNc, where 

c = h^iCi (16) 

where φί is the segment fraction of component i. The additional parameter 
Ci2 introduced by L i n (23), which characterizes the deviation from additiv-
ity of the number of external degrees of freedom per segment i n the mix
ture, has been neglected here. 

The characteristic pressure of the mixture is defined as 

Ρ* = ΦίΡΪ + Φ2Ρ2 ~ l M 2 * 1 2 (17) 

where 0 2 is t n e surface fraction of component 2 and Χχ 2 is the exchange 
energy parameter for unlike interactions. The characteristic temperature is 
obtained from 

1/Γ* = ( l / p * ) ( i h f i p i + ^ 2 f 2 p l ) (18) 

Eichinger and Flory (24) have also added an entropie correction parameter 
Q12 to the theory to obtain better agreement between the theory and exper
imental results. It accounts for the entropy of interaction between unlike 
segments. This approach is consistent wi th Guggenheim's contention that 
intermolecular interactions are not entirely energetic in nature. 

By using the above combining rules, the equation of state for the two-
component mixture is found to be identical to Equation 15. 

The equation for the free energy of mixing for a multicomponent sys
tem is 

AGM = AHM - TASM (19) 

AGMIkT = Σ Ni In ̂  + Σ 3Γ<Λ^< - c) ln[(2irro< kT)m/h] 
i = 1 i = 1 
+ 3 Σ rMaMiv}13 - 1)/(C1/3 - 1)] 

i = 1 

+ rNv*lkT[ Σ i M , * ( 6 f 1 - ϋ~ι) 
i = 1 

+ Σ 'LMfiXqlô - Τΰ&„)] (20) 
/ = 2 i = 1 

The enthalpy of mixing is defined in Equation 10. For a binary system this 
is 

AHM = r t f e ' t o p f i e f 1 - v'1) + te*^1 - δ " 1 ) + Φ&Χώϋ] (21) 
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If the PVT data are independent of molar mass then the enthalpy of mixing 
is also independent of the molar mass of the polymer. Equation 22 is the 
same for Flory's original formulation without MeMaster's modification. 
The additional term added by McMaster is therefore an entropie contribu
tion. 

The chemical potential of each component in a multicomponent sys
tem is 

At low pressures, the last term of Equation 23 is very small and can be 
neglected. Substitution of Equation 20 into Equation 22 yields 

Δμχ/fcT = In φι + (1 - τι/ν2)φ2 + ^ιΦι&ι - c 2 ) l n ( m 1 / m 2 ) 1 / 2 

+ 3riciln[(v\'3 - 1)1 (vm - 1)] 

+ rivVkT[pf(d{1 - υ " 1 ) + 0|(X 1 2/t5 - TviQ12)] (23) 

for a binary system. 
The relation between the Flory-Huggins interaction parameter χ 1 2 and 

the exchange energy parameter X 1 2 is 

The application of the Flory equation-of-state theory requires the 
knowledge of the specific volume t) s p , the coefficient of thermal expansion 
a , and the thermal pressure coefficient y. W i t h these parameters, the char
acteristic parameters v*9 ρ*, and Τ* can be evaluated by using the follow
ing equations: 

Αμι,/kT = (daGM/dNK) + (dAGM/d§)(dd/dNK) (22) 

X i 2 = 3 r i ( c i - c2)ln(milm2)m + (3riCi/^l) 

l n [ ( i 5 } / 3 - 1)/(£ 1 / 3 - 1)] + (v*lkTtl) 

[ p f ^ f 1 - υ " 1 ) + θΙ(Χ12Ιϋ - TvxQi2)] (24) 

<> = + Τα)/(1 + 4αΤ/3)] 3 (25) 

6 = VsglvZp (26) 

Τ = ( ϋ 1 / 3 - 1)/ϋ 4 / 3 (27) 

Τ ΤΙ Τ* (28) 

ϋ2ΤΎ (29) 

Ρ ρ/ρ* (30) 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 29 

The PVT properties of PS have been investigated (26-33), but no PVT 
data are available for PoCIS. Only the specific volume is available for PoCIS 
(34). The equation-of-state parameters used for PS were those determined 
by Flory (33). The coefficient of thermal expansion and the thermal pres
sure coefficient for PoCIS were estimated to be 5-6% different from the 
values for PS. The coefficient of thermal expansion for PoCIS was taken to 
be 6 % larger than that of PS, because a survey of literature values for other 
polymers showed that dense polymers (those with small specific volumes) 
tended to have larger coefficients of thermal expansion than less dense 
polymers (35-37). The experimentally determined specific volumes show 
that PoCIS is more dense than PS. The thermal pressure coefficient was 
taken to be 5% less than the value for PS for the same reason. The PVT 
data and the characteristic parameters for PS and PoCIS are shown in 
Table II. 

The last quantity necessary for the ful l characterization of a mixture of 
the equation-of-state theory is Χψ the exchange energy parameter. The ex
change energy parameter X 2 3 is expected to be positive for a nonpolar sys
tem (38). O n the basis of the chemical similarities of the two components, 
one would expect that the value of X 2 3 would also be very small. The small 
positive value for the enthalpy of mixing determined by Ryan indicates that 
a very small but positive value for X 2 3 is appropriate for this system. This 
suggestion is further supported by the small positive values calculated for 
χ 2 3 . W i t h these facts in mind, we calculated spinodal curves for various 
values of X 2 3 . 

The simulated spinodals for PS of various molecular weights blended 
with PoCIS (100,000) with X 2 3 = 0.0225 cal/cm 3, Ç 2 3 = 0, and s2ls3 = 1 
are shown in Figure 5. The spinodals are located in the PS-rich region of 
the phase diagram. This finding is to be expected because the PS is the 
lower molecular weight component. 

As Figure 5 illustrates, the blends with PS of molecular weight 32,000 
or greater have an hourglass-shaped spinodal. When the molecular weight 
of the PS is dropped by only 2000, the blend is now miscible for all composi
tions between approximately 465 and 530 K . A further reduction of 1000 to 

Table II. Pure Component Properties at 200 °C 
Property PS PoCIS 

Vsp, cm3/g 
a X 10~ 4 , K _ 1 

1.033 0.877 Vsp, cm3/g 
a X 10~ 4 , K _ 1 5.80 6.30 
γ, cal/cm 3Κ 0.167 0.157 
P*, cal/cm 3 120 116 
Τ*, Κ 8697 8301 
V J , cm 3/g 0.839 0.706 
Mw variable 100,000 
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800| 1 1 1 1 « 1 1 1 » 1 

6 0 0 h 

T,°K 

400 -

2 0 0 h 

0 0.2 0.4 0.6 0.8 1.0 

Ψ PS 
Figure 5. Simulated spinodal for the PS/PoCIS system for the indicated mo

lecular weights of PS. 

PS 29,000 results in a U C S T at 380 Κ and an L C S T at 620 K . The L C S T is 
now above the degradation temperature. Figure 5 demonstrates that under 
the right circumstances the equation-of-state theory is capable of predict
ing the type of mixing behavior that has been proposed for PS-PoCIS 
system. 

The situation is more clearly illustrated in Figure 6. This figure shows 
the temperature dependence of χ for the PS-PoCIS blend with segment 
fraction equal to 0.5 and X 2 3 = 0.0225 cal/cm 3. This curve is equivalent to 
curve 3 in Figure 4. The χ is independent of molecular weight, if we assume 
that the equation-of-state parameters are independent of molecular 
weight. This assumption is considered reasonable for the molecular weight 
range under consideration here. Therefore, Figure 6 represents the χ vs Τ 
curve for all PS-PoCIS blends when X 2 3

 = 0.0225. The critical value of χ is 
very dependent on molecular weight as shown by Equation 8. The horizon
tal lines in Figure 6 represent the critical value of χ for PS with the indi 
cated molecular weight. The first intersection of a horizontal line with the 
curve represents the U C S T for that molecular weight system. The second 
intersection represents the L C S T . When the molecular weight of PS is 
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2. ZACHARIUS ET AL. UCST and LCST in a Polymer Blend 31 

^ 8 

800 

Figure 6. Calculated temperature dependence of χ parameter for the PS/ 
PoCIS system. The horizontal lines represent the critical values of the χ pa

rameter for the indicated molecular weights of PS. 

32,000, the L C S T and U C S T merge at about 490 K . The point at which the 
L C S T and U C S T merge is called the critical double point. A n y system wi th 
a PS molecular weight greater than 32,000 has no U C S T or L C S T ; the 
blend is immiscible. Clearly, the flatness of the χ vs. Τ curve in the vicinity 
of the critical double point is responsible for the large temperature change 
in the critical temperatures wi th very small changes in molecular weight. 

A l l predictions of the equation-of-state theory presented here for the 
PS/PoCIS blends have been based on estimated equation-of-state parame
ters for PoCIS. These predictions are intended to give a qualitative picture 
of the mixing behavior of the polymer blend. The numbers are significant 
only in terms of their relative magnitudes and signs. 

In summary, the experimental observations indicate the existence of 
both a U C S T and an L C S T in the PS/PoCIS system. The equation-of-state 
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32 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

theory has been used to show the connection between the occurrence of a 
critical double point and the enhanced sensitivity of the phase behavior to 
small changes in molecular weight. 
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3 
Phase Equilibria in Polymer Melts 
by Melt Titration 

M. T. SHAW and R. H. SOMANI 
Department of Chemical Engineering and Institute of Materials Science, Univer-
sity of Connecticut, Storrs, CT 06268 

The miscibilities of poly(methyl methacrylate) (PMMA) frac-
tions with poly(styrene) (PS) were measured by melt titration 
and found to depend on molecular weight, but not as 
strongly as anticipated from the Flory equation-of-state the-
ory. The observed miscibility ranged from 3.4 to 7.5 ppm as 
the molecular weight of the PMMA fraction changed from 
160,000 to 75,000. Fits of these data by the theory resulted in 
segmental interaction parameters (X12) for PS and PMMA of 
0.11 and 0.20 cal/cm3, respectively. Efforts to improve the 
agreement—obtain interaction parameters independent of 
molecular weight—centered on the correction of density and 
thermal expansion coefficient for molecular weight, and the 
introduction of a segmental entropy parameter (Q12). None 
of these refinements, however, was capable of removing the 
molecular weight dependence of X12.

T H E S C I E N C E A N D T E C H N O L O G Y O F P O L Y M E R B L E N D S cover a wide variety of 
topics that may often be usefully classified according to the physical nature 
of subject blend. T w o convenient categories are miscible blends (those wi th 
a single glass transition) and immiscible blends (those wi th two or more 
phases under normal conditions). 

Although the miscible blends often prove to be of great commercial 
interest, they are relatively rare. For this reason, growing attention has 
been focused on blends exhibiting limited miscibility. The phase behavior 
and properties of these blends are often sharply dependent on composition, 
temperature, and pressure, as wel l as on the details of the structure of each 
component. To unify these observations and to provide a sound basis for 
the design of new blends, scientists have developed a number of theories 
describing the phase behavior of binary polymer systems. This chapter re-

0065-2393/84/0206-0033$06.00/0 
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34 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

ports on a direct experimental assessment of the ability of one of these theo
ries to handle changes in molecular weight in a mixture of poly(styrene) 
(PS) and poly (methyl methacrylate) ( P M M A ) , a system of low miscibility 
under most conditions. 

Flory, et al . (J, 2) first described the usefulness of the equation-of-
state theory in the analysis of l iqu id- l iqu id phase equilibria and the calcu
lation of the thermodynamic functions of polymer mixtures. The Flory 
equation-of-state theory (3-8) has been shown to predict correctly the qual
itative nature of the phase diagram of polymer-polymer systems. McMas-
ter (5) showed, by using the theory, that the lower critical solution temper
ature (LCST) should be a common phenomenon i n high molecular weight 
polymer blends. Also, the dependencies of the phase diagram on factors such 
as molecular weight, thermal expansion coefficients, thermal pressure coeffi
cients, the interaction energy parameter, and pressure were discussed. 

The experimental study of phase equilibria of polymer blends is more 
difficult than that of polymer solutions or solutions of low molecular 
weight compounds. Consequently it has not been possible to catalog for 
many polymer-polymer systems the adjustable parameters present in the 
theory: the segmental interaction energy parameter X 1 2 and the interaction 
entropy parameter Ç 1 2 . In principle, if one has these parameters at hand, 
the entire phase diagram and many physical properties of the polymer mix
ture can be calculated by using Flory's equation-of-state theory. 

In Flory's theory, the interaction parameters ( X 1 2 and Q 1 2 ) are be
lieved to be characteristic of the polymer pair. These parameters are de
pendent only on the chemical structure of the components and are indepen
dent of the composition, temperature, and molecular weight. Zhikuan et 
al. (9) suggested that both X 1 2 and Q 1 2 may have some molecular weight 
dependence. W e used the melt titration technique (10-12) to determine the 
miscibility, at constant temperature and pressure, of two monodisperse 
P M M A samples i n PS. The results from the melt titration technique were 
used to evaluate the interaction energy parameter for these blends. A sig
nificant difference was found in the calculated interaction energy parame
ters for high and low molecular weight polymers. This difference could not 
be explained by incorporating the effect of molecular weight on physical 
properties (i.e., thermal expansion coefficient and density) of the polymer 
( P M M A ) . By using the average value of the interaction energy parameter 
(X 1 2 ) , the effect of the segmental interaction entropy parameter (Qi 2 ) on 
the computed phase diagrams was evaluated. These results lead to the con
clusion that either the interaction energy parameter or the interaction en
tropy parameter may have molecular weight dependence. 

Theory 

The Flory equation-of-state theory is based on an assumption first made by 
Prigogine (13) that the motions of a molecule in a l iquid can be separated 
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3. SHAW AND SOMANI Phase Equilibria in Polymer Melts 35 

into fully independent internal and external degrees of freedom. External 
degrees of freedom attributable to a monomer in a polymer chain are less 
than those for a similar small molecule. Thus, a monomer w i l l only have 
3C (C < 1) instead of three degrees of freedom. External degrees of free
dom are assumed to depend only on intermolecular forces, whereas inter
nal degrees of freedom are associated with intramolecular chemical bond 
forces. Flory assumed that the intersegmental energy arises from interac
tions between the surfaces of adjoining segments. O n the basis of these as
sumptions, a configurational partition function for the mixture is obtained 
and the free energy of mixing is evaluated by using the standard equations 
of statistical thermodynamics. The expression for chemical potential is then 
found by differentiating the free energy equation. For component 1 in a 
binary mixture this expression is given by Equation 1 (14). 

kT 
= Ι η φ ! + (1 - τλΙτ2)φ2 + f r i C i l n ·̂ 

m 

m 
v\13 - r 

riV* p» / J _ _ J_\ 02*12 _ a2 
kT 

yi/3 _ i 

y2/3 (y 1/3 1) 

P ' f i V * £ i ( 0 , V) 
kTV2 

(1) 

where 

rNj dp 
Vy\rk dNk 

+ 1 _ f ( V 1 / 3 - f ) 
y 2 y5/3(yl/3 _ y 

(2) 

NT = Ni + N2 

λ rJNJ 
Φί = ~2 

i = 1 

(3) 

(4) 

Φί = "à 
Σ Si r, Nt 

i = 1 

(5) 

m = φγττίγ + φ2ητ2 

C = φ\Οχ + φ2ο2 

(6) 

(7) 
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36 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Ρ* = φχΡΪ + φ2Ρΐ - φλθ2Χη (8) 

y * = y * = V f (9) 

In these equations, X 1 2 is the interaction energy parameter; Q i 2 is the inter
action entropy parameter; φι is the segmental volume fraction of the com
ponent i; Si is the surface per segment of component i; V*, T* , and P * are 
the characteristic volume, temperature, and pressure, respectively; and V , 
f , and Ρ are the reduced volume, the reduced temperature, and the re
duced pressure, respectively. 

To evaluate the chemical potential, the characteristic parameters V * , 
T*, and P* are needed. These parameters can be obtained from the physi
cal properties (density, thermal expansion coefficient, and thermal pres
sure coefficient) of the pure components by using the relationships 

y * = A 
Ρ 

1 + Ta 
(10) 

1 + 4Τα/3. 

Ρ* = V 2 Τγ (11) 

TV4'3 

Τ ' " ( V S T Ï j <12> 

where ρ is the density, a is the thermal expansion coefficient, and y is the 
thermal pressure coefficient. 

Experimental 

The melt titration technique, described in detail elsewhere (10-12), was used to 
determine the composition of PMMA in PS at equilibrium. A schematic diagram of 
the experimental apparatus is shown in Figure 1. The first component, PS, was fed 
to an extruder used as a mixer. At constant temperature (150 °C) and pressure, the 
second component, PMMA dissolved in methylene chloride, was added slowly at a 
constant flow rate. The presence of a second phase (at the cloud point composition 
or equilibrium composition) was detected by light scattering in a special die and 
optical system. The equilibrium composition was calculated from the location of 
the cloud point and the flow rate and concentration of the second component. 

One high molecular weight sample of PMMA (Mw 160,000) and one low mo
lecular weight sample (Mw 75,000) were used as second components. Both samples 
were obtained from Polysciences, Inc. The PS (Mw 520,000) was manufactured by 
Dow Chemical Co. (trade name Styron). 

Results and Discussion 

The results from the melt titration technique are listed in Table I. The mis
cibility of low molecular weight polymer is higher than the miscibility of 
the high molecular weight polymer, as expected. 
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3. SHAW AND SOMANI Phase Equilibria in Polymer Melts 37 

RETURN TUBE 

:SYRiNGE 
PUMP 

4ί 
Λ L 

DIE ρ,τ 

DETECTOR 

EXTRUDER 

Figure 1. Apparatus for melt titration technique. (Reproduced from Ref. 
10. Copyright 1981, American Chemical Society.) 

Table I. Melt Titration Results for PS/PMMA System, and Physical 
Properties of the T w o Components 

Physical Properties 

Polymer M v 

a Χ 104, 7, 
K-1 atm/K 

Melt 
Titration 
Results0 

p, Temp., φΡΜΜΑ/ 
g/cm3 °C PS Χ 106 

PSb 520,000 104 6.0800 7.23 1.01000 150 — 
P M M A C 160,000 100 5.0045 7.13 1.13415 150 3.4 
P M M A C 75,000 100 5.0095 7.13 1.13384 150 7.5 

Note: Si/So = 1.0 (Ratio of surface per segment of the two components.) 
°Ref. 12. 
fcRef. 10. 
ca Χ 104 = 5.0 + 7U/MW. Vsp = 0.670 + 5.0 X 10~4 Τ + (714 X 10~4 Τ + 4.3)1 Mw 

(Ref. 15 and 16) 

The Flory equation-of-state theory was used to evaluate the interac
tion energy parameter from the melt titration results. The physical proper
ties of the two components (the density, the thermal expansion coefficient, 
and the thermal pressure coefficient) used to calculate the chemical poten
tial are given in Table I. At equilibrium the chemical potential of each 
component in the two phases is the same. W e have two nonlinear algebraic 
equations that can be solved for the volume fractions of the two compo
nents on the two sides of the phase diagram by using a standard nonlinear 
optimization routine. A set of interaction energy parameter values was as
sumed and the equations for chemical potential were solved to obtain the 
equilibrium composition. The values assumed for X 1 2 were such that the 
resultant equilibrium compositions on one side of the phase diagram (that 
is, 02A) were close to the result from the melt titration. The interaction 
parameters from several trials were then plotted against logarithms of the 
calculated volume fractions. 

Figure 2 shows the results of these calculations for the P S / P M M A 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
03



38 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

(160,000) and PS/PMMA (75,000) systems. The relationship between X 1 2 

and log (ΦΜ) I s v e r y linear. This linearity allows the interaction energy pa
rameter for the polymer pair to be easily evaluated by straight line interpo
lation corresponding to the equilibrium composition (ΦΜ) obtained from 
the melt titration technique. From such an analysis, X 1 2 is equal to 0.20 cal/ 
c m 3 for the P S / P M M A (75,000) system and 0.11 cal/cm 3 for the PS/PMMA 
(160,000) system. 

McMaster has shown (5) that small differences in physical properties 
of the polymer components can have significant effects on the equilibrium 
compositions. To understand the difference in the X j 2 for the two polymer-
polymer systems, the effects of molecular weight on the density and the 
thermal expansion coefficient for P M M A were incorporated in the calcula
tion of equilibrium compositions. The interaction parameters were then 
reevaluated by using the same procedure. 

The results of this exercise were that the incorporation of molecular 
weight effects on density and expansivity can account for only a 5 % change 
in X 1 2 , whereas the experimental difference is about 90 %. The reason for 
this small change is that both P M M A samples have fairly large molecular 
weight and the difference in their physical properties is very small (Table 
I). The correction of the physical properties for molecular weight does pro-

0.22 r 

0,20 P*- -PMMA (75000) 

0.18 h 

Ί2 
0.16 
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3. SHAW AND SOMANI Phase Equilibria in Polymer Melts 39 

duce a quantitatively correct change; i .e. , the molecular weight depen
dence of the interaction parameter was reduced. 

The equilibrium composition of each component on the two sides of 
the phase diagram is also very sensitive to the interaction entropy parame
ter, Q 1 2 . The interaction entropy parameter takes into account the entropie 
contribution to the chemical potential other than the combinatorial term. 
To evaluate the effect, a value for Qï2 was assumed, and the corresponding 
equilibrium compositions were determined at various temperatures. These 
calculations resulted in a phase diagram (binodals) corresponding to each 
Ql2. 

Figures 3 and 4 show the phase diagrams for PS/PMMA (160,000) and 
PS/PMMA (75,000), respectively. Also shown is the equilibrium composi
tion obtained from the melt titration technique. If the experimental data 
are fit to the predicted binodal curves, a positive value of Q 1 2 (between 0 
and 0.0001 cal/cm 3 K) must be assumed for PS/PMMA (160,000) system. 
O n the other hand a negative value of Q 1 2 (between 0 and - 0.0001 cal/cm 3 

K) must be assigned to the PS/PMMA (75,000) system. Thus, at least at the 
low equilibrium concentrations characteristic of the PS/PMMA system, the 
interaction parameters must depend on molecular weight. 

300r 

200 

T, °c 

lOOh 

-15 

CURVE 
1 
2 
3 

Ί2 
ι 
\ 
I 
\ I 

\ 
\ 

Q„ , CAL/CM' 
O.OOOI 

0 
-0.0001 

I 
0 15 30 

L0G(* 2/(l.0-* 2)) 

45 

Figure 3. Calculated phase diagrams for PS/PMMA (160,000) system and 
experimentally observed cloud point (X) Xi% = 0.1591. Log scale is natu

ral log. 
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40 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

300r 2 
3 

200 

Τ, ° c 

\ 100 
CURVE Q|g .CAL/CM3K 

1 0.0001 
2 0 
3 -0.0001 

0 
-15 0 15 30 45 

LOG(*2/(I.O-4>2» 
Figure 4. Calculated phase diagrams for PS/PMMA (75,000) system and 
experimentally observed cloud point (X); Xj2 = 0.1591. Log scale is natu

ral log. 

Two points concerning the experiment should be added as caveats: 
Although the melt titration experiment can handle systems of low miscibil
ity, the linear mixing rules required for any equation-of-state theory may 
not be appropriate at the very low concentration found in this study. Sec
ond, concerning the solvent, a third component that may influence the 
phase behavior of the system (17), several tests have shown that the amount 
is very low and w i l l not concentrate in the second phase; however, exact 
solvent effects are not known. 

Conclusion 

The analysis of the results obtained from the melt titration technique by 
using Flory's equation-of-state theory gives two significantly different in 
teraction energy parameters (X 1 2 ) and interaction entropy parameters 
(Q 1 2 ) for the PS/PMMA (160,000) and PS/PMMA (75,000) polymer-poly
mer systems. The calculated difference i n X 1 2 could not be explained by 
incorporating the effect of molecular weight on the physical properties of 
the second component ( P M M A ) . Therefore, we conclude that either or 
both X 1 2 and Q 1 2 have some molecular weight dependence. A similar anal
ysis for the system ΡΕ/PS is i n progress. 
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3. SHAW AND SOMANI Phase Equilibria in Polymer Melts 41 

Nomenclature 

T* Characteristic temperature for component % 
P* Characteristic pressure for component i 
V* Characteristic volume for component i 
Pi Reduced pressure for component i 
Vi Reduced volume for component i 
Ρ Reduced pressure for mixture 
V Reduced volume for mixture 

V* Characteristic volume for mixture 
P* Characteristic pressure for mixture 

f Reduced temperature for mixture 
Ni Number of molecules of component i 

NT Total number of molecules i n mixture 
Si Surface area per segment for component i 
%i Segment surface area fraction for component i 
r{ Number of segments of component i 
Φι Volume fraction of component i 
Ci Degrees of freedom for component i 
C Degrees of freedom for mixture 

m{ Mass-per-segment for component i 
m Mass-per-segment for mixture 

X12 Interaction energy parameter 
Q12 Interaction entropy parameter 
Αμ{ Chemical potential for component i 

Κ Boltzman constant 
Τ Absolute temperature 
ρ Density 
a Thermal expansion coefficient 
7 Thermal pressure coefficient 
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A Comparison of Miscible Blend Binary 
Interaction Parameters Measured by 
Different Methods 

J. E. HARRIS, D. R. PAUL, and J. W. BARLOW 
Department of Chemical Engineering and Center for Polymer Research, 
The University of Texas, Austin, TX 78712 

Miscible blends of the polyhydroxy ether of bisphenol-A 
(Phenoxy) with a series of aliphatic polyesters were studied 
by melting point depression analysis and sorption to obtain 
the Flory-Huggins polymer-polymer interaction parameter, 
B. The Β values obtained from these measurements agreed 
well in sign, magnitude, and variation with ester repeat 
structure. These values also agreed with Β values measured 
calorimetrically for mixtures of low molecular weight com-
pounds with structures that are analogous to those of the 
polymers. These comparisons suggest that the same mecha-
nisms are responsible for the exothermic heats of mixing mea-
sured directly for the analog compounds and indirectly for 
the miscible polymer blends. For this general system, we sug-
gest that hydrogen bond formation between the hydroxyl 
group on Phenoxy and the ester moiety is probably responsi-
ble for the exothermic interactions and polymer blend misci-
bility observed. 

P R I O R I P R E D I C T I O N S O F W H I C H P O L Y M E R P A I R S w i l l form miscible binary 
mixtures must necessarily involve consideration of component molecular 
structure as it influences the thermodynamics of mixing and phase behav
ior, and of means to quantify the relationship between structure and inter
molecular interactions, so that calculations are possible. These efforts are 
hampered by a lack of good bases for mathematically describing specific 
interactions even in mixtures of low molecular weight materials. Another 
difficulty is a similar lack of quantitative measurements, primarily result-

0065-2393/84/0206-0043$06.00/0 
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44 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

ing from the poor theoretical bases and the inherent difficulties associated 
with direct measurements of excess thermodynamic functions (such as the 
heat of mixing), for high polymer mixtures. 

Despite these difficulties, progress can be made, by a combination of 
experimentation and thermodynamic reasoning, toward the initial goal of 
characterizing the intermolecular interactions in a thermodynamic con
text. These interactions can then be related i n a quantitative way to the 
structural features of the polymer molecules. For example, C r u z et al . (I) 
demonstrated a strong correlation between the ability of two polymers to 
form a miscible binary and the ability of low molecular weight analogs of 
the polymers to show exothermic heats of mixing. Similarly, the presence of 
exothermic heat of mixing has been demonstrated for several systems 
within the context of the Flory-Huggins equations for mixing as applied to 
the observed depression in the melting point of a crystallizable component 
in a miscible blend with increasing amorphous component content (2-5). 
These results have led to the conclusions that polymer pairs are miscible if 
they show exothermic heats of mixing and that entropie contributions to 
the free energy of mixing can be safely ignored (6, 7). 

Despite these conceptual successes, no quantitative comparison be
tween the magnitudes of heats of mixing observed for analog compounds 
and those observed from melting point depression of the crystallizable com
ponent in the blend has been obtained in these prior works for a variety of 
reasons. Nor has the assumption that the crystals i n the blend are thick 
enough to avoid melting point depression for morphological reasons (8) been 
thoroughly tested by obtaining the excess heat by some other experiment. 

This chapter presents a thorough study of interaction parameters ob
tained for several miscible blends of polyesters wi th the polyhydroxy ether 
of bisphenol-A (Phenoxy) (5) by melting point depression analysis, by a 
newly developed sorption technique (9), and by calorimetric measure
ments of analog compounds. This comparison w i l l demonstrate that, 
within experimental error, all three methods give consistent magnitudes 
for the interaction parameters. Also, the parameter varies with magnitude 
in a smooth consistent manner with the polyester chemical structure. This 
variation suggests an optimum density of carbonyl species on the polyester 
that maximizes miscibility with Phenoxy. 

Materials 

Six different aliphatic polyesters were found to be miscible wi th Phenoxy 
by Harris et al . (5). The properties of these materials, their abbreviated 
nomenclature, and their sources of supply are given i n Table I. Of these six, 
only poly(e-caprolactone) ( P C L ) , poly(l,4-butylene adipate) (PBA), and 
poly(ethylene adipate) (PEA) possessed sufficiently rapid crystallization 
rates to allow melting point depression analyses to be carried out. Simi-
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4. HARRIS ET AL. Miscible Blend Binary Interaction Parameters 45 

larly, only four materials, P E A , P B A , P C L , and poly(l,4-cyclohexane-
dimethanol succinate) (PCDS), showed sufficient thermal stability to allow 
sorption measurements to be carried out above their melting points. 

The structures and sources of the low molecular weight materials used 
as analog compounds of the polymers in the calorimetric determination of 
heats of mixing are shown in Table II. 

Analog Calorimetry 

A n adiabatic calorimeter, Figure 1, was employed to measure the heats of 
mixing for low molecular weight compounds with structures similar to 
those of the polymeric materials. This device was operated at 100 °C for all 
work. Its description and operation are thoroughly discussed elsewhere (I). 
Some insight into the mechanism for Phenoxy/polyester miscibility is sug
gested by the comparison of the magnitudes of the heats of mixing of the 
analog materials shown i n Figure 2. Diphenoxypropanol (DPP) has a 
chemical structure that closely simulates the Phenoxy repeat unit. The heat 
of mixing of D P P with the diethyl adipate analog of a polyester is signifi
cantly more exothermic than that of diphenoxyethane (DPE) . This result 
suggests that the formation of a hydrogen bond between the hydroxyl 
group on the Phenoxy repeat unit and the ester moiety on the polyester is 
responsible for the observed miscibility of Phenoxy w i t h a variety of 
aliphatic polyesters. 

Phenoxy is not miscible wi th all aliphatic polyesters. Therefore one 
expects that the sign and magnitude of the excess heat of mixing must vary 
in a logical way with the composition of the polyester. To the extent that 
miscibility of the polymers is dependent only on enthalpic interactions and 
to the extent that D P P is a reasonable analog for Phenoxy, the excess heat of 
mixing of D P P with various esters should vary with the carbonyl content of 
the ester. Some results are shown in Table III. Comparison of these excess 
heats with the ester structures in Table II leads to the conclusion that an 
optimum concentration of carbonyl content i n the ester exists for maximum 
interaction with D P P . 

A convenient, although empirical, way to express the ester composi
tion dependence on the heat of mixing with D P P is to first characterize the 
heat of mixing per unit volume through a binary interaction parameter, B, 
via 

AHm = φλ(1 - φλ)Β (1) 

where φγ is the volume fraction of D P P , and then to watch the variation of 
Β with the content of carbonyl or aliphatic groups in the ester. This method 
is illustrated by the solid line i n Figure 6 where a smooth trend exists wi th a 
maximum exothermic interaction occurring for linear esters containing a 
volume fraction of about 0.20 carbonyl ester moieties. This method of 
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48 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table II. Model Compound Information 
Designation Structure 

p p a 

PB a 

BB f l 

DMS f l 

DES 0 

DBS" 

DEA" 

DESb f c 

EPV a 

DPPC 

(MP, 81-2 °C) 

DPE C 

(MP, 95-6 °C) 

Ο 
II 

C H 3 ( C H 2 ) 2 C O C H 2 C H 3 

Ο 

C H 3 ( C H 2 ) 2 C O ( C H 2 ) 2 C H 3 

Ο 
C H 3 ( C H 2 ) 3 C O ( C H 2 ) 2 C H 3 

Ο Ο 

C H 3 C O ( C H 2 ) 2 C O C H 3 

Ο Ο 
Il II 

C H 3 C H 2 C O ( C H 2 ) 2 C O C H 2 C H 3 

O O 
Il II 

C H 3 ( C H 2 ) 3 C O ( C H 2 ) 2 C O ( C H 2 ) 3 C H 3 

O O 
Il II 

C H 3 C H 2 C O ( C H 2 ) 4 C O C H 2 C H 3 

O O 

C H 3 C H 2 C O ( C H 2 ) 8 C O C H 2 C H 3 

O 
C ( C H 3 ) 3 C O C H 2 C H 3 

CgH50CH£CH—CH£OCgH5 

O H 
C 6 H 5 O C H 2 C H 2 O C 6 H 5 

"Source: Pfaltz and Bauer. 
"Source: Eastman Organic Chemicals. 
cSource: Aldrich Chemical Company. 
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4. HARRIS ET A L . Miscible Blend Binary Interaction Parameters 49 

Figure 1. Schematic of solution calorimeter. (Reproduced from Réf. 1. 
Copyright 1979, American Chemical Society.) 

characterizing the carbonyl ester content in the ester differs somewhat 
from previous work (J), where the content of the ester was simply ex
pressed by the number fraction of aliphatic carbons to ester groups. It has 
the advantage, however, of more properly accounting for the differences in 
carbonyl moiety density between carbonyls on polymer molecules (no 
chain ends) and carbonyls on the low molecular weight esters. 

Melting Point Depression Analysis 

The melting point depression of the crystallizable component in a miscible 
blend can be used to estimate the interaction parameter Β between the 
blend components (5, 10, 11) via 

^ - U- - ^)|f- + ψ • « , (f - f ) m 
Rlm2 \ i m 2 i m 2 / ^ V / 2 « V2 \V2 ^1 / 

where component 2 is the crystallizable component, the polyester; T ^ 2 is its 
equilibrium melting temperature; ΔΗ^ΙΥ^ is its heat of fusion per unit 
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50 P O L Y M E R B L E N D S A N D C O M P O S I T E S I N M U L T I P H A S E S Y S T E M S 

Figure 2. Heats of mixing DE A with DPE and with DPP at 100 °C. 

volume of repeat unit for 100% crystalline material; V 2 is its molar vol
ume; and φ2 is its volume fraction i n the blend. For miscible blends of high 
molecular weight materials, V\ and V 2

 a r e large and Equation 2 can be 
rearranged to 

— BV2 

Tm2 - Tm2 = — T^2 Φί (3) 

from which Β can be directly evaluated by plotting T^ 2 - T m 2 vs φ\. Blends 
of low molecular weight materials can be similarly analyzed, if the molar 
volumes are known, by plotting the right-hand side of Equation 2 versus φ\. 
Figure 3 shows typical constructions that seem to follow Equation 3 insofar 
as a linear dependence is observed. Unfortunately, the molecular weights of 
the PBA and P E A used in this study are unknown. However, a rough esti
mate of these values made from intrinsic viscosities (Table I) suggests that 
they lie in the 2000-10,000 range. Table I V shows the Β values computed 
from the observed depression in melting point, the estimates of molecular 
weight, and literature values of A H 2 u / V 2 w via Equation 2. As shown here, 
the Β values computed by using the lower estimate of molecular weight are 
roughly 10 % lower than those calculated by assuming the higher molecular 
weight. This result is a natural consequence of the greater weighting given to 
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4. HARRIS ET A L . Miscible Blend Binary Interaction Parameters 51 

Table III. Heat of Mix ing of D P P W i t h Esters at 100 °C 

Compound 
Volume Fraction 

DPP 
Heat of Mixing 

(cal/mL) 
D M S 0.30 - 0 . 3 1 

0.45 - 0 . 3 6 
0.65 - 0 . 3 4 

D E S 0.21 - 0 . 3 0 
0.40 - 0 . 3 6 
0.46 - 0 . 4 0 
0.75 - 0 . 3 9 

D E A 0.26 - 0 . 3 7 
0.43 - 0 . 5 5 
0.57 - 0 . 7 6 
0.65 - 0 . 7 3 
0.76 - 0 . 5 6 

DBS 0.44 - 0 . 2 5 
0.56 - 0 . 2 8 
0.70 - 0 . 1 9 

DESb 0.34 - 0 . 4 4 
0.47 - 0 . 5 2 
0.59 - 0 . 4 6 

PP 0.35 - 0 . 2 2 
0.49 - 0 . 3 0 
0.60 - 0 . 3 2 

PB 0.31 - 0 . 0 4 
0.49 - 0 . 0 5 
0.66 - 0 . 0 4 

BB 0.31 + 0.08 
0.44 + 0.13 
0.69 + 0.08 

E P V 0.45 + 0.32 
0.48 + 0.25 

entropie contributions in Equation 2 because of the lower molecular weight. 
At any rate, the Β values do not change substantially with molecular weights 
greater than 2000. The primary contribution to the melting point depression 
is a result of enthalpic interactions that lead to negative Β values. 

These Β values are also shown in Figure 6 to vary wi th the carbonyl 
content of the polyester repeat structure in a manner that is similar in both 
trend and magnitude to the Β values obtained from heats of mixing data of 
the analog compounds. This comparison suggests that D P P is a reasonable 
analog compound for Phenoxy and that the mechanisms responsible for 
exothermic heats of mixing of analog compounds are also responsible for 
the melting point depression observed i n miscible polymer blends that have 
comparable structures. The additional observation that the Β values from 
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52 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

melting point depression studies are somewhat more negative than those 
from analog calorimetry may be indicative of the additional melting point 
depression that results from a reduction in crystalline lamella thickness as 
suggested by Hoffman and Weeks (8). This may also simply be a result of 
the inaccuracies in the measurements of melting point depressions and in 
the AH2UIV2u values used. 

Sorption Measurements 

In principle, many of the difficulties inherent in the melting point depres
sion method for obtaining polymer-polymer interaction parameters could 
be eliminated by following, instead, the deviations from tie line additivity 
of the equilibrium sorption of small concentrations of solvent probe mole-

Φ. 2 

Figure 3. Melting point depressions of PBA (Φ), PEA (A), and PCL (• ) in 
Phenoxy. (Reproduced with permission from Ref. 5. Copyright 1982, 

J. Appl. Polym. Sci.) 

Table I V . Estimated Β Values from Melt ing Point Depression Analysis 

System TS, 2 (°Q 
A H 2 u / V 2 u 

(callmL) Δ Η 2 ϋ
 ( C ) 

Β at T° 2 

(callmL) 

PBA/Phenoxy 61 34.5 - 37.5° 
- 35.0 6 

- 3 . 8 7 ° 
- 3 . 6 6 

PEA/Phenoxy 49 31.0 - 2 4 . 0 ° 
- 2 1 . 2 6 

- 2 . 3 1 ° 
- 2.04 f e 

PCL/Phenoxy 56 35.0 - 2 2 . 7 - 2 . 4 1 
aMolecular weight of polyester is assumed to be infinite. 
^Molecular weight of polyester is assumed to be 2000. 
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4. HARRIS ET A L . Miscible Blend Binary Interaction Parameters 53 

cules with blend composition. The governing equation for this method, via 
the Flory-Huggins analysis (12), is 

l n f l l = \ηφι + (1 - φχ) -h (1 - φ^χΐΒ (4) 

Xib = Χ12Φ2 + Χ13Φ3 - Χ23Φ2Φ3 ( 5) 

where a\ is the activity of the solvent vapor in equilibrium with the polymer 
(a quantity that is simply the ratio of the vapor partial pressure to that at 
saturation if the vapor is ideal) ; φ χ is the volume fraction of solvent sorbed in 
the polymer blend, φ2' and Φ3 are the volume fractions of polymer 2 and 
polymer 3 on a solvent free basis in the blend, respectively; and the parame
ters χ 1 2 , X13, and χ 2 3 are the interaction parameters associated with solvent 
1 and polymer 2, solvent 1 and polymer 3, and polymer 2 and polymer 3 
interactions, respectively. Of particular interest, the polymer-polymer in 
teraction parameter, χ ^ , is related to Β v ia 

Β = X2SRT/V, (6) 

where V\ is the molar volume of the sorbed solvent and Τ is the absolute 
temperature. 

Equation 4 suggests that the interaction parameter contributions w i l l 
be most important when the volume fraction of solvent i n the polymer, φ χ, 
is very small or when sorption is carried out i n the Henry's law region to 
yield 

Pi'PÎ = 0 1 = Φιβχρ(1 + χι* ) (7) 

At these operating conditions, the basic problem wi th conventional sorp
tion measurements using gravimetric techniques becomes clear. Relatively 
large quantities of polymer must be used to accurately measure the small 
increases in mass by sorption. The large polymer quantities lead to extraor
dinarily long equilibrium times because of the poor dif f usivity of solvents in 
most polymers (13-15). 

The solution to this problem is to use a vibrating piezoelectric crystal 
as a microbalance (16-18). A very thin, typically l-μιη polymer f i lm is de
posited from solution on the surfaces of a 7 - M H z piezoelectric crystal and 
carefully dried. The presence of the f i lm increases the mass of the crystal by 
about 0.1 mg and decreases its resonant frequency by about 12 k H z . Be
cause the frequency can be easily measured to within ± 1 H z , the crystal 
microbalance is theoretically capable of detecting a weight fraction pickup 
of solvent vapor by the f i lm as small as 8 X 10 ~ 5 . More typically however, 
uncertainties in frequency change caused by variations in temperature, 
pressure, coating uniformity and characteristics, and electronic drift (9) 
limit the absolute reproducibility of solvent weight fraction measurements 
to about ± 3 Χ Ι Ο " 4 for weight fractions of solvent in the 6 Χ 1 0 " 4 - 2 X 
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54 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

10 _ 2 range. More detail concerning the entire experimental system w i l l be 
published in the near future. Extreme care in all aspects of the measure
ment technique is required to achieve good reproducibility. If that care is 
taken, construction of an entire sorption isotherm in one afternoon is possi
ble because of the rapidity wi th which equilibrium is reached. 

Very little good quality data exists wi th which to compare the results 
of this method, especially i n the region corresponding to less than 5 % sol
vent uptake. Some idea of the quality of results can be obtained by examin
ing Figure 4. The interaction parameters for polyisobutylene with two sol
vents, calculated by using Equation 4 on a point by point basis, are 
examined and compared wi th the work of Bonner and Prausnitz (14), who 
used a quartz spring balance. Compared wi th their work, the piezoelectric 
microbalance method gives much more consistent values of the polymer-
solvent interaction parameter, χ 1 2 . Mult iple measurements for χ 1 2 gener
ally replicate within less than ± 0 . 0 5 units as compared to severe scatter 
when the quartz spring method is employed. Interestingly, at very low val
ues of solvent uptake the χ 1 2 values appear to become less positive. W i t h 
reference to either Equation 4 or Equation 7, this trend suggests that more 
solvent is being sorbed at very low levels of sorption than can be adequately 
predicted by the Flory-Huggins equation. H i l l and Rowen (19, 20) and 
Bonner (14) developed theories based on combined localized Langmuir 
sorption and bulk absorption to account for this behavior, which is present 

1 1 1 1 1 

1.0 • 

• • 
0.8 _ • 

• 

0.6 -

0.4 cP I 8 8 ° ° e ° θ 9 

D 

-

0 1 2 3 4 5 6 
WT. % SOLVENT 

Figure 4. Interaction parameters from sorption in polyisobutylene at80°C 
of benzene •) and of carbon tetrachloride (O). Closed symbols are 

results of Bonner and Prausnitz (14). 
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4. H A R R I S E T A L . Miscible Blend Binary Interaction Parameters 55 

in many polymeric systems. Of particular interest to this work is the obser
vation that χ 12 is nearly independent of solvent concentration for solvent 
uptakes greater than 1%. This is presumably the correct χ 1 2 and reflects 
the dominance of bulk sorption (12). 

Figure 5 summarizes values of χ ^ measured for Phenoxy-PBA blends 
and pure components with two different solvents at 115 °C, a temperature 
above the melting temperature of the P B A . Maximum solvent uptakes at all 
compositions were less than 7% at this temperature. This uptake corre
sponds to maximum solvent partial pressures of less than 750 mm H g , and 
the xifc values were found to be independent of solvent uptake for uptakes 
greater than 1 %. Of particular interest, here, is the positive deviation in 
Xx& from the tie line constructed through the pure component end points. 
This deviation suggests, by reference to Equation 5, that the Phenoxy/PBA 
interaction parameter, χ 2 3 , is negative, and its magnitude can be obtained 
as suggested in Figure 5 by constructing the best fit parabola through the 
data according to Equation 5. This procedure was used to obtain all of the 
χ 2 3 parameters for the miscible polyester/Phenoxy blends studied, and 
these results using the alternate form, Equation 6, are presented i n Figure 
6. Interestingly, the maximum deviations from the tie lines i n Figure 5 ap
pear to be independent of the solvent probe used. This result is expected, 

I , , , . 

VOL.% PSA 
Figure 5. Interaction parameters from sorption of carbon tetrachloride and 

dichloromethane in Phenoxy-PBA blends at 115 °C. 
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56 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

intuitively and on the basis of Equation 4. It does contrast with previous 
work using gas chromatography (21), however, and additional work w i l l 
be necessary to adequately resolve this issue. 

Summary 

Figure 6 summarizes the comparison of polymer-polymer interaction pa
rameters, B, and their variation with aliphatic carbon content in the ester 
structural unit. W i t h i n the limits of error, all three methods—analog calo-
rimetry, melting point depression, and sorption—give substantially the 
same values for Β despite the fact that these measurements were made at 
different temperatures ranging from 100 °C, for calorimetry, to 115 °C, 
for sorption, and at the melting temperatures of the various polyesters, 49-
61 °C. This observation suggests that the interaction parameter, B, is not 
strongly temperature dependent; a situation that is consistent with the idea 
that Β is negative as the result of hydrogen bond formation and wi th the 
idea that Β is primarily an enthalpic parameter wi th little or no entropie 
contribution. The consistency of observations also suggests that a V a n Laar 
type heat of mixing expression, Equation 1, used in the calorimetry experi-

PES (IMMISCIBLE) PHS (IMMISCIBLE) 

0 

ο 

^ - ι 
o 
Ο 

Où -2 

-3 

! τ I —1 ι I ι 
ΒΒ / 

- PB φ / 

-

• 
DMS 

° B S # / 
m ρρ 

DES / 
v · PCDS / 

-

-

ι 

ΡΕΑ 

I 

• 
ο 

>v çy · DESB 

PBA ° 
\ • 

1 1 1 1 

-

0.6 0 .7 0.8 0 .9 
VOL. FRACTION ALIPHATIC CARBON 

Figure 6. A comparison of B parameters obtained by sorption (O), calo
rimetry (Φ), and polymer melting point depression (A) vs the aliphatic con

tent of the esters and polyesters examined. 
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4. HARMS ET A L . Miscible Blend Binary Interaction Parameters 57 

merits as well as in the Flory-Huggins analysis of both melting point de
pression and sorption in blends, adequately represents the composition de
pendence of the heat of mixing to a first approximation. Final ly , these 
results reaffirm earlier conclusions (J) concerning the direct correspon
dence between analog calorimetry and polymer-polymer miscibility i n a 
fairly quantitative manner and reinforce the idea that polymer-polymer 
miscibility depends on the presence of an exothermic heat of mixing. 

The reasons for the "miscibility w i n d o w " of ester structure i n Figure 6 
are still not totally clear, although the shape of the curve does suggest some 
competition between exothermic and endothermic contributions to the 
heat of mixing. Attempts to model this behavior are currently being made 
and the results of this work w i l l be reported. 

Nomenclature 

Symbol Units Description 

οχ — Activity of solvent vapor i n equil ibrium w i t h 
polymer 

Β cal/mL Interaction energy density parameter 
ΔΗ 2 „ cal/gmole Heat of fusion per mole of crystallizable units i n 

semicrystalline polymer 2 
Ρ mm H g Pressure of solvent vapor 
ρο mm H g Saturation pressure of solvent vapor at tempera

ture Τ 
R cal/gmole K Ideal gas constant 
Τ K Absolute temperature 

K Equi l ibr ium melting temperature of polymer 2 in 
the blend 

K Equi l ibr ium melting temperature of pure poly
mer 2 

Vi mL/gmole Molar volume of component i 
mL/gmole Volume per mole of crystallizable units i n semi-

crystalline polymer 2 
Φί — Volume fraction of component i i n mixture 
Φί — Volume fraction of component i i n mixture on a 

solvent free basis 
Xij — Flory-Huggins interaction parameter describing 

interaction between components i and ; i n the 
mixture 

Xib — Flory-Huggins interaction parameter describing 
interaction between solvent 1 and the polymer 
blend 
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Compatibility Studies of Poly(vinylidene 
fluoride) Blends Using Carbon-13 NMR 

THOMAS C. WARD and T. S. LIN 

Department of Chemistry and Polymer Materials and Interfaces Laboratory, 
Virginia Polytechnic Institute and State University, Blacksburg, VA 24061 

Measurements of the degree of mixing at the molecular 
level between poly(vinylidene fluoride) and three vinyl 
polymers were obtained by using solid state 13C NMR. 
These measurements showed that the specific interactions 
were different for different carbons. High resolution solid 
state 13C NMR with magic angle spinning, proton dipolar 
decoupling, and cross polarization was applied to poly
(vinylidene fluoride) blends with poly(vinyl acetate), poly
(methyl methacrylate), and poly(vinyl methyl ether). Non-
decoupled fluorine-19 attenuation of the carbon-13 peak 
intensities was observed and indicated the extent of the 
mixing process. Varying sample preparation resulted in 
different degrees of intermolecular association. 

INTEREST I N P O L Y M E R - P O L Y M E R INTERACTIONS i n the solid state and the 
continued growth i n commercial applications of polymer blends have 
resulted i n the use of a number of experimental techniques to investi
gate polymer-polymer miscibility (I, 2). However, different methods 
reveal different facets of the nature of the mixing process; conse
quently, no single method has answered all the interesting questions at 
the molecular level (3, 4). Thus, we wanted to extend the range of the 
potential tools available for analysis in this important area and to com
pare the results to the previous efforts. 

Pulsed proton N M R experiments have been extensively used to 
study polymer-polymer miscibility through the measurement of the 
spin-lattice relaxation times (T x ) , spin-spin relaxation times (T2), and 
rotating frame relaxation times (T l p ) directly from the time domain 
free induction decay (FID) (5-7). However, high resolution frequency 

0065-2393/84/0206-0059$06.00/0 
© 1984 American Chemical Society 
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60 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

domain 1 H spectra i n the solid state are difficult to obtain because of 
direct nuclear dipolar couplings and strong chemical shift anisotropy 
that exists for samples in an immobilized matrix. W i t h the development 
of magic angle spinning (MAS) , heteronuclear dipolar-dipolar decou
pling (DD) , and cross-polarization (CP) techniques, high resolution 
solid state N M R instruments for examining some relatively rare nuclear 
spins, that is, those on carbon-13 and nitrogen-15, have become com
mercially available (8-11). 

We used the new N M R instrumental advances to examine polymer 
blends of poly(vinylidene fluoride) (PVF 2 ) from a molecular, and 
unique, point of view. H i g h resolution solid state 1 3 C N M R previously 
was used to study polymer-polymer miscibility through the measure
ment of T l 5 T 2 , Γχ ρ and other relaxation parameters, i n particular the 
cross-polarization transfer rates and nuclear Overhauser factors (12, 
13). 

For most solid organic polymers, the use of M A S i n combination 
with high power 1 3 C - 1 H dipolar decoupling and cross polarization w i l l 
result in high resolution carbon-13 N M R spectra. W i t h al l three tech
niques applied, however, polymers that contain an abundance of other 
types of nuclei wi th strong nuclear magnetic moments have spectra 
that usually w i l l be quite broad, or i n some eases completely feature
less, as a consequence of dipolar coupling between carbon-13 nuclei 
and the other nuclei. For instance, when P V F 2 is analyzed without si
multaneous decoupling of the fluorine-19, the 1 3 C frequency domain 
spectrum is completely devoid of peaks. Perhaps, therefore, a powerful 
method for investigating the miscibility of polymer blends containing 
P V F 2 might be the study of the intermolecular dipolar interactions be
tween the 1 9 F nuclei i n the P V F 2 and the 1 3 C nuclei i n the second 
polymer. Strong internuclear distance dependence would be expected 
for such forces. The major advantage of this experiment over the pre
vious 1 H - 1 9 F work (7) w o u l d be the quantitative and specific identifi
cation of all of the sites of interaction. If a polymer was indeed immis
cible wi th P V F 2 , then its 1 3 C - N M R signal intensities i n the " b l e n d " 
simply would be directly proportional to those shown by the pure poly
mer; the intensity reduction would be accounted for by sample d i lu
tion. O n the other hand, if a polymer was extensively and intimately 
intermixing with P V F 2 , then its 1 3 C - N M R signal intensities in the blend 
would be additionally attenuated by the 1 9 F coupling, if we assume an 
absence of 1 9 F decoupling. 

Magic angle spinning is primarily a technique for overcoming the 
effect of 1 3 C chemical shift anisotropies that result from multiple orien
tations of the nuclear moment wi th respect to the applied field. H o w 
ever, M A S can also decouple weak dipolar interactions, those interac
tions wi th strengths (in Hertz) less than that of the frequency of the 
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5. WARD A N D L I N Compatibility Studies with 13C NMR 61 

spinning (11, 12). The spinning rates i n our experiments were about 
2,0 k H z , and a l imit of the resolution of estimations of the intimacy of 
mixing was i n the range of 3-4 Â . Beyond this l imit M A S decoupling 
w i l l reduce any signal attenuation tendencies of 1 9 F on 1 3 C . 

M A S prevents the 1 3 C - 1 9 F dipolar coupling effect from being a 
simple broadening of the observed 1 3 C peaks. Once M A S is established, 
varying the spinning rate does not affect the lineshape of the central 
band; however, the location and intensity of spinning sidebands and 
the intensity of the central peak are modified. This central band 
lineshape is independent of the 1 3 C - 1 9 F internuclear distance. The es
sential concept is that the central band intensity will vary with the in
ternuclear distance. An account of this analysis may be helpful (27). 

Our purpose was to demonstrate a new approach to the study of 
polymer-polymer miscibility at the molecular level. In this regard, a 
series of polymer blends with P V F 2 that had been extensively explored 
by other techniques (14-19) was desirable. Future work will be di
rected toward other, less investigated blends, especially as functions of 
composition and temperature, and to further evaluations of the instru
mental factors affecting this work. 

Expérimental 

Sources and Characterization of Homopolymers. The PVF 2 (Mw 100,000), 
poly(methyl methacrylate) (PMMA) (Mw 800,000), and poly (vinyl methyl ether) 
(PVME) (Mw 18,000) were obtained from Polysciences, Inc. Our solution 1 3 C 
NMR spectrum of the PMMA showed it to be 75% syndiotactic. The pure PMMA 
was compression molded for the solid state NMR studies. The PVME solution 1 3 C 
NMR spectrum showed it to be 50 % syndiotactic. The PVME was packed neat into 
the NMR rotor. 

Polyvinyl acetate) (PVAc) (Mw 70,000) was obtained from Aldrich. It was 
about 65 % syndiotactic according to its 1 3 C NMR spectrum in solution. It was also 
compression molded for solid state NMR studies. 

Preparation of Blends. The PVF2/PMMA blends were prepared in three 
ways: with a melt extruder and with two mutual solvents, methyl ethyl ketone 
(MEK) and dimethyl formamide (DMF). The PVF2/PVAc and the PVF2/PVME 
blends were both produced by using DMF as the common solvent. 

Extruded blends were prepared on a CSI-MAX mixing extruder at 190 °C; 
residence time at 190 °C was relatively short (minutes). Blends using MEK as the 
common solvent were made by first dissolving the individual polymers at about a 
2-g/100 mL concentration, then appropriately mixing these solutions. When 
mixed, the solutions were clear in all proportions studied. These mixtures were 
poured into aluminum pans and subsequently air-dried for 2 days, followed by fur
ther drying in a vacuum oven for 24 h at room temperature. Blends using DMF as a 
common solvent were made by the same procedures as those using MEK, except 
that the mixtures were first dried in air for at least 1 week, then further dried in a 
vacuum oven for 48 h at room temperature. 

Melted- and-quenched PVF2/PMMA samples were prepared from solution 
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62 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

blends by first heating the dried blends in a vacuum oven at 190 °C until the PVF 2 

crystals totally melted, then immediately immersing the materials into liquid nitro
gen for 5 min. 

Films from all the above preparations were punched to form circular discs 
that were weighed and stacked into the MAS rotor. 

NMR. The DD/MAS solid state 1 3 C experiments were carried out at 15.0 
MHz on a JEOL-60Q spectrometer with a Kel-F "bullet" type rotor and approxi
mately 2.0-kHz spinning speeds at room temperature. For pure PVME and the 
PVF2/PVME blends, a single 90° pulse sequence was used (90° pulse = 7.6 #s). For 
pure PVAc and the PVF2/PVAc blends, and pure PMMA and the PVF2/PMMA 
blends, matched spin-lock cross-polarization transfer of protons of 33 kHz with 
0.75- and 3-ms single contact times were employed, respectively. Contact times, 
pulse delays, and the number of scans per spectrum will be discussed later. 

All the spectra were obtained from 1000 FT, with zero filling to a total of 4000 
points. A spectral width of 8000 Hz and an acquisition time of 64 ms were selected 
for all the spectra. Appropriate pulse delay times were used to ensure full relaxation 
between scans. 

NMR Signal Intensities and Number of Accumulations. The NMR signal in
tensities are assumed to be directly proportional to the number of total accumula
tions for each sample. However, when a large number of scans are stored by using 
only time domain accumulations, considerable deterioration of the accumulation 
efficiency may exist because of the limited computer bit number. The JEOL-60Q 
instrument employed a technique of progressive decrement of the A to D converter 
bit number to avoid data overflow. The dynamic range of the spectra was thereby 
reduced, which would make the assumption of signal-to-noise ratio (SIN) less reli
able, especially for the weak peaks. Thus, to avoid this problem, all the spectra 
were carried out at conditions such that the final A to D converter bit number re
mained at least five bits. Table I gives 1 3 C NMR signal intensities of PMMA ob
tained at various number of accumulations. The table shows that with our experi
mental conditions, the assumptions concerning SIN remained effective. 

The spectra were externally referenced to liquid tetramethylsiloxane (TMS), 
on the basis of substitution of hexamethylbenzene (HMB) as the secondary refer
ence and assigning 132.3 and 16.9 ppm to the shifts of the aromatic and aliphatic 
carbons, respectively, of HMB relative to liquid TMS. 

DSC. Thermal analysis of PVF 2 and its blends was carried out on a Perkin-
Elmer DSC-2 differential scanning calorimeter at a heating rate of 20 °C/min. 
Melting points were taken as the temperature at which the last detectable trace of 
crystallinity disappeared (14). 

Results 

Figure 1 shows the high resolution solid state 1 3 C N M R spectra of pure 
P M M A , P V A c , and P V M E . Peak assignments were made according to the 
respective solution spectra in the literature (20-22). Except for the methy
lene carbon of P M M A , all of the carbon resonances were separable from 
one another at half peak height. 

Figure 2 gives one example of how pure P M M A signals were attenu
ated when placed in a blend with P V F 2 . Spectra a, b, and c were obtained 
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64 POLYMER BLENDS AND COMPOSITE IN MULTIPHASE SYSTEMS 

200 150 100 50 0 

PPM DOWNFIELD FROM TMS 

Figure 1. The 15.0 DD-MAS solid state 13C NMR spectra of (a) PMMA— 
obtained from 1000 FID accumulations with a CP contact time of 3 ms and a 
pulse delay time of 3 s, (b) PVAC—obtained from 1492 FID accumulations 
with a CP contact time of 0.75 ms and a pulse delay time of 3 s, and (c) 
PVME—obtained from 4800 FID accumulations with a single 13C 90° pulse 

of 7.6 μ5 and a pulse delay time of 2 s. 

for P M M A , a 50:50 M E K blended P V F 2 / P M M A , and a 50:50 M E K , 
melted-and-quenched P V F 2 / P M M A blend, respectively. The number of 
accumulations (scans) of b and c were selected to ensure that the three spec
tra would have equal sensitivity (signal-to-noise ratio) if there was no inter
mixing between P V F 2 and P M M A . 

Sample calculations involving the chosen number of accumulations 
and the residual P M M A signal intensities in the blends are found i n Table 
II. A l l calculations are based on the following assumptions: the absolute 
signal intensity was directly proportional to the number of nuclei (weight 
of P M M A ) and to the number of accumulations; the sensitivity (S/N) was 
proportional to the number of nuclei and to the square root of the number 
of accumulations (23); and, finally, the data handling capabilities of the 
instrument computer were not l imit ing as the number of scans increased. 
Thus, for any particular carbon i n a blended polymer the ratio of expected 
signal intensity to observed signal intensity w i l l provide the percentage of 
attenuation that was ascribed to 1 9 F in the immediate vicinity of that car
bon, if all other factors of data reduction are assumed constant. 

Tables III, I V , and V present an analysis of the data i n terms of the 
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5. WARD AND L I N Compatibility Studies with 13C NMR 65 

~ 1 — 1 I I I — 

2 0 0 100 0 
p p m 

Figure 2. Signal intensity attenuations of PMMA in the PVF2/PMMA blends. 
Each is a 15.0-MHz DD-MAS-CP13C NMR spectrum, (a) PMMA, (b) 50:50 
PVF2/PMMA blend (MEK), and (c) 50:50 PVF2/PMMA blend (MEK, 

melted and quenched). 

Table II. Calculations of the Residual N M R Signal Intensities 

Samples PMMA PVF2/PMMA 
PVF2/PMMA 
(quenched) 

Weight, mg 463.2 411.9 390.6 
Weight fraction of 

P M M A 1.0 0.50 0.50 
Number of 

accumulations 640 3238 3600 
Relative sensitivity 

(calculated) 1.0 1.000 1.000 
Relative signal 

intensities 
(calculated) 1.0 2.250 2.372 

Signal intensities (experimental) 
(arbitrary unit) 

carbonyl 3521 5935 3466 
methoxyl 4294 5770 3572 
quaternary 4844 7463 4948 
α-methyl 1937 2999 2660 

Residual signal intensities ( % ) 
carbonyl 100 75 42 
methoxyl 100 60 35 
quaternary 100 69 43 
α-methyl 100 69 58 
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68 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

residual intensities of the various solid state 1 3 C signals of P M M A , P V A c , 
and P V M E , respectively, when each was blended with P V F 2 . The calcula
tions were based on peak heights. Essentially the same results were ob
tained when peak areas were substituted for peak heights. The melting 
points of P V F 2 in the blends as determined calorimetrically are listed in the 
tables. Also, various compositions and thermal and solvent histories are in 
dicated in the first two columns. 

Values in these three tables that exceed 100 % may do so for several 
reasons. Minor mass balance errors undoubtedly account for some scatter. 
For P M M A and its blends, repeated experiments indicated agreement in 
the 5-10% range as is shown in Tables V I and V I I . In other cases weak, 
incompletely resolved peaks (e.g., the methylene carbon of PVAc) are esti
mated to have somewhat larger uncertainty. Some of the relevant instru
ment pulse sequence parameters that had to be considered and may be rele
vant in this regard w i l l be discussed in conjunction wi th Tables V I I and 
VIII . The values greater than 100% are generally observed on all of the 
carbon peaks in the D M F cast films, regardless of blend; melting points of 
P V F 2 were also found to be higher in each case. This behavior was quite 
consistent and may be a result of a modification of the crystal form of the 
P V F 2 (at least four are known) that occurred on casting from D M F . Per
haps a modification of relaxation times, particularly Tfp, might then result 
in larger initial 1 3 C magnetization in each recorded pulse, which would 
lead to enhanced peak intensities for the case materials at equal calculated 
SIN ratios. 

Discussion 

Shifts of N M R Frequencies. As a result of the interactions between 
P V F 2 and the other polymers in the miscible blends, some shifting of vari
ous N M R peaks away from their initial frequencies as is observed in F T I R 
studies might be expected (15). However, because of the inherent resolu
tion limitation of N M R instruments in addition to the decreased sensitivity 
obtained with the miscible blends (signal attenuations), no significant 
N M R chemical shifts were induced by blending. The stereochemical m i 
crostructure of the vinyl polymers would help to obscure any such shift as 
well . 

N M R Signal Attenuations and Degrees of Intermixing. Tables III, 
IV , and V , show that the magnitudes of 1 3 C signal attenuations of P M M A , 
P V A c , and P V M E i n the blends with P V F 2 were in very good agreement 
with the melting point depressions of P V F 2 in the blends. The method of 
melting point depression has become accepted as an indicator of the degree 
of blend miscibility; for example, this number can be directly related to the 
polymer-polymer free energy interaction parameter (14, 24). Clearly, a 
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70 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table VIII. Residual N M R Signal Intensities of P M M A in the 25:75 
P V F 2 / P M M A Blend, Calculated from the C P Spectra wi th Various 

Contact Times 

^Time^ Residual13 C NMR Peak Intensities (%) 
(ms) Carbonyl Methoxyl Quaternary a-Methyl 

Ï 59 68 77 
3 63 (52)° 50 (45)° 54 (47)° 70 (66)° 
5 52 60 45 60 

Note: Pulse delay time = 3 s. 
a Calculated from Table II. 

macroscopic, thermodynamic observation is all that may be obtained i n 
this case. In comparison, N M R signal attenuations of any polymer blended 
with P V F 2 , as observed in our work, indicate to some extent the spatial 
proximity of that polymer to P V F 2 . W e w i l l show that intermolecular dis
tances for 1 3 C - 1 9 F dipolar coupling as observed by the present method were 
in the range of 3 to 4 A . At least for the blends that were examined, the 
methods of melting point depression and N M R signal attenuations pro
vided consistent indications of the extent of compatibility from very differ
ent experimental approaches. The data in Tables III, I V , and V for the 
three series of blends are discussed individually. 

P V F 2 / P M M A Blends. Without any thermal treatment, M E K was a 
better common solvent for blending than D M F ; attenuation of 1 3 C reso
nances was ni l in the latter case. Although the mixtures of P V F 2 and P M M A 
in D M F were clear, the dried samples of all compositions cast from D M F 
were totally immiscible as measured by both the N M R and D S C studies. 

Melting and quenching the blends appeared to improve miscibility ac
cording to the N M R work; P V F 2 crystallinity was undetected by D S C i n 
some of these samples. The differences in N M R signal attenuations between 
the MEK-blended and the DMF-blended samples wi th the same composi
tion became smaller after the melting and quenching process, although the 
miscibility remained poorer than that of the melt-extruded blends wi th the 
same compositions. 

For solvent-blended samples in the composition ranges studied, as the 
P V F 2 content increased, the P M M A 1 3 C signal attenuation became greater. 
For the melt-extruded blends, the one with medium P V F 2 content (50 % by 
weight) showed the highest degree of 1 3 C signal loss. 

P V F 2 / P V A c Blends. Compared to the P V F 2 / P M M A blends that 
used D M F as common solvent, the P V F 2 / P V A c blends made from D M F 
solutions had much better miscibility, as indicated by the N M R results in 
Table I V . Carbon-13 N M R signal attenuations of P V A c passed through a 
minimum as the P V F 2 content was increased. The loss of miscibility at the 
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5. WARD A N D LIN Compatibility Studies with 13C NMR 71 

higher P V F 2 content probably was a result of the higher degrees of P V F 2 

crystallinity in those blends. 

P V F 2 / P V M E Blends. In Table V , a summary of observations on the 
P V F 2 / P V M E blends is presented. Although both pure materials dissolve 
readily in D M F , the cast films were concluded to be totally immiscible by 
both the N M R and D S C results; this finding confirms previously observed 
data (19). The coincidence of signal intensities that are enhanced rather 
than diminished by the D M F casting sequence and elevated P V F 2 melting 
point is especially noticeable in Table V . 

N M R Signal Attenuations of Individual Carbons. The nature of the 
miscibility of both the P V F 2 / P M M A and the P V F 2 / P V A c blends previously 
has been attributed to a weak intermolecular "acid-base" association. In 
particular, an interaction was postulated between the acidic protons of the 
P V F 2 and the basic carbonyl groups for both P M M A and P V A c (15, 19). 
Knowing that the definition of miscibility in these N M R experiments has to 
be confined to approaches of dissimilar nuclei to within about 4 A , we 
might observe differing extents of N M R peak attenuations for each carbon. 
Depending on how much less than 4 À the contact actually was on the 
average, we could calculate an estimate of the specificity of interatomic 
mixing. 

Table II shows that, for the P V F 2 / P M M A blends, four resolvable 
peaks occurred in the spectra of P M M A ; the methoxyl carbon signal was 
the most attenuated, and the α-methyl carbon signal was the least attenu
ated. This difference in signal attenuation became more pronounced in the 
melt-and-quenched and the melt-extruded blends. 

In the P V F 2 / P V A c blends, the signal intensities of the two main chain 
carbons of P V A c seemed to be less attenuated than those of the two side 
chain carbons of P V A c , especially for the samples with higher P V F 2 con
tents. However, the initial peak intensities of the two main chain carbons 
were much weaker than those of the two side chain carbons (see Figure 1), 
partially because of the effects of tacticity. Thus, in view of the accuracy of 
the measurements, the uncertainty of any conclusion concerning the two 
main chain carbons is higher. 

N M R Signal Attenuations and Magic Angle Spinning Rates. The d i 
rect nuclear dipolar coupling constant, D , between a 1 9 F nucleus and a 1 3 C 
nucleus in a rigid lattice depends on both the internuclear distance r and 
the orientation of r wi th respect to the external magnetic field B0 : 

D ( 1 3 C - 1 9 F ) = 
% C 7 F ( 3 C O S 2 0 - 1) 

4ir 2 r 3 

where y c and y f are the magnetogyric ratios, and θ is the angle between r 
and B0. 
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72 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

If r is considered in angstrom units, then 

D ( i 3 C - 1 9 F ) = 5 6 8 ^ 2 ( 3 c o s ^ - 1\ ^ 

that is, 

D = 56815.2 (3C0S2^ " H z , if r = 1 À 

D - 7101.9 (3^~1) H z , tfr-2A 

D - 2104.2 (3 ^ ~ *) H z , i f r - 3 À 

D - 887.7 (3 CQS2/ " *) H z , i f r = 4 Â 

Both spin diffusion (among 1 9 F ) and molecular motions can reduce D to 
some degree. The maximum value of D would be realized when the angle 
dependent term in brackets is unity. 

Distance influences dipolar coupling, and this fact shows that the 
M A S itself can decouple long-range weak dipolar interactions; faster M A S 
decouples those of shorter range (i.e., estimations of miscibility in this 
study are limited by the chosen M A S rate). O n the other hand, an investi
gation of N M R signal attenuations of polymer blends containing P V F 2 over 
a wide range of M A S rates would generate an average concentration profile 
of the spatial distribution of those 1 9 F nuclei in the vicinity of any resolv
able 1 3 C nucleus. Unfortunately, because of the limitations of our equip
ment, the only comparison was at the spinning rates of 2.0 and 2.3 k H z . 
Some results for the melt-extruded P V F 2 / P M M A blends are shown in Table 
II. No significant spectral differences were seen at these two spinning rates. 
Because of the inverse third power dependence of the dipolar coupling on 
the internuclear distance, the expected effect is only (2.3/2.0)1/3 = 1.048 in 
magnitude. Consequently, the results are not surprising, given the limited 
frequency range. M A S rates as high as 15 k H z have been achieved by using 
helium as the driving gas (25). This result suggests that if the N M R signal 
attenuations were compared at, for example, the M A S rates of 16 and 2 
k H z , then a factor of two in the decoupling-distance relationship might be 
achieved to aid in the understanding of the internuclear distance questions. 

N M R Signal Attenuations and Relaxation Times. The technique of 
^ C ^ H cross polarization is not only used to rapidly polarize carbon mag
netization (by ~ T 1 H / T 1 C ) but also to achieve greater total nuclear mag
netic alignment wi th the applied field than would otherwise be possible. 
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5. WARD A N D L I N Compatibility Studies with 13C NMR 73 

Maximum enhancement of 1 3 C polarization at the end of the C P contact is 
by a factor of Mc = yn/jc Moc, where Moc is the polarization that would be 
generated in B0 after waiting several relaxation times, T 1 C . However, this 
optimal enhancement of Moc can be achieved only if Tfp » C P contact 
time » T C H (where T C H is the cross-relaxation rate) (10, 26). If 1 3 C nu
clear spin alignment varied with the composition of P V F 2 polymer system, 
then unfair comparisons of attenuation might result. A n equivalent state
ment would be that the 1 3 C relaxations might begin at different spin tem
peratures and attenuation calculations thus might be mistaken. 

Both the Tfp and the T C H are modulated by molecular motion. Thus, 
average molecular mobility for a component in a pure polymer and i n a 
polymer blend (especially highly miscible examples) conceivably might be 
different. Therefore, when we compare the N M R signal intensities from 
the C P spectra of a polymer and of its blends, these relaxation parameters 
have to be considered. In fact, any change of these relaxation times is an 
indication of the miscibility. The choice of C P time is especially important; 
comparing N M R intensities of a polymer and its blends from C P spectra i n 
which the same contact time was specified could be misleading depending 
on Tfp and T C H . Further investigation of this point was required to have 
confidence in the results. 

Tables V I and V I I list the 1 3 C - N M R peak intensities of the P M M A and 
the melt-extruded 25:75 P V F 2 / P M M A blends, respectively, obtained from 
spectra in which various C P contact times and different pulse delays were 
employed. Runs 1 and 5 were carried out at exactly the same conditions to 
show the reproducibility of our experiments. Run 3 used the same C P con
tact time as runs 1 and 5 but employed a longer pulse delay time. The 
results show that for both the P M M A alone and the blends, 3 s of pulse 
delay time is certainly long enough to ensure ful l repolarization of the pro
tons between the scans. 

From Tables V I and V I I , the spin-locked magnetization relaxed faster 
in the blends than in the pure P M M A polymer (i.e., Tfp is shorter in the 
blend than in the homopolymer). The C P contact time we used i n all the 
examples for the P M M A and its blends was 3 ms, which is not the optimum 
for all systems investigated. Only when there are regions of C P contact 
times such that the optimum C P sensitivity enhancement can be achieved 
(Tfp » C P time » T C H ) for both the homopolymer and its blends, w i l l 
the 1 3 C - 1 9 F coupling be the exclusive factor that would cause N M R signal 
attenuations. Further investigation of this point has shown that 3-ms con
tact time is close enough to optimum so that none of our conclusions are 
altered. Details of these new experiments w i l l be published elsewhere. The 
residual N M R signal intensities (Table VIII) of P M M A in the 25:75 melt-
extruded P V F 2 / P M M A blend were calculated from Tables V I and V I I for 
the C P spectra obtained at various C P contact times. Table VII I reveals 
that the res idua l 1 3 C N M R peak intensities calculated from the spectra wi th 
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74 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

3-ms contact time are greater than those found at an earlier date on the 
samples under the same experimental conditions (shown in Table II). In
formation in Table VII I came from the spectra recorded for the blends 
about 5 weeks after their preparation, whereas the facts reflected in Table 
III were calculated from spectra obtained for the blends within 2 days of 
their preparation. The aging of the blends is apparent from this data. 

Of further interest in Table VI I I is that although the absolute values of 
the numbers are different, the same trend was found i n each contact time 
series when various carbons were compared. Further exploration of the k i 
netics of the events suggested by Table VI I I is warranted. 
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6 
Effect of Molecular Weight on Blend 
Miscibility 
A Study by Excimer Fluorescence 

STEVEN N. SEMERAK and CURTIS W. FRANK 
Department of Chemical Engineering, Stanford University, Stanford, CA 94305 

Excimer fluorescence from a guest polymer blended with a 
nonfluorescent polymer host is used to study the influence of 
the molecular weight of the two components on the miscibil
ity. The ratio of the excimer to monomer emission intensities, 
ID/IM, for poly(2-vinylnaphthalene) (P2VN) is measured in 
blends with polystyrene (PS). Differential scanning calorim
etry (DSC) is employed to establish conditions for miscibility 
in 35 % P2VN/PS blends from which a criterion for miscibil
ity in low concentration systems may be inferred. Increases in 
ID/IM above the values expected for miscible systems that oc
cur with increased host molecular weight or guest concentra
tion are analyzed using Flory-Huggins theory. An interac
tion parameter of 0.020 ± 0.004 is consistent with the 
fluorescence results over a relatively narrow concentration 
range. 

T H E STUDY OF P O L Y M E R B L E N D S has received considerable attention (1-5) 
because of the variety of bulk properties that may potentially be obtained 
at a lower cost than the production of a new homopolymer or copolymer 
(6). As a consequence, existing characterization procedures for polymer 
blends have been improved and new techniques have been developed. 
These techniques have been extensively reviewed elsewhere (1-5) and w i l l 
not be considered again. 

Criteria to be satisfied by any new method are the following: 

1. Concentration sensitivity sufficient to allow the study of 
blends containing 0.5 % or less of the minor polymer compo
nent. The study of low concentration polymer solutions has 
formed an invaluable part of polymer physics. Similar stud
ies of low concentration polymer blends most likely w i l l be 
equally fruitful. 

0065-2393/84/0206-0077$07.00/0 
© 1984 American Chemical Society 
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78 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

2. Detectability of phase sizes of 10 nm. This small-scale mor
phology may significantly influence the mechanical proper
ties of a blend (7). 

3. The ability to characterize both miscible and immiscible 
polymer blends. The former case requires a measure of the 
coil size of the dispersed polymer or the second virial coeffi
cient. In the latter case, such quantities as the phase size, vol
ume fraction of each phase, and the nature of the interface 
between phases are desired. 

4. Simplicity of sample preparation, compatibility of prepara
tion and measurement techniques with the processing and 
environmental conditions encountered normally, and appli
cability of the characterization technique to a broad range of 
polymer blends. 

Growing evidence indicates that excimer fluorescence provides a tool 
that can meet all of these requirements. A n excimer may be formed be
tween two identical aromatic rings in a coplanar sandwich arrangement, if 
one of the rings is in an electronically excited singlet state (8-10). Excimers 
have a lifetime in the range of 10-100 ns, and their fluorescence spectra 
exhibit a characteristic broad Gaussian shape at lower energy than the f lu
orescence of an isolated aromatic ring. The fluorescence of such an isolated 
chromophore is called monomer fluorescence, to distinguish it from exci
mer fluorescence. A convenient experimental measure of excimer fluores
cence is the ratio of excimer to monomer emission intensities, / D ^ M ? ob
tained under photostationary state conditions. 

The process of intermolecular excimer formation may be directly used 
in the study of low concentration polymer blends by mixing a small amount 
of a fluorescent aryl vinyl polymer (called the guest) wi th a nonfluorescent 
polymer (called the host) that is transparent to the wavelength of U V light 
required to excite the guest. Because aryl vinyl polymers contain one chro
mophore for each repeat unit in the polymer, they are readily detectable at 
low concentration. Furthermore, for a given extent of phase separation of 
the guest polymer, the largest number of intermolecular excimer-forming 
sites (EFS) w i l l be generated when the guest is an aryl vinyl polymer. The 
minimum detectable phase size in such an experiment is of the order of the 
intermolecular distance in the pure chromophore-bearing compound. F i 
nally, a variety of aryl vinyl polymers can be readily synthesized. 

The objective of this chapter is to examine the dependence of IDI1M for 
a particular guest polymer upon the molecular weight of the host. By low
ering the host molecular weight, it should be possible, at some point, to 
reduce or even eliminate immiscibility with a particular guest. 

This chapter complements and extends two previous studies in which 
fluorescence spectroscopy (11) and differential scanning calorimetry (DSC) 
(12) were used to examine the blend thermodynamics. In these studies, 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 79 

three different poly(2-vinylnaphthalene) (P2VN) guests (molecular weights 
21,000, 70,000, and 265,000) were blended wi th eight different polysty
rene (PS) hosts (molecular weights 2200-390,000). In the earlier work, the 
guest concentration was quite low, 0.3% or less. In the present study, how
ever, concentrations up to 30% are considered. The significant contribu
tion of this work is the demonstration that, for all concentrations exam
ined, a single interaction parameter for the P2VN/PS pair may be extracted 
from the fluorescence data. Also, by combining the results of D S C and flu
orescence spectroscopy, the absolute phase behavior of al l the P2VN/PS 
blends has been determined. 

Experimental 

The polymer samples, solvent casting procedure, and spectrofluorimeter have been 
described previously (11). The only exceptions in the present work were that blends 
containing 3 and 30 wt % P2VN (21,000) were examined under frontface illumina
tion to minimize self-absorption. In addition, the 3 and 30 wt% blends were dried 
for only 9-12 h, rather than the standard 16-h time, to eliminate crazing. 

Blend samples that were examined by DSC were prepared in the same manner 
as those prepared for fluorescence work. Al l DSC samples were annealed at 453 Κ 
for 20 min to remove any residual toluene casting solvent and to allow the sample 
to flow into the bottom of the pan. DSC thermograms for the samples were ob
tained with a Perkin-Elmer DSC-2 calorimeter operating at a heating rate of 20 
K/min. 

Review of Fluorescence Studies of Blends Containing Aryl Vinyl 
Polymers 

W e present a brief review of earlier blend work to place the excimer 
fluorescence technique in perspective and also justify the selection of P 2 V N 
as the guest polymer for detailed study. 

Before 1979, only a few systematic studies of the excimer fluorescence 
of blends containing aryl vinyl polymers were reported. Although PS was 
the first polymer to be studied in pure films or i n solution (13-16), no stud
ies of PS in polymer blends were made during this period. Poly( l -v inyl -
naphthalene) (P1VN) was the next polymer to be studied i n pure films (17, 
19) and in solution (14,18,19). Fox et al . (19) gave brief qualitative results 
of the excimer fluorescence of poly(methyl methacrylate) ( P M M A ) blends 
containing 0.01-40% P 1 V N . A t about the same time, pure films (19, 20) 
and solutions (19-21) of P 2 V N were first studied. 

The P 2 V N excimer fluorescence of several P2VN/PS blends was also 
recorded (20, 22-24). These blends were prepared by polymerization at 
393 Κ of styrene that contained about 0.1 % P 2 V N (20) or by f i lm casting 
from a benzene or chloroform solution containing P 2 V N and PS i n the ratio 
0.2:100 (w/w) (22-24). Frank (23) noted that solvent-cast P2VN/PS blends 
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80 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

containing 1 % or more P 2 V N were visually immiscible. Such immiscible 
systems were not included in this study of P 2 V N excimer fluorescence from 
P2VN/PS blends at temperatures near the glass transition temperature of 
PS. In a study of the effect of P 2 V N molecular weight on the P 2 V N excimer 
fluorescence of solvent-cast P2VN/PS blends, Nishijima et al . (24) found 
anomalously high excimer fluorescence for P 2 V N molecular weights above 
140,000 that they attributed to phase separation. 

Preliminary studies on the pure-f i lm and solution fluorescence of 
poly(4-vinylbiphenyl) (PVBP) (25), poly(2-vinylfluorenone) (26), poly(2V-
vinylcarbazole) (PVK) (27, 28), poly(acenaphthylene) (PAN) (19, 21, 29), 
and poly(vinylpyrene) (30-32) were reported. Of these polymers, only 
P V B P (25) was studied in polymer blends. These benzene-cast blends con
tained 0.2% P V B P i n PS or P M M A , and the P V B P excimer fluorescence 
was unaffected by the polymer host. However, the P V B P molecular weight 
was not given i n this study (25). 

Except for the comments by Frank (23) and Nishijima et al . (24) on 
the possibility of phase separation in the polymer blends, all the pre-1979 
studies of aryl vinyl polymers in blends (19, 20, 22-25) tacitly assumed that 
the fluorescent guest was miscible wi th the host. This assumption also ap
peared i n related studies of chromophore-bearing polymers i n blends wi th 
nonfluorescent hosts. A typical example of a copolymer guest study is the 
work of Reid and Soutar (33) on the depolarization of the fluorescence of 1-
vinylnaphthalene-co-methyl methacrylate copolymers dispersed at low 
concentration i n P M M A . North and Treadaway (34) examined the interac
tion between a polymeric guest (PVK) and a low molecular weight guest 
(anthracene), both dispersed at low concentration (<0.1%) in a PS or 
P M M A host. Despite the importance of the "miscible-blend" assumption in 
these reports, the morphology of the blends was generally not verified by 
other experimental or theoretical means. 

By 1979 the focus of studies of aryl vinyl polymer blends had shifted 
away from the details of the photophysics of the blends and moved toward 
the morphology of the blends. Frank et al . (35, 36) studied P 2 V N excimer 
fluorescence from a series of poly(alkyl methacrylate) hosts containing 
0.2% P 2 V N . When the fluorescence ratio IDIIM w a s plotted versus the sol
ubility parameter of the methacrylate hosts, a smooth curve possessing a 
distinct minimum was observed. Similar results for methacrylate blends 
containing P V B P and P A N were also reported (36). 

The fluorescence behavior of 0.2% P V K dispersed i n PS, P M M A , and 
poly(isobutylene) was studied by Chryssomallis and Drickamer (37). The 
spectrum of P V K , in contrast to P 2 V N , consists of the emission from two 
excimers and does not show any monomer (i.e., iV-ethylcarbazole) emis
sion. The ratio of the low energy excimer intensity to the high energy inten
sity, ID2^DU declined in the following order at atmospheric pressure: P V K / 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 81 

poly(isobutylene), neat P V K , P V K / P M M A , and PVK/PS. A l l these blends 
were reported to be clear. 

In a similar study of PVK/PS and P V K / P M M A blends, Johnson and 
Good (38) found that IMIIM for P V K / P M M A was lower than for PVK/PS, 
a contradiction of the previous report. Moreover, for a P V K molecular 
weight of 84,000, Johnson and Good (38) reported that the 0.2% P V K / 
P M M A blend was optically hazy. They concluded that ID2^DI should in
crease with increasing miscibility for blends containing less than 10% 
P V K . 

In spite of the disagreement, both P V K blend studies (37, 38) show 
that the spectral parameter J W ^ D I is o n A V about two or three times larger 
for neat P V K compared to low-concentration P V K blends. By comparison, 
IDIIM for neat P 2 V N was found (36) to be 10-20 times larger than ID^M f ° r 

low concentration P 2 V N blends. A large spectral change between neat 
guest polymers and their low concentration P 2 V N blends. A large spectral 
change between neat guest polymers and their low concentration blends 
with miscible hosts is essential for good sensitivity to phase separation. 
P 2 V N is superior to P V K in this regard. 

Results 

Fluorescence Spectroscopy and Optical Clar i ty . S E L E C T I O N O F 
B L E N D SYSTEMS FOR STUDY B Y T H E E X C I M E R F L U O R E S C E N C E T E C H N I Q U E . A 
general goal of this work was the continued development of the excimer 
fluorescence technique for the study of low concentration (0.5% or less) 
blends. The ideal blend system for this study should be miscible over some 
part of the low concentration range and immiscible at other concentra
tions. At the outset, however, it was not known how low the experimental 
detection limit of the excimer fluorescence technique would be. 

The first task was to select the guest polymer from P 2 V N and PS, the 
most widely studied aryl vinyl polymers. Despite the disadvantage of being 
relatively exotic, P 2 V N was chosen as more suitable for a study of phase-
separated blends. In addition to the potentially large spectral changes pos
sible upon phase separation, P 2 V N (39) possesses a larger total quantum 
yield (0.13) in solution than the alternative polymer, PS (40, 41) (quantum 
yield, 0.025). Moreover, the longest wavelengths at which P 2 V N and PS 
may be excited efficiently are 290 and 260 nm, respectively. This difference 
permits the use of a wider variety of host polymers and solvents wi th P 2 V N 
relative to PS. Finally, recent calculations of conformational statistics (42, 
43) have shown that the rotational dyad structure of P 2 V N is similar to PS, 
so that there is no disadvantage in choosing P 2 V N . 

The host polymers were selected as follows: First, all host polymers 
were required to be in the glassy state at room temperature, to minimize 
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82 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

the complications induced by different local viscosities on the photophysics 
of the guest. Second, host polymers that were shown earlier (35) to be 
grossly incompatible with P 2 V N were ruled out. At this point, a major 
question arose on the absolute miscibility of the P 2 V N blends. Clearly, if 
the excimer fluorescence technique alone were to be used, the results could 
only be interpreted in a relative way. However, the only way that an addi
tional technique such as D S C would be helpful in determining the miscibil
ity of low concentration blends requires a P 2 V N blend with a large margin 
of miscibility, so that a 35% blend would still be miscible. Detection of 
miscibility for the high concentration blend by D S C would imply that the 
low concentration blend was also miscible. The problem with this absolute 
procedure is that it requires an extraordinarily miscible blend system, 
which is generally nonexistent among commercially available polymers 
having molecular weights above 10,000. 

This problem was solved by using the experimental parameter of host 
molecular weight. By lowering the host molecular weight to about 1000, a 
number of high concentration P 2 V N blends made wi th these host oligo
mers were found to be miscible by D S C . As a result, the miscibility of all 
the P 2 V N blends studied has been placed on an absolute basis, in contrast 
to the earlier studies. ( II , 12). 

The choice of PS as the host polymer was dictated primarily by the 
availability of well-characterized, low molecular weight samples. Further
more, PS is commonly chosen to provide a glassy matrix at room tempera
ture for studies of the luminescence of small molecules. PS absorbs light 
very weakly at 290 nm (44): the optical density, l o g 1 0 (loll), of PS relative 
to P 2 V N (45) at 290 nm is 1 0 " 4 : 1 , so that only about 3 % of the exciting 
light is absorbed by PS in a 0.3 w t % P2VN/PS blend. Final ly, the glass 
transition temperatures of the PS hosts lie between 368 and 388 Κ for M > 
100,000 and are always greater than 298 Κ even for the lowest molecular 
weights. 

As in the majority of previous fluorescence studies of polymer blends 
(19, 22-25, 33-38), our samples were prepared by solution casting. In this 
procedure, a f i lm of a solution of the two polymers in a common solvent is 
spread onto a flat surface and the solvent is allowed to evaporate. Solution 
casting avoids the harsh conditions of shear mixing and allows the prepara
tion of small (9 mg) samples. A drawback of solution casting, however, is 
that the blend morphology may be affected by the casting solvent. For ex
ample, different casting solvents can produce both miscible and immiscible 
blends of PS with p o l y v i n y l methyl ether) (PVME) (46, 47). 

Gelles and Frank (48) used the excimer fluorescence of PS in such 
blends to observe a substantial increase in the ratio IQ/IM for visibly phase-
separated blends relative to miscible blends. The casting solvents employed 
were tetrahydrofuran and toluene, respectively. O n the other hand, the 
previously mentioned studies of P V K blends revealed no clear-cut differ-
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 83 

ence between the casting solvents dichloromethane (37) and benzene (38). 
Similarly, a fluorescence study on the relaxation behavior of solvent-cast 
P2VN/PS blends (23) reported no difference between the casting solvents 
chloroform and benzene. 

Consequently, all of the blends we used were prepared from a single 
casting solvent, toluene. Toluene was selected as the casting solvent be
cause this choice permitted a direct comparison of our results wi th a num
ber of previous P 2 V N blend studies (22-24, 35, 36) in which the casting 
solvent was benzene or toluene. 

E F F E C T O F M O L E C U L A R W E I G H T A T L O W P 2 V N C O N C E N T R A T I O N . 
Figure 1 presents the fluorescence results obtained previously (11) on the 
effect of PS host molecular weight on IO^M f ° r the three P 2 V N samples 
examined. These results are reported in a modified form to emphasize the 
relationship between the fluorescence behavior and the visual appearance. 
The interesting features of these results are the independence of guest IQ/IM 
on host molecular weight for P 2 V N (21,000) and the significance of the 
increase in ID/IM in both P 2 V N (70,000) and P 2 V N (265,000) for host mo
lecular weights greater than 4000. 

The fluorescence intensity ratio is given by 

where QD is the ratio of the fluorescence decay constant to the total decay 
constant for the excimer, and Ç M is the analogous ratio for the monomer 
species (48, 49). Also, in the equation, M is the probability that a photon 
absorbed by the P 2 V N guest w i l l decay along a monomer pathway and is a 
function of the concentration and segregation of the P 2 V N in the blend. In 
separate work (50) we have shown that the factor QD/QM f ° r the P2VN/PS 
pair can be assumed to be independent of the molecular weight of the PS 
host. Thus, the quantity (1 - M)IM is the only factor that influences ID^M 
in the blend studies reported in this chapter. 

A n immiscible blend w i l l have a larger value of ID^M than a miscible 
blend of the same bulk composition (48). In an immiscible blend most of 
the chromophores are located in the guest-rich phase; therefore the average 
value of M is low, and IQ/IM is large. Thus, the fluorescence data for P 2 V N 
(70,000) and P 2 V N (265,000) indicate that blends with PS (2200) are more 
miscible than those wi th PS (390,000). The absolute miscibility of PS 
(2200)-containing blends must be determined by another technique, how
ever, because the a priori calculation of the value of ID^M f ° r a miscible 
blend cannot yet be made with sufficient accuracy. 

Optical clarity is one such alternative technique that is simple and that 
may be directly applied to blends prepared for fluorescence studies. The 
appearances of the members of the three series of blends are indicated by 

QM l 

QD 1 - M 
M 

(1) 
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84 POLYMER BLENDS A N D COMPOSITES IN MULTIPHASE SYSTEMS 
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Figure 1. Effect of PS host molecular weight on I D /Iy for blends contain
ing 0.3 wt% P2VN. The molecular weights of the P2VNsamples are given in 
parentheses. The excimer and monomer intensities are measured at 398 and 
337 nm, respectively. ID/IM uncorrected for spectral overlap and was mea
sured under backface illumination. Key: O , optically clear blends; and ·, 
optically cloudy blend. (Reproduced from Ref. 11. Copyright 1981, Ameri

can Chemical Society.) 

the plotting symbols in Figure 1: open circles for films that were optically 
clear and had no apparent phase separation, and filled circles for films that 
ranged from slightly bluish to those wi th regions of white. Phase separation 
has definitely occurred for blends of P 2 V N (265,000) wi th PS molecular 
weights of 35,000, 100,000, 233,000, and 390,000. The increase in ID/IM 

for P 2 V N must be associated wi th this phase separation. 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 85 

The P 2 V N (70,000) results are ambiguous, however. Although the in
crease in ID/IM is similar to the increase for P 2 V N (265,000), all the blends 
are optically clear. Possibly the fluorescence behavior is caused by P 2 V N 
coil expansion in the low molecular weight PS. However, experiments at 
very low P 2 V N concentrations (0.003 % ) indicated that7D/iTM was constant 
at 0.9 ± 0.3 for all eight PS hosts. Thus, the increase in ID/IM for P 2 V N 
(70,000) in Figure 1 must be a result of phase separation into domains that 
are very small. 

Finally, all of the P 2 V N (21,000) blends are optically clear and ID/IM 

does not significantly change with change in host molecular weight. Thus, 
these blends are assumed to be miscible. 

In spite of the convenience of the use of appearance as a characteriza
tion tool, another technique must be applied to determine the miscibility of 
the optically clear blends. Later, we w i l l show by D S C that all P2VN/PS 
(2200) blends are miscible. For the moment, these blends w i l l be assumed 
to be miscible so that a procedure for quantifying the fluorescence data can 
be described. First, B m i s c , the value of IT^/IM f ° r a miscible blend having the 
same P 2 V N concentration as the other blends under study, is recorded. Sec
ond, the average relative error in ID/IM* is determined from all points in 
the figure that contains the fluorescence data under consideration. Then, 
the value of R*, which corresponds to Ij^/lu for a blend that has just be
come immiscible, is defined as 

R* = (1 + 2W)Rmisc (2) 

The molecular weight of the host at which the blend becomes immiscible is 
given by M * , which is located on the figure at the point where Ij^/lu equals 
or exceeds R *. 

The values of β* and M * obtained from Figure 1 are listed in Table I. 
In each case, H m i s c was chosen to be the value of the ratio for the PS (2200) 
blend, because these blends were assumed to be miscible. Note that M * = 
8000 for the P 2 V N (265,000) guest, as compared to the PS molecular 
weight of 35,000 at the point of turbidity. This and other fluorescence stud
ies w i l l demonstrate the earlier conclusion that the fluorescence method is 
more sensitive to immiscibility than the method of optical clarity. 

Table I. R* and M * for 0.3 w t % P2VN/PS Blends 
P2VN W , % 

Mol. Wt. "p a Relative Error M * 
21,000 0.58 13 0.73 >390,000 f c 

70,000 0.90 4 0.97 7,000 
265,000 1.40 7 1.60 8,000 

3̂97/1337 measured under backfaee illumination, uncorrected for overlap. 
b Although the ratio of the PS (35,000) blend is slightly greater than R*, this is not consid

ered to be significant because IT)UM decreases for molecular weights greater than 35,000. 
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86 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Of course, the fluorescence method described i n this chapter is exceed
ingly more sophisticated than the use of simple appearance as a diagnostic 
tool. Therefore, the direct comparison of the two methods could be mis
leading. In fact, for systems in which the refractive index difference be
tween the two components is sufficiently large, sensitive light scattering 
measurements may be used to determine the molecular weight, the radius 
of gyration, and the interaction parameter for polymers i n dilute solution. 
Although scattering from dust particles presents a significant problem for 
solid state mixtures, light scattering has been used to follow the kinetics of 
phase separation (51). However, similar phenomena have also been studied 
by using excimer fluorescence wi th comparable sensitivity (52, 53). 

In spite of the differences in power at the levels at which they are em
ployed, comparison of the excimer fluorescence results with the appear
ance does provide a link, albeit crude, between the molecular level interac
tions and the bulk morphology. Any information of this type is useful in 
establishing the limits of applicability of a new method such as the excimer 
probe. 

E F F E C T O F P 2 V N C O N C E N T R A T I O N FOR T W O E X T R E M E P S M O L E C U L A R 
W E I G H T S . The point of immiscibility for polymer blends having variable 
guest concentration can also be quantified by the fluorescence ratio tech
nique. The critical concentration, defined as C * , is located at the point 
where Ij^/lu equals or exceeds fi*. However, because the values of Ι&/ΙΜ f ° r 

miscible blends may vary with guest concentration, miscible blends must 
be prepared i n conjunction with the blends of interest over the same guest 
concentration range. 

To explore the relationship between cloud points determined by light 
scattering and C * given by the fluorescence ratio, we prepared two series of 
blends by using the P 2 V N ( 7 0 , 0 0 0 ) guest over the concentration range of 
0 . 0 1 - 1 0 w t % P 2 V N . A polydisperse P S host wi th MW 1 5 8 , 0 0 0 was used in 
the first series of blends ( I I ) , and the monodisperse P S (2200) host was used 
in the second series. W e obtained values of RMISC from the latter series after 
assuming that these blends were miscible. 

The fluorescence results for the P S ( 1 5 8 , 0 0 0 ) and P S (2200) blends are 
compared in Figure 2 . The lower half of this figure includes the 0 - 1 % 
P 2 V N (70 ,000) concentration range. Blends for both P S hosts are optically 
clear in this concentration range. However, the value of the ratio for P S 
(2200) blends containing 0 . 6 wt % P 2 V N or less is constant at 1 . 0 7 , and the 
corresponding value for P S ( 1 5 8 , 0 0 0 ) is always above 1 . 2 . The relative er
ror in ID/IMI W , is about 6 % in the concentration range below 1 w t % 
P 2 V N . If RMISC is assumed to be 1 . 0 7 for blends below 0 . 6 wt % P 2 V N con
centration, the value of H * is found to be 1 . 2 0 . Thus, C * for the P S 
(158 ,000) blends is found to be 0 . 0 1 w t % P 2 V N ( 7 0 , 0 0 0 ) . By contrast, 
these blends do not become optically cloudy until a concentration of 3 wt % 
P 2 V N . 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 

Ί 1 1 Γ 

87 

Is. 
IM 

0.5 
W T % P2VN 

Figure 2. Effect of concentration on ID/IM for P2VN (70,000) blended 
with PS (2200) (O) and PS (158,000) (Π). See Figure 1 for details. 

The fluorescence ratio of the PS (158,000) blends rises smoothly be
tween 1 and 10% P 2 V N concentration, as shown in the upper half of F ig
ure 2. Although values of In/IM for the PS (2200) blends lie below those for 
the PS (158,000) blends, the ratios become difficult to distinguish at 10 
wt % concentration. The relative error in the ratio increases to nearly 15 % 
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88 POLYMER BLENDS A N D COMPOSITES IN MULTIPHASE SYSTEMS 

of ID/IM a t 10 wt % P 2 V N . The distinction between the blends can be made 
visually at 10 %, however, because the PS (2200) blends are optically clear. 

E F F E C T OF M O L E C U L A R W E I G H T A T M O D E R A T E P 2 V N C O N C E N T R A 
T I O N . From the fluorescence data and the appearance of the 0.3 w t % 
P 2 V N (21,000)/PS blends, we infer that they are miscible for all PS molecu
lar weights. However, higher concentration P 2 V N (21,000) blends were 
expected to be immiscible and exhibit an increase in ID/IM wi th an increase 
in PS molecular weight. To check this prediction, 3 and 30 w t % P 2 V N 
(21,000) blends were prepared wi th the molecular weight series of polysty
renes. The fluorescence ratios of the 3- and 30-wt% blends are plotted 
against PS molecular weight in Figures 3 and 4, respectively. 

The dependence of ID/IM ° n host molecular weight for the 3- and 30-
w t % blends is somewhat different from that for the 0.3-wt% blends. A l 
though the ratio is still lowest for very low host molecular weights, it in
creases almost linearly w i t h log ( M h o s t ) between MN 2200 and 390,000. 
Points of inflection in the ratio are barely discernible in Figures 3 or 4. 
Although values of ID/IM for the 0.3- and 3.0-wt% blends with PS (2200) 

1.3 

1.1 

IM 

0.9 

103 104 105 106 

PS M O L W T 

Figure 3. Effect of PS host molecular weight on I^ / I M for blends contain
ing 3.0 wt% blends of P2VN (21,000). The excimer and monomer intensities 
are measured at 398 and 337 nm, respectively. The ratio is uncorrected for 
spectral overlap and was measured under frontjace illumination. The aver
ages of two data points taken from one film of each blend are shown. Open 

circles denote optically clear blends. 

Τ—1 I 1 M l l | 1—I ΓΤΤ 

I i l l m i l ι ι ι ι M i l l I I I I 1111 
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6 h 

I I I I l l l l | 1 I I I I > 111 1 I I I MM 

R* 

» M M n i l 1 I I I M i l l I I I I 111! 
103 104 105 106 

PS M O L W T 

Figure 4. Effect of PS host molecular weight on Ip /ly[ for blends contain
ing 30 wt % P2VN (21,000). See Figure 3 for details. 

are nearly equal, at 0.67 and 0.92, respectively, the value of 5.0 for the 30-
w t % blend with PS (2200) is remarkably large. 

The increase in the ratio wi th the increase in host molecular weight for 
the 3-wt % blends of Figure 3 can be attributed to phase separation. A l l 
these blends were optically clear, however, as was observed for the 0.3 
w t % P 2 V N (70,000) blends. Thus, the domain size must be small. If the 3 
w t % P 2 V N (21,000)/PS (2200) blend is assumed to be miscible, fl* is found 
to be 1.05 and M * to be 18,000. 

The data of Figure 4 for the 30 w t % P 2 V N (21,000) blends are inter
preted in the same manner as Figure 3. A l l 30% blends were optically 
clear. Again, these results suggest that the domains i n the phase-separated 
blends were very small. However, if the 30 wt % P 2 V N (21,000)/PS (2200) 
blend is assumed to be miscible (as confirmed by later D S C results), then 
R* is 6.6. This value is larger than the fluorescence ratios for all 30 % blends 
and indicates that all the blends are miscible, within experimental error. 
This result seems inconsistent, because the 3-wt % blends were found to be 
immiscible above M * 18,000. 

The inconsistency may be explained in two ways: First, the relative 
error of 16 % for the ratio data in Figure 4 is quite large. This large relative 
error leads to a large value of R*. This R* value could probably be reduced 
with additional data, in which case a value of M * less than 18,000 would be 
expected. Second, it is possible that the excimer fluorescence technique be-
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90 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

comes less sensitive to differences i n miscibility when the concentration of 
the guest polymer is large. This explanation is supported by the data of 
Figure 2, in which curves for miscible and immiscible blends appear to 
merge above the guest polymer concentration of 10 % . 

In a final test of miscibility of the 30 w t % P 2 V N (21,000) blends, the 
samples prepared for the fluorescence experiments were annealed for 20 
min at 453 Κ and reexamined visually. After the heating, blends with PS 
hosts of molecular weights greater than or equal to 9000 appeared cloudy 
and bluish. Thus, an estimate of M * 9000 was made for the unheated 30 
w t % P 2 V N (21,000)/PS blends. 

S U M M A R Y . A l l fluorescence and appearance results are collected in 
Table II. The PS molecular weight at which immiscibility first appears is 
listed for studies involving variable PS molecular weight, and the P 2 V N 
concentration where immiscibility first appears is listed for studies involv
ing variable P 2 V N concentration. In every case, the fluorescence technique 
has superior (or at least equal) sensitivity to blend immiscibility relative to 
the visual technique. The absolute miscibility of the blends containing PS 
(2200) has been assumed in the past sections. In the next section we w i l l use 
D S C to verify this assumption. 

Differential Scanning Calorimetry (DSC). T w o conditions l imit the 
types of polymer blends that can be successfully studied by D S C . First, the 
T g values of the constituent polymers must differ by at least 50 Κ to ensure 
sufficient resolution so that the two Tg values of an immiscible blend can be 
distinguished. Second, at least 20% of the minor component of the blend 
must be present, or its contribution to the heat capacity of the blend w i l l be 
too small to be detected. 

Table II. Immiscibility of P2VN/PS Blends as Determined by 
Appearance and Fluorescence Techniques 

Blend Appearance Fluorescence 
Variable PS Molecular Weight 

0.3 w t % P 2 V N (21,000) 
3.0 w t % P 2 V N (21,000) 

30.0 w t % P 2 V N (21,000) 
30.0 w t % P 2 V N (21,000), heated to 453 Κ 
0.003 w t % P 2 V N (70,000) 
0.3 w t % P 2 V N (70,000) 
0.3 w t % P 2 V N (265,000) 

Variable P2VN Concentration 
P 2 V N (70,000)/PS (2200) 
P 2 V N (70,000)/PS (158,000) 

Abbreviations: M, blend cloudy at and above the stated PS molecular weight; M*, blend 
has ratio > R* at and above the stated PS molecular weight; C, blend cloudy at and above the 
stated P2VN concentration; C*, blend has ratio > R*(C) at and above the stated P2VN con
centration. 

M M* 
>390,000 >390,000 
> 390,000 18,000 
>390,000 >390,000 

9,000 — 
>390,000 >390,000 
>390,000 7,000 

35,000 8,000 
C c* 

>10% >10% 
3% 0.01% 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 91 

Typical D S C thermograms for the unblended polymers PS and P 2 V N 
are displayed in Figure 5. The temperature at which the heat capacity first 
begins to increase sharply is Τ χ; the local maximum in heat capacity is de
noted T 2 . The thermogram above T 2 has a slope slightly lower than the 
slope of the thermogram below Τ χ. The difference between T 2 and Τ χ, AT, 
is characteristic of the particular polymer under study. The value of T g is 
obtained as the average of Τ χ and T 2 . These temperatures for PS and P 2 V N 
are listed in Table III. 

Because the Tg values of pure P 2 V N and PS (2200) differ by 78 K , D S C 
would seem to be an ideal independent method for determining the state of 
miscibility of the P2VN/PS (2200) blends. Unfortunately, only one of the 
many blends previously studied contains more than 20 % P 2 V N . Moreover, 
any P2VN/PS blend to be studied by D S C must be annealed for 20 min at 
453 K . These conditions prohibited the direct study of any blend listed i n 
Table II. 

0.7 I 1 1 1 1 

0.1 I ι ι ι .. 1 

293 333 373 413 453 

TEMPERATURE (K) 

Figure 5. DSC thermograms for P2VN and PS (2200). Samples were heated 
at 20 K/min. The bottom curve is true; each additional curve has been dis
placed + 0.1 cal/g-K from the curve immediately beneath it. The upward 
and downward arrows indicate the points of deviation from the glassy and 
rubbery regimes, respectively. See Table HI for temperatures. (Reproduced 

from Ref. 12. Copyright 1983, American Chemical Society.) 
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92 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table III. Transition Temperatures for Pure Polymers and 
Polymer Blends 

Polymer T 2 Δ Τ •y a 
1g 

PS (2200) 328 345 17 337 
P 2 V N (21,000) 403 426 23 415 
P 2 V N (70,000)6 415 435 20 425 
35% P 2 V N (21,000)/65% PS 

(2200) 343 383 40 363 
35% P 2 V N (70,000)/65% PS 

(2200) 344 383 39 364 
35% P 2 V N (265,000)/65% PS 

(2200)c 343 358 15 351 
aTg = (Tj + T2)/2. 
bThe temperatures for P2VN (265,000) are nearly the same as for P2VN (70,000). 
CT3 = 366, T 4 = 400, ΔΓ ' = 34, and Ύ' = (T3 + T4)/2 = 383. 

Indirect measurements are possible, however, because previous visual 
examination of P2VN/PS blends had shown that either heating or an in
creased P 2 V N concentration caused increased immiscibility. Thus, if a 35 
w t % P 2 V N blend were found to be miscible by D S C , then this finding 
would imply that an unheated blend containing less P 2 V N would also be 
miscible. Consequently, a series of 35 w t % P2VN/PS (2200) blends was 
prepared and examined by D S C to determine indirectly the state of misci
bility of the P2VN/PS (2200) blends at lower concentration. 

D S C thermograms for the 35 w t % P2VN/PS (2200) blends are shown 
in Figure 6. The P 2 V N (265,000) guest w i l l be considered first. T w o transi
tions are observed: the lower is attributed to the PS (2200) host and the 
upper is attributed to the P 2 V N (265,000) guest. In this figure, TY and T2 

were determined in the same manner as for the pure polymers, and T 3 de
notes the first point on the curve above T 2 at which the slope is the same as 
that of the curve below Γι . Because no local maximum occurs in the heat 
capacity above T 3 , T 4 was located at the point where the high temperature 
heat capacity showed a downward deviation. As shown by the values of 
Γ χ - Γ 4 listed in Table III, the lower temperature transition is observed to be 
14 Κ above the T g of pure PS, and the higher temperature transition is 42 Κ 
below the T g of pure P 2 V N . Moreover, the 34-K spread between T 3 and T 4 

in the P 2 V N (265,000) blend is larger than the 20-K spread between Γχ and 
T 2 for pure P 2 V N . 

Because two T g values were recorded, we conclude that the 35 wt % 
P 2 V N (265,000)/PS (2200) blend is immiscible. However, the shift in the 
values of T g from the pure-polymer values and the broadening of the glass 
transition interval for the P 2 V N component suggest that the immiscibility 
is not severe. This conclusion is confirmed by the appearance: although the 
blend was clear when first solvent cast, it became cloudy and bluish when 
it was heated in preparation for D S C . 
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0.6 τ 1 

3 5 % P2VN/PS(2200) 

0.5 

(21,000) 

0.4 — 

(70,000) 

ft* 

0.3 -
1 

(265,000) 

0.2 

0.1 1 1 1 
313 333 373 413 453 

TEMPERATURE (K) 

Figure 6. DSC thermograms for blends of PS (2200) containing 35 wt% 
P2VN. The molecular weight of the P2VN in each blend is given in parenthe
ses. See Table HI for temperatures. (Reproduced from Ref. 12. Copyright 

1983, American Chemical Society.) 

The upper two thermograms in Figure 6 for the P 2 V N (21,000) and 
P 2 V N (70,000) blends are nearly identical. Because no local maximum oc
curred in the heat capacity above T 1 ? T 2 was located at the point where the 
high temperature heat capacity showed a downward deviation. Values of 
Tx and T 2 for the P 2 V N (21,000) and P 2 V N (70,000) blends are identical, 
and both blends have the same value of T g , 364 K . As a check, we have 
applied the empirical Fox equation commonly used to predict the T g of co
polymers and of miscible blends. 

Tg TgA TgB (3) 
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94 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

where wA and are the weight fraction and glass transition temperature, 
respectively, of homopolymer A. This equation yields 363 K , in excellent 
agreement with the value obtained experimentally. 

In summary, both the 35 w t % P 2 V N (21,000)/PS (2200) and P 2 V N 
(70,000)/PS (2200) blends are miscible because only one glass transition is 
apparent in the D S C thermograms. Moreover, these blends were optically 
clear even after being heated in preparation for D S C . 

O n the basis of D S C results for 35 w t % P2VN/PS (2200) blends, we 
conclude that the unheated blends containing <35% P 2 V N (21,000) or 
P 2 V N (70,000) in PS (2200) are miscible. These results confirm almost all 
the assumptions made about the miscibility of the PS (2200)-containing sys
tems listed in Table II. The sole exception is the 0.3 w t % P 2 V N (265,000)/ 
PS (2200) blend. Both it and the 35 w t % blend are optically clear before 
heating, but the 35 w t % blend becomes cloudy after heating and shows 
two transitions by D S C . If the 0.3-wt % blend were immiscible, contrary to 
assumption, then the value of M * given in Table II would be too large. In 
our discussion, we w i l l assume that M * 8000 is an upper l imit for the 0.3 
w t % P 2 V N (265,000) blends. 

Discussion 

The simplest possible theory for the thermodynamics of mixing of two poly
mers is the Flory-Huggins lattice treatment (54, 55). Although this ap
proach has limitations (II), binodal calculations presented earlier were 
useful in correlating the fluorescence results for the low concentration 
blends (11). In our present study, we have again referred to these calcula
tions for explanation of the moderate concentration results. For conven
ience, the calculated binodals are reproduced in Figures 7-9 for the P 2 V N 
guests having Mv 21,000, 70,000, and 265,000, respectively. 

The usual method of presentation is to give temperature (or interac
tion parameter) vs. concentration and hold the host molecular weight con
stant. These binodals are plotted as P 2 V N concentration vs. PS host molec
ular weight and the interaction parameter is held constant. A range of 
interaction parameters from 0.005 to 0.025 was selected because these 
seemed most consistent wi th the appearance and fluorescence behavior of 
the blends. The dashed lines in Figures 7 through 9 represent the bulk con
centration of guest polymer in the films studied. As the molecular weight of 
the polystyrene host increases, the concentration of guest in the guest-lean 
phase at the binodal decreases rapidly. The films in which the host molecu
lar weight is sufficiently large may show phase separation if the guest con
centration at the binodal is less than the bulk guest concentration. 

We first consider the 0.3-wt% P 2 V N (21,000) blends that were earlier 
concluded to be miscible. Because none of the binodals calculated for the 
different interaction parameters intersects the dashed line indicating the 
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loo Ε — ι ι ι 111 ιΐ| l i n m i l 1—I I MIMI 

0.1 

1 M M i l l 1 M i l l 

103 104 

PS M O L W T 

105 106 

Figure 7. Binodal compositions calculated for P2VN (21,000)/PS blends. 
Results for the P2VN-lean phase are shown as volume percent P2VN vs. PS 
molecular weight. The interaction parameter for each curve is given, and the 
critical point is indicated by the filled circle. The dashed lines denote 0.3, 3, 
and30wt% P2VN. (Reproducedfrom Ref. 11. Copyright 1981, American 

Chemical Society.) 

bulk f i lm concentration, an upper l imit of about 0.027 is established for χΑΒ 

(11). Next, the 3-wt% P 2 V N (21,000) blends for which M * is 18,000 are 
considered. By following the 3-wt % P 2 V N line in Figure 7 to the PS molec
ular weight equal to Μ*, χΑΒ = 0.021 is obtained. Final ly, the fluorescence 
data from the 30-wt% P 2 V N (21,000) blends in Figure 4 are considered. 
The observation that M * > 390,000 is surprising, because the increase in 
P 2 V N concentration from 3- to 30-wt % was expected to reduce M * below 
18,000. Disregarding the fluorescence data for the 30-wt% blends in favor 
of visual observations made on heated 30-wt% blends, Table II shows that 
M = 9000 at the point of immiscibility. Reference to the 30-wt% P 2 V N 
line in Figure 7 yields χΑΒ = 0.018. This value is taken as an estimate for 
the interaction parameter of the unheated 30-wt% blends. 

The approach just illustrated for the P 2 V N (21,000) blends is subject 
to several uncertainties. First, the method depends heavily on the accuracy 
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96 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

and reliability of Rmisc, the value of the fluorescence ratio of a miscible 
blend of the appropriate P 2 V N bulk concentration. Second, excessive over
all error in IDIIM for a given set of blends w i l l artificially increase M * and 
lower χΑΒ. Finally, if the P 2 V N sample is polydisperse, the initial increase 
in the fluorescence ratio above Rm\sC may be a result of the P 2 V N compo
nents of the highest molecular weight, which makes the proper P 2 V N mo
lecular weight for the binodal calculations uncertain. Nevertheless, the un
certainty introduced by these factors does not obscure the question of 
whether a consistent interaction parameter can be extracted from the fluo
rescence data for the P2VN/PS pair. 

Figure 8. Binodal compositions calculated for P2VN (70,000)/PS blends. 
See Figure 7 for details. (Reproduced from Ref 11. Copyright 1981, Ameri

can Chemical Society.) 
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6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 97 

PS M O L W T 

Figure 9. Binodal compositions calculated for P2VN (265,000)/PS blends. 
See Figure 7 for details. (Reproduced from Ref 11. Copyright 1981, Ameri

can Chemical Society.) 

Several sets of data are available for determination of χΑΒ for the 
blends with P 2 V N (70,000). The first set consists of the host molecular 
weight dependence of IDIIM i n Figure 1. The observed value of M * = 7000 
for 0.3-wt% P 2 V N (70,000) blends leads to an interaction parameter of 
0.022 from Figure 8. The second set is the "cloud-point" concentration, 
C * , determined from the concentration study in the PS (158,000) host to be 
0.01 w t % or less. Figure 8 shows that χΑΒ must be greater than 0.015. F i 
nally, the data for 0.003-wt% P 2 V N (70,000) blends can be used to set an 
upper boundary on χΑΒ. If these blends are all miscible as previously stated, 
then extrapolation of Figure 8 shows that χΑΒ must be less than 0.017. This 
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98 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

value is in good agreement wi th the restriction that χΑΒ > 0.015, which 
was derived from the cloud-point concentration study. 

The last blends to be compared with binodal predictions are the 0.3 
w t % P 2 V N (265,000) blends, for which fluorescence data are shown in 
Figure 1. The observed value of M * = 8000 leads to an interaction parame
ter of 0.012 from Figure 9. This comparatively low value of χΑΒ may be 
rationalized by noting that the D S C study of the P 2 V N (265,000)/PS (2200) 
blend did not conclusively show miscibility, as had been the case for the 
P 2 V N guests of lower molecular weight. If the miscible value of ID/IM for a 
0.3-wt% P 2 V N (265,000) blend were less than 1.4 (e.g., 1.3) then the re
sulting interaction parameter would increase to 0.018. Regardless of the 
miscibility of the PS (2200)-containing blend, the calculations show the 
sensitivity of χΑΒ in this case to the error in the miscible value of ID/IM-

The values of the interaction parameter χΑΒ for seven P2VN/PS blend 
systems are compiled in Table I V . A l l these P2VN/PS blends are satisfacto
rily characterized by χΑΒ = 0.020 ± 0.004. W e have explained the low 
value of χΑΒ for the P 2 V N (265,000) blends. However, an alternative pro
posal is that kinetic effects during solvent casting because of the slow diffu
sion of the P 2 V N (265,000) guest relative to other P 2 V N guests may cause 
XAB t o D e low for P 2 V N (265,000) blends. This discrepancy may also reflect 
differences in the polydispersity of the P 2 V N guests. If we consider all the 
possible grounds for error, it is remarkable that a single value of χΑΒ ex
plains the data for the variety of P2VN/PS blends studied. More extensive 

Table I V . The Interaction Parameter χΑΒ for P2VN/PS Blends 
Solvent Cast from Toluene at Room Temperature 

P2VN P2VNConc, PS 
Mol. Wt. wt% Mol. Wt. XAB 

21,000 0.3 variable 6 < 0.027 
+ 0.005 

21,000 3.0 variable 6 0.021 
-0 .004 

21,000 30.0 variable 6 = 0.018'' 
70,000 0.003 variable 6 <0.017 
70,000 variable 158,000 r f >0.015 158,000 r f 

+ 0.003 
70,000 0.3 variable 6 0.022 

-0 .002 
+ 0.006'' 

265,000 0.3 variable 6 0.012 
-0 .002 

a Determined by fluorescence ratio method; see Eqs. 1 and 2 in Ref. 11 for definition of 

*fo2200; 4000; 9000; 17,500; 35,000; 100,000; 233,000; 390,000; MwIMn< 1.1. 
cDetermined by appearance of heated blends. 
dMwIMn = 2.0. 
eX > 0.012 if P2VN (265,000)/PS (2200) blend is immiscible. See text. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
06



6. SEMERAK AND FRANK Molecular Weight and Blend Miscibility 99 

measurements over a larger concentration range are necessary before any 
conclusions on the possible concentration dependence of the interaction pa
rameter may be drawn. 
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7 
Structure-Property Relationships of 
Polystyrene/Poly(vinyl methyl ether) 
Blends 

S. L. HSU, F. J. LU, and E. BENEDETTI 

Department of Polymer Science and Engineering, University of Massachusetts, 
Amherst, MA 01003 

Various incompatible and compatible poly(styrene) (PS) and 
poly(vinyl methyl ether) (PVME) blends have been prepared 
by varying composition, solvent, and thermal history. 
Fourier transform infrared spectroscopic analysis of these 
samples has revealed definite spectral features that are sensi
tive to compatibility. The vibrations most sensitive to change 
in molecular environment are the CH out-of-plane vibration 
in PS and the COCH3 vibrations of PVME. Furthermore, by 
using a combination of vibrational and mechanical spectros
copy we have followed the segmental orientation of the two 
components when samples are stretched macroscopically. 
The orientation of chain segments achievable for the individ
ual components depends strongly on the degree of compati
bility, composition, and temperature of measurements. 

T H E P H A S E SEPARATION B E H A V I O R O F P O L Y M E R B L E N D S and associated prop
erties have been the subjects of a large number of theoretical and practical 
studies (J). W e have primarily used vibrational spectroscopy to character
ize microstructures of polymer blends and their changes when samples are 
deformed macroscopically. W e have given particular attention to the 
structure-property relationship of the poly(styrene) (PS) and poly(vinyl 
methyl ether) (PVME) blends. The unusual compatibility behavior of this 
binary mixture is particularly interesting. Solvent, molecular weight, com
position, and temperature can affect the compatibility of these two poly
mers (2-9). 

In the first area of study, vibrational spectroscopy was used to search 
and characterize specific molecular interactions existing in compatible PS/ 

0065-2393/84/0206-0101$06.00/0 
© American Chemical Society 
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102 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

P V M E blends. W i t h exceptions, the favorable intermolecular interactions 
in most compatible blends are generally not clearly understood. V ibra 
tional spectroscopy is an attractive technique for such studies. When prop
erly assigned, the position, intensity, and shape of vibrational bands are 
useful in clarifying conformational and environmental changes of polymers 
at the molecular level. Because intrachain energy is so much higher than 
interchain nonbonded interactions, perturbation of spectroscopic features 
of a single molecule as a result of nonbonded interaction is generally quite 
small. In most cases, small differences in the vibrational spectra are diff i 
cult to observe directly and can only be shown in the difference spectra. 
The advent of Fourier transform infrared spectroscopy (FTIR) has made 
analysis of chemical mixtures by computer calculated difference spectra 
quite convenient and accurate. 

In the second area of study, we have used a combination of vibrational 
and mechanical spectroscopy to follow the segmental orientation of the in 
dividual components when samples are deformed macroscopically. U n 
doubtedly, the overall properties of polymer blends are correlated to the 
sample morphology that, i n turn, may vary with the composition or the 
degree of interpénétration of the components. In many polymers, the IR 
spectra exhibit absorption bands that can be assigned to vibrations of chain 
segments in the various phases. Furthermore, these vibrational bands may 
be characteristic of the details of local conformation. If band assignments 
are established and, additionally, if the directions of the transition mo
ments with respect to the chain axis are known, vibrational spectroscopy 
offers the advantage that stress-induced changes in orientation, conforma
tion, and packing can all be measured. 

In this study, we have prepared compatible and incompatible films 
cast from various solvents. In addition, phase separated binary mixtures 
can be prepared at temperatures above the lower critical solution tempera
ture (LCST) . The IR data obtained from these samples have revealed spe
cific features characteristic of localized structure and environment of indi
vidual components i n compatible and incompatible binary mixtures. 
Furthermore, the degree and the rate of change of segmental orientation 
have been measured as a function of composition, temperature, strain rate, 
and compatibility. 

Experimental 

The atactic PS and PVME were obtained from commercial sources. PS of weight 
average molecular weight (Mw) 233,000 with polydispersity equal to 1.06 was ob
tained from Pressure Chemical Corporation. Other narrow molecular weight dis
tribution atactic polystyrenes of Mw 175,000, 50,000, and 37,000 were obtained 
from Polysciences. PVME was also obtained from Polysciences. PVME molecular 
weights (Mw = 99,000 and Mn = 46,000) were determined by gel permeation 
chromatography (GPC) in our laboratory with poly(styrene) as the standard. Sol-
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7. HSU ET A L . PS/PVME: Structure-Property Relationships 103 

vents of spectral grade were obtained commercially and used without further puri
fication. 

Thin films of the PS/PVME binary mixtures (15, 50, 64, and 84 % of PS) were 
prepared from solutions (approximately 3-5 % by weight) by casting onto potas
sium bromide windows. Compatible films were obtained from toluene solutions. 
Incompatible films were cast from chloroform or trichloroethylene (TCE). The sol
vents were completely removed by drying in vacuum ovens at 70 °C for at least 
72 h. The morphology of the samples may be affected by differences in concentra
tion, extreme thinness of film prepared, and solvent evaporation rate (5). Further
more, vibrational band shape and relative intensities can depend on index of re
fraction or film thickness due to dispersion effects (JO). We tried to remedy these 
errors in analysis by preparing films under identical conditions. 

IR spectra were obtained with Nicolet 7199 FTIR instrument. Usually 300 
scans of 2-em ~ 1 resolution were signal averaged and stored on a magnetic disk 
system. Entire or partial spectra can then be accessed for further analysis. 

The hydraulic stretcher used to deform sample films and its interface to the 
spectrometer have been described elsewhere (II). 

Results and Discussion 

To date, qualitative and quantitative data from vibrational spectroscopy 
have been largely used in analyzing composition or for the elucidation of 
localized structures. As a result of the significant amount of conformational 
and packing disorder in polymers, even for those of highest crystallinity, 
detailed spectroscopic information related to the effects of intermolecular 
interactions in solid polymers is difficult to obtain. Therefore, wi th few 
exceptions, the vibrational spectra obtained thus far reflect regular or ir
regular structure of a repeat unit or a single chain. In a few systems, strong 
intermolecular interactions such as hydrogen bonding can significantly af
fect the band positions or intensity. In most cases, however, spectroscopic 
perturbations that arise from interchain forces are simply too small to be 
observed with a high degree of confidence. The initial goal i n these blend 
studies is to search and characterize features sensitive to composition or de
gree of phase separation. 

From previous studies (12, 13), vibrations involving the oxygen atom 
usually exhibit greatest sensitivity to blend compatibility. In the IR spec
trum of P V M E , a strong doublet at 1085 and 1107 c m - 1 (room tempera
ture) with a shoulder at 1132 c m " 1 showed the greatest change in relative 
intensity when the sample was blended with PS. The intensities were also 
sensitive to changes in temperature. Although the exact assignment of these 
bands is not understood, one can obtain some information from normal 
vibrational analysis of model compounds. Snyder and Zerbi (14) carried 
out a normal vibrational analysis for a series of aliphatic ethers. They 
showed that model compounds, such as methyl ethyl ether, diethyl ether, 
and 1,2-dimethoxyethane, exhibit intense bands in this region. In those 
cases, only one component involves essentially pure C - O stretching. The 
other contains a significant amount of C - O stretching with contributions 
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104 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

from methyl rocking and C - C stretching in the potential energy 
distribution. 

Space-filling models show that considerable rotational freedom exists 
for the - O C H 3 group about the main chain. However, the exact relation
ship between structural differences and changes in the IR spectrum re
mains unclear. Therefore, at present we can only demonstrate that the rel
ative intensity of this doublet is sensitive to the compatibility or 
incompatibility of PS/PVME blends. 

Previously it had been established that high molecular weight PS/ 
P V M E binary mixtures containing - 2 0 - 8 0 % PS (Mw > 17,500) dissolved 
in chloroform or T C E can be used to cast incompatible films (2-4). For the 
same binary mixtures dissolved in toluene, compatible blends can be pre
pared. Although the frequencies of the doublet in the 1100-cm ~ 1 region do 
not change, the relative intensities of the two bands do differ in the two 
types of samples. In these cases we have removed the PS contribution at 
1070 cm " 1 (in-plane bending) from the mixture by difference spectros
copy. The 1 0 2 8 - c m - 1 band of PS was used as an internal standard. Sub
traction is accomplished when this band is completely eliminated. As can 
be seen in Figure 1, for compatible blends such as the binary mixtures ob
tained from toluene, the intensity of the 1085-cm ~ 1 band is slightly greater 
than the 1 1 0 7 - c m - 1 component. For incompatible blends obtained from 

1165 M45 1125 1105 1085 1065 1045 1025 

WAVENUMBERS 

Figure 1. IR spectra of 50:50 PS/PVME blends in the 1100-cm ~1 region. 
Key: —, film cast from toluene solution; and —, film cast from TCE. 
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7. Hsu ET A L . PS/PVME: Structure-Property Relationships 105 

chloroform or T C E , the reverse is true. Al lara (JO) pointed out that when 
the index of refraction of the individual components differs significantly, 
spectral differences can arise from the changing bandshape that results 
from dispersion effects and may not be associated with the magnitude or 
specificity of intermolecular interactions. Because we could not easily de
termine optical coefficients of the individual components and their blends 
in our experiments, we used the same binary PS/PVME mixtures to prepare 
various samples. Only then could we be sure that the spectroscopic differ
ences were dependent only on compatibility and not on composition. 

In the IR spectrum of PS, a number of bands showed small changes i n 
position or shape when PS was blended with P V M E . The band most sensi
tive to phase compatibility is located near 700 cm ~ l . This band is generally 
assigned to the C H out-of-plane bending vibration (12). It is found at 699.5 
cm ~ 1 for f i lm cast from toluene solutions containing equal amounts of PS 
and P V M E . This is to be compared to the peak maximum located at 697.7 
c m " 1 in neat PS. For incompatible blends of P S / P V M E , such as the f i lm 
cast from T C E solutions, the peak maximum is usually found at an inter
mediate position between the two extremes. These differences are shown i n 
Figure 2. Similar changes in frequency for this vibration have also been 
observed for PS blended with poly(2,6-dimethylphenylene oxide) (PPO) 

715 711 7 0 7 7 0 3 6 9 9 695 691 6 8 7 683 
WAVENUMBERS 

Figure 2. IR spectra of 50:50 PS/PVME blends or PS in the 700-cm ' 1 re
gion. Key: A, film cast from toluene; B,film cast from TCE; and C, PS only. 

(12). 

Β 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
07



106 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

W e carried out additional experiments to substantiate that the spectro
scopic differences found for P V M E or PS are indeed associated with com
patibility. Unlike the samples containing 50 wt % of PS, the binary mixtures 
containing 15 % PS are compatible with P V M E for all molecular weights 
and solvents. For binary mixtures containing 15 w t % of PS, the IR spectra 
obtained for films cast from toluene and T C E solutions are identical. 

PS/PVME blends possess a lower critical solution temperature. Above 
this critical temperature a compatible blend can phase separate. For the 
sample containing equal weight parts of PS and P V M E , the initially trans
parent f i lm (compatible) w i l l turn slightly bluish at ~ 130 °C and then op
tically opalescent at - 1 5 0 °C (incompatible). If quenched at this stage, the 
two phases (one rich in PS, the other rich in P V M E ) would remain sepa
rated. However, if the binary mixtures were allowed to cool slowly, the 
two phases would return to the compatible state. IR spectra were obtained 
for binary mixtures that contained equal parts of PS or P V M E and had 
different thermal histories. The spectroscopic differences observed for ei
ther P V M E or PS in compatible or incompatible samples are entirely con
sistent with the results presented in Figures 1 and 2. These experiments fur
ther substantiate that these vibrational bands can be used to characterize 
the compatibility of the two components. The molecular or structural basis 
for miscibility is a subject of intense scientific interest driven by the need to 
be able to predict a priori which polymer pairs w i l l form miscible mixtures. 
This kind of spectroscopic information provides a basis to deduce the type 
and strength of intermolecular interactions in PS/PVME blends. 

In the second area of study, we are more interested in the microstruc
tural changes during deformation. The mechanical properties of polymer 
blends may depend on the conformation and internal organization of indi
vidual components. The properties may also depend upon the degree of 
interpénétration of the two components. In many cases, the structure-
property relationship of polymer blends may be assessed by the relative ori
entation of the polymer segments associated with each phase. For an ideal 
polymer mixture, the property function is a linear combination of the prop
erties of the pure components. In the other extreme case, when macrophase 
separation occurs, the blend may show very poor mechanical properties 
because it has large domains that have poor interfacial bonding. 

As we have mentioned, the IR spectra obtained for PS or P V M E con
tain a number of absorptions that are assignable to localized structure. Fur
thermore, if the transition moments of these absorptions can be assigned, 
IR spectroscopy provides an opportunity to measure microstructural 
changes when the samples are deformed macroscopically. In our experi
ment, macroscopic mechanical properties i n terms of stress-strain curves 
can be measured simultaneously wi th microstructural response in terms of 
polarized IR spectra. 

We chose to follow the four bands at 540, 700, 906, and 1028 cm ~ 1 to 
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7. HSU ET A L . PS/PVME: Structure-Property Relationships 107 

characterize the orientation of polystyrene (15). Because the IR spectrum 
of P V M E is not well understood, we chose the very localized C H stretching 
vibration at 2820 cm " 1 as a standard to calculate the orientation of P V M E 
segments. The two components oriented differently, even in the compati
ble blend, as shown in Figure 3. The polarization of polystyrene bands in 
creased with sample elongation, as expected. However, it was difficult to 
capture and compare orientation behavior of P V M E unless the samples 
were deformed at an extremely high rate. The different orientation func
tion measured for the two components is unexpected because Cooper et al . 
(16) found the segmental orientation of both components i n poly(e-capro-
lactone)/polyvinyl chloride) (PCL/PVC) blends to be similar. In fact, the 
identical orientation functions measured for the two components may be 
part of the criteria to determine compatibility at the molecular level. In a 
subsequent study of PS and P P O blends, Lefebvre et al . (17) demonstrated 
that the orientation of the two components may differ substantially, as we 
found for the PS/PVME blends. The fact that the relative orientation mea
sured for the two components in the blend is strongly strain-rate dependent 
suggests the existence of different relaxation rates. This fact should be in 
corporated i n the modeling to relate our macroscopic and microscopic 
measurements. 
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Figure 3. Orientation functions measured for PS and PVME in a 50:50 
compatible blend. Key: O , PS; and M, PVME. 
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108 POLYMER BLENDS AND COMPOSITE IN MULTIPHASE SYSTEMS 

Usually PS is a brittle polymer when stressed. However, its deforma
tion behavior in blends is quite interesting. As can be seen in Figure 4, 
highly oriented PS segments can be obtained at room temperature. H o w 
ever, the orientation behavior of PS greatly depends upon composition, 
molecular weight, draw rate, temperature of measurement, and the degree 
of compatibility of the two components. In Figure 4 we have shown the 
dichroic ratio measurements of the polystyrene bands for various samples. 
The orientation function of the polystyrene i n blends measured at room 
temperature is similar to the orientation function measured for polystyrene 
drawn at 100 °C (5). Both sets of values are significantly higher than PS 
drawn at 110 °C (5). Undoubtedly, the orientation that can be achieved is 
strongly dependent on the temperature of measurement. Generally it is ac
cepted that the lack of segmental orientation obtained for samples drawn 
or extruded above the glassy transition temperature is a result of the in 
creasing chain mobility. The glass transition temperature (T g) of P V M E , 
is usually found at - 25 °C. O n the other hand, T g of PS is approximately 
100 °C. The T g of compatible blends is usually found between these two 
extremes. For the samples we prepared, the T g actually measured is some
what below room temperature (55% blend, Tg = 18 °C) . As in the case of 
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Figure 4. Orientation behavior of neat PS and PS in PS(55)/PVME(45) 
blends. Key: •, 540-cm ~ J PS band in blends; M, neat PS drawn at 110 °C; 
ψ, 1028-cm ~1 band of PS in blends; and ·, 1028-cm ~1 PS band for neat PS 

drawn at 100 °C. 
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7. Hsu ET A L . PS/PVME: Structure-Property Relationships 109 

neat PS, we found that the orientation function of the components in 
blends decreased significantly when the temperature was raised above the 
Τ 

Even though we could not compare the orientation obtained for PS or 
P V M E segments easily, we were able to show dramatic differences be
tween the orientation obtained for PS i n compatible or incompatible 
blends. Because, as we have demonstrated earlier, compatible or incom
patible blends can be prepared by varying solvent or thermal history of 
mixtures of the same composition, the orientation functions measured for 
the polystyrene bands shown in Figure 5 are most interesting. Clearly, the 
orientation of polystyrene is higher in compatible mixtures. 

In this initial study we have demonstrated that vibrational spectros
copy can indeed be useful in characterizing conformation and environment 
of individual components in polymer blends. Furthermore, if we allow suf
ficient time resolution, F T I R can also be used to follow orientation changes 
of individual components when samples are deformed macroscopically. 
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Figure 5. Orientation behavior of the 700-cm 1 PS band in 50:50 PS/ 
PVME blends. Key: •, phase separated blends; and O , compatible blends. 
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Segmental Orientation in Multicomponent 
Polymer Systems 

CARL B. W A N G 1 and STUART L . COOPER 

Department of Chemical Engineering, University of Wisconsin, 
Madison, WI 53706 

The technique of IR dichroism was used to characterize seg
mental orientation in several multicomponent polymer sys
tems. Compatibility at the molecular level usually leads to 
similar segmental orientation of the blend components. In 
contrast, different orientation behavior is observed for com
ponents in those incompatible blends that exhibit large-scale 
phase separation. Orientation characteristics for the blends 
of poly (vinyl chloride) (PVC) with poly(є-caprolactone) 
(PCL), PCL with nitrocellulose (NC), PVC with a seg
mented polyurethane, and PVC with butadiene acrylonitrile 
rubber are described. Studies of the temperature dependence 
of segmental orientation show that the orientation achieva
ble is strongly dependent upon the viscoelastic state of the 
blend. The orientation of the soft and hard segments of a 
polyether urethane-urea was shown to depend on domain 
morphology as affected by hard segment weight fraction, 
hard and soft segment length, and hard domain urea con
tent. 

THE USE OF ORIENTED PLASTICS AND FIBERS has grown recently because of 
the improved mechanical properties that orientation can impart to poly
meric materials. The field of study in which strain is related to orientation 
of polymers has also grown to include a large number of experimental 
methods (1,2). Among the various techniques, IR dichroism can be used to 
measure the average orientation of particular chemical bonds or groups on 
the polymer chain by monitoring changes in the IR spectrum during 
stretching of the polymer. Additionally, in multiphase polymer systems, IR 
dichroism can be used to study the deformation of chain segments in each 

ICurrent address: IBM Research Laboratory, San Jose, CA 95193. 

0065-2393/84/0206-0111 $06.00/0 
© 1984 American Chemical Society 
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112 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

domain by following the absorption of functional groups residing on seg
ments in different phases. 

Dichroism is based on the fact that IR absorption by molecules occurs 
only at a specific angle, represented by a transition moment vector M . The 
absorption A of plane polarized light by a chemical species is proportional 
to the square of the dot product of the transition moment vector and the 
electric vector E , which reside at an angle β wi th respect to each other. 

A ~ (Μ · E ) 2 = Jt(|M||E|)2cos2iS (1) 

Thus, incident light that is perpendicular to M is not absorbed. If a poly
mer is elongated such that the M vectors are preferentially oriented, the 
amount of absorbance of plane polarized light parallel to the direction of 
stretch (Ay ) w i l l differ from the absorbance of plane polarized light perpen
dicular to the direction of stretch (A 1 ) . The ratio of these two absorbances 
defines the dichroic ratio D , 

D = A, I A, (2) 

which varies from zero to infinity (unity represents random orientation). 
In the case of uniaxial stretching, the orientation of the polymer chain 

can be related to the stretch direction through an orientation function / (3), 

f-m)m) 
where D 0 is the dichroic ratio for perfect orientation, which is related to the 
angle a between the transition moment vector, M , and the chain axis by the 
following equation: 

D 0 = 2 cot 2 a (4) 

In IR dichroism experiments, samples are typically stretched to a de
sired strain level and then allowed some degree of stress relaxation. Absorp
tions A y and Αλ are then recorded by placing the sample i n the sample beam 
of a spectrophotometer at a 45° angle. This angle minimizes machine po
larization effects. A polarizer is placed between the sample and mono-
chromator, and the parallel and perpendicular spectra are recorded by ad
justing the angle between the polarized beam and the sample. 

For dynamic experiments, a differential dichroism method may be 
used. The sample is strained in the common beam of a double-beam spec
trophotometer and the transmitted radiation is split into two beams polar
ized parallel and perpendicular to the direction of stretch. The recorded 
output is the difference between the two absorptions. The orientation func
tion is calculated by using Equation 5: 
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8. W A N G A N D COOPER Segmental Orientation by IR Dichroism 113 

(D0 + 2\( A, -A, \ 
1 \D0 - l / V 3 A 0 ( / / / 0 ) - 1 / 2 / K ' 

where A 0 is the unpolarized absorption of the undeformed sample and I 
and Z0

 a r e the stretched and unstretched sample lengths. The term 
Ao(Hlo)~112 equals the unpolarized absorption of any strain level as
suming constant volume deformation. 

Materials and Sample Preparation 

Poly(e-caprolactone) (PCL) and the p o l y v i n y l chloride) (PVC) were 
obtained from Union Carbide. Nitrocellulose (NC) (Hercules Inc.) con
tained 2.25 ± 0.60 nitro groups per anhydroglucose ring. Polyether 
polyurethane was prepared by the B. F . Goodrich Company (ET-38-1). 
The hard segment is composed of the 4,4'-(dicarbonylamino)diphenyl-
methane chain extended with 1,4-butanediol, and poly(tetramethylene 
oxide) (PTMO) is the soft segment. The sample code ET-38-1 repre
sents the polyether soft segment (ET); the weight percent of 4 ,4 ' -
(dicarbonylamino)diphenylmethane present (38%); and approximate 
soft segment molecular weight in thousands (1). The poly(butadiene-co-
acrylonitrile) (BAN) used was from Scientific Polymer Products C o . 
The number after B A N indicates the weight percent of acrylonitrile in 
the copolymer. The segmented polyether polyurethane-ureas (PEUU) 
were synthesized i n this laboratory by a two-step condensation reac
tion. The molar ratios of 4,4'-(dicarbonylamino)diphenylmethane, eth-
ylenediamine (ED), and P T M O , and the soft segment (PTMO) molecu
lar weight were altered in different syntheses to produce samples with 
systematically varied hard segment content and block length. A poly
mer made from 3 mol of 4,4 /-(dicarbonylamino)diphenylmethane, 2 
mol of E D , and 1 mol of 1000 molecular weight P T M O is designated 
as PEUU-46-1000; The first two digits represent the weight percent of 
the hard segment content and the second group of digits is the soft seg
ment molecular weight. 

A l l samples for this study were prepared by spin casting from 
polymer solutions and were about 75-125 μπι thick. For each blend 
sample, the ratio specifies the weight percent composition of each com
ponent. Table I summarizes the sample preparation conditions and the 
type of apparatus used for the dichroism experiments. 

Results and Discussion 

N C / P C L Blends (4, 5). In this blend system, dynamic differential 
dichroism was used to follow chain orientation while the sample was 
elongated at a constant strain rate. Measurements were performed by 
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Table I. Summary of Sample Preparation Method, IR Dichroism 
Technique, and IR Apparatus Used 

Casting IR 
Casting Temperature Dichroism 

Sample Solvent (°C) Technique" 
PVC/PCL blends T H F 25 D 
NC/PCL blends T H F 25 D 
ET-38-1/PVC 

Series 1 blends T H F 25 C 
ET-38-1/PVC 

Series 2 blends THF/dioxane 60 C 
BAN31/PVC blends T H F 25 C 
BAN44/PVC blends T H F 25 C 
PEUU copolymers JV,JV'-dimethyl 

acetamide 70 C 

°D = differential; C = conventional. The IR apparatus used was the Perkin-Elmer 180 
IR spectrophotometer except for PEUU copolymers, for which the Nicolet 7199 FTIR was 
used. 

using different IR peaks, which allowed a comparison of the molecular 
orientations for each blend constituent. In addition, a cyclic experiment 
was employed where the f i lm was strained to a predetermined elonga
tion, relaxed at the same strain rate unti l the stress was reduced to 
zero, and then elongated to a higher level of strain and so forth. The 
experimental data indicated an orientation response in the cyclic defor
mation similar to the single cycle process. 

The orientation of the two components of a compatible, amor
phous, 50% N C blend is shown in Figure 1. The films have been 
strained to 25, 50, and 75% i n successive cycles; each strain increment 
is followed by a relaxation to zero stress. The orientation of the P C L 
and N C was followed by observing the carbonyl (1728 c m " 1 ) and N 0 2 

(1660 c m - 1 ) stretching peaks, respectively. Figure 1 shows that the ori
entation of the two chains follows similar paths. The similarity suggests 
that the local environment is very much the same for both blend con
stituents. 

The orientation functions for the N 0 2 and carbonyl of the 25% 
N C blend are shown in Figure 2. The P C L erystallinity is approxi
mately 40 %, and has a rod-like superstructure (3). The N 0 2 orienta
tion is similar to that observed for the N 0 2 orientation in 50% N C , ex
cept that its magnitude is somewhat lower. 

The orientation function of the P C L carbonyl i n semicrystalline 
samples has both crystalline and amorphous components. If it is as
sumed that the orientation of the amorphous P C L can be represented 
by the orientation of a compatibly blended second polymer such as 
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8. W A N G A N D C O O P E R Segmental Orientation by IR Dichroism 115 

% ELONGATION 

Figure 1. Carbonyl (top) and NO2 (bottom ) orientation function vs elonga
tion curves for 50% NC/50 % PCL in a cyclic IR dichroism experiment. 

N C , then the orientation of the crystalline P C L can be calculated by 
making the following assumptions: 
1. The amorphous and crystalline contributions to the dichroic differ

ence ΔΑ and to the initial unpolarized absorption A 0 are additive. 
2. The extinction coefficients are the same for the carbonyl i n both 

phases. Therefore, the total orientation function is a linear function 
of the component orientations, i .e., 

/ = Φ Je + Φαία (6) 

where φ is the volume fraction, and the subscripts c and a represent 
the crystalline and amorphous phases, respectively. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
08



116 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

% ELONGATION 

Figure 2. Carbonyl (—), NO2 ( ), and calculated crystalline (—) ori
entation function vs elongation curves for 25 % NC/75 % PCL. 

3. The volume fraction φ is not affected by the applied deformation. 
Equation 6 has been applied to single cycle 25% N C orientation 

data, and the calculated crystalline orientation is shown in Figure 2. 
The crystalline volume fraction was calculated on the basis of compo
nent densities and the differential scanning calorimetry (DSC) heat of 
fusion measurements (4). As expected, the crystalline P C L orientation 
was much higher than the orientation for the amorphous P C L and 
N 0 2 . As the stress is relieved, the amorphous chains recoil back to 
their high-entropy random-coil conformation. However, the crystallites 
have oriented as units, and the residual stress exerted on the crystals by 
tie molecules tends to maintain or increase their orientation. 

The usefulness of Equation 6 goes beyond analyzing semicrystalline 
polymer blends. The N C may be viewed as a molecular probe. A small 
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8. W A N G A N D COOPER Segmental Orientation by IR Dichroism 117 

amount of a compatible polymer suitable for IR analysis may be mixed 
with a semicrystalline polymer and can give a direct measure of the amor
phous orientation. A polymeric probe would also be useful i n phase-sepa
rated systems such as block copolymers where suitable IR bands are not 
available because of band overlap or a lack of known transition moment 
vector directions. The probe molecule should be of comparable molecular 
weight, however, to equalize the effect of chain relaxation on the orienta
tion function (discussion under " B A N / P V C Blends"). 

P V C / P C L Blends (4, 5). Figure 3 shows that the P C L chains in the 
75 % P V C blend orient i n essentially the same way as the isotactic segments 
and the other folded-chain P V C segments represented by the 693-cm ~ 1 

peak. 
However, the syndiotactic segments of extended chains (613 c m - 1 ) 

are obviously situated in a different local environment. These more rigid 
segments form into microcrystalline phases that orient as units to much 
higher degrees than the amorphous isotactic sequences. 

ET-38-1/PVC Blends (6). As determined from D S C and Rheovibron 
data (5), Series 1 samples are partially compatible and Series 2 samples are 

Figure 3. Carbonyl and C-Cl orientation function vs elongation curves for 
75% PVC/25% PCL. 
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118 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

incompatible. In this study, the hydrogen bonded N - H ( N H B ) and 
C = 0 ( C O B ) groups were used to follow the orientation of the urethane 
hard segment, and the orientation of the soft segment was followed by us
ing the nonhydrogen bonded or free C = 0 ( C O F ) groups. W e assumed that 
isolated 4,4'-(dicarbonylamino)diphenylmethane segments in the soft seg
ment domains w i l l orient in a similar fashion to the polyether segments. 
Both of the C - C l stretching peaks at 637 and 691 cm ~ 1 originate from 
amorphous phase P V C chain segments. Orientation of the P V C phase was 
followed by using the 6 3 7 - c m - 1 peak because it is both stronger and 
sharper than the 691-cm" 1 peak. 

Orientation functions for the N H B and C O B of each of the Series 1 
samples are very similar (Figure 4). This similarity is a result of the fact that 
both groups reside in the hard segment domain. The C O F orientation is 
observed to be greater than those of the N H B and C O B at low strain, 
whereas the inverse is true at high elongations (Figure 4). Similar behavior 
is also observed for Series 2 samples (not shown). This observation suggests 
that microphase separation i n the polyurethane occurs i n both blend sys
tems. Initially, the stiffer hard segment domains are less affected by 
stretching and the coiled soft segments are easily oriented because they are 
above their glass transition temperature (T g ) . As the f i lm is elongated, the 
soft segments apply increasing shear stress to the hard segments and cause 
them to orient into the stretch direction. The dichroism data were taken 

100 200 300 0 100 200 
% ELONGATION 

300 

Figure 4. Orientation function vs elongation curves of Series 1 blends of 
ET-38-1/PVC. Key: —, NHB; —, COB; and —, COF. 
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8. W A N G AND COOPER Segmental Orientation by IR Dichroism 119 

after 10 min of stress relaxation. Consequently, the soft segments tended to 
disorient toward a more random conformation via an entropy-driven 
mechanism. The accompanying retractive force exerts a tension on the 
hard segments and causes them to become further aligned in the stretch 
direction. For Series 1 samples, at low strain, the C - C l orientation is simi
lar to that of the C O F (Figure 5). However, the orientation functions of C ~ 
CI and C O F are well separated for the corresponding samples in Series 2. 
The similarity suggests that the local environment is very much the same 
for both P T M O and P V C i n the Series 1 compatible blends. 

For the 37.5/62.6 blends, the match of C - C l and C O F orientation for 
Series 1 samples at low strains indicates the segmental compatibility be
tween P T M O and P V C phases (Figure 6). However, at higher strains the 
C - C l orientation is observed to be higher than those of C O F in both series 
of blends. For the Series 1 samples, the P T M O - P V C compatible matrix 
apparently is P V C - r i c h and shows similar orientation of C - C l and C O F 

only at low strains. In the Series 2 samples the P V C and polyurethane 
chains reside in two interconnecting matrices, and the more rigid P V C seg
ments show higher orientation at all strain levels. 

B A N / P V C Blends (7). D S C , Rheovibron, stress-strain, and transi
tion electron microscopy (TEM) results indicate that B A N 31/PVC blends 
are substantially compatible but B A N 44/PVC blends are incompatible (6). 

0 100 200 300 0 100 200 300 

% ELONGATION 

Figure 5. Orientation function vs elongation curves of Series 1 and 2 blends 
ofET-38-l/PVC (icoFand îC-Clfor 62.5/37.5 and 50/50 compositions). Key: 

—, COF; and —, C-Cl. 
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120 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

300 
% ELONGATION 

Figure 6. Orientation function vs elongation curves of Series 1 and 2 blends 
of ET-38-1/PVC (icoF and îC-Cl for 37.5/62.5 composition). Key: —, COF; 

and —, C-Cl. 

In this study the C=N group (peak at 2237 c m ' 1 ) was used to follow the 
orientation of the B A N chain segments. Orientation of the P V C phase was 
followed by using the C - C l peak at 637 c m - 1 . 

During the stress relaxation period following sample stretching, the 
preferential orientation of the chain is influenced by segmental relaxation. 
For the P V C blends studied, separate experiments showed that the extent 
of segmental relaxation was determined by how close the testing tempera
ture was to the T g of the corresponding phase. The relaxation of chains i n a 
compatible blend is affected by the molecular weight of the individual 
components. For example, in the deformation of a blend of different mo
lecular weight polystyrenes, the lower molecular weight species may relax 
more rapidly and cause a lower orientation (8). However, for the polymer 
blends in this study, the influence of molecular weight on the segmental 
orientation is less prominent because components of comparable molecular 
weight were used. 

Figure 7 is the schematic diagram showing the Tg range (between the 
onset and end temperature, as indicated by a slope change on the D S C 
thermogram) and the temperatures (vertical dashed lines) where the IR d i 
chroism experiments were carried out for each B A N 31 /PVC blend. In this 
series of nearly compatible blends, the unusually broad transition regions 
suggested that some degree of heterogeneity exists i n the corresponding 
amorphous phase. Probably this phase contains a truly miscible B A N 31-
P V C matrix as well as "microdomains" of either B A N 31 or P V C . Conse
quently, the measured chain orientation is a combination of the segmental 
orientation from both the matrix and the microdomains. 

Figure 8 shows orientation functions (/) plotted against percent strain 
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I I I ! 

BAN3I 
1 1 

ι ι ι ι I ι « · « 

BAN3I/PVC 
19 

ι ι 
• 1 1 

(75/25) Ψ—Ι 1 

\ 10 2,0 30 7,0 85 

(50/50) t i l l i l 
50 60 7,5 

• il 1 

(25/75) 1 1 1 

6 5 , , 
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t i l l 

1 • » 1 • ι I I 1 1 
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I ι ι ι ι 1 ι ι 1 t 
- 5 0 0 50 100 

TEMPERATURE ,°C 

Figure 7. Relationship between the Tg range and IR dichroism measure
ment temperatures for the BAN 31/PVC blends. 

Figure 8. Orientation function vs elongation curves of the BAN 31/PVC 
(50/50) blends (the comparison between IQN and ic-Cl) a t various tempera

tures. Key: —, C-Cl; and —,CN. 
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for the 50/50 blend of B A N 31/PVC. As the temperature was raised, the 
extent of segmental relaxation increased and lowered the / values. In the 
miscible B A N 3 1 - P V C matrix, both components were considered to be 
similarly oriented because their local environments were indistinguishable. 
However, the contributions to the/ values from the relatively pure P V C or 
B A N microdomains are rather different and depend upon the test tempera
ture. For example, in the transition region (e.g., 1, 10, and 20 °C) , the 
B A N 31 microdomains are easily aligned and not significantly disoriented 
within the experimental time scale. This ease of alignment tends to increase 
the overall B A N 31 chain orientation. In contrast, any P V C microdomains 
present are too r igid to undergo significant orientation. Hence, in the 
1-20 °C range,/CN is greater t h a n / c _ c l . At - 30 °C, the B A N 31 microdo
mains exhibit substantial disorientation within the given stress relaxation 
period so that/ C N is comparable t o / c _ c l . At somewhat higher temperatures 
(e.g., 70 and 78 °C) the P V C microdomains may be oriented so t h a t / C N is 
observed to be lower than /c-ci · 

As D S C and Rheovibron data have shown, blends of B A N 44/PVC 
contain two amorphous phases; one is mainly B A N 44 and the other is a 
compatible B A N 4 4 - P V C mixture. Because of poor interfacial bonding, ef
forts to uniformly deform the specimens failed and IR dichroism experi
ments could not be carried out at temperatures lower than ~ 50°C (Figure 
9). The orientation function versus percent strain curves are shown in Fig
ure 10 for the 50/50 composition. Because of the essentially relaxed state of 
the B A N 44 phase, which is well above its T g , the P V C orientation as mea
sured by /c-ci is higher than the corresponding values of / C N . The / C N at 
52°C, however, is greater than the data taken at higher temperatures be
cause that sample was tested within the transition zone of the P V C - r i c h 
phase, which does contain some B A N 44. 

The experimental results for N C / P C L , P V C / P C L , and ET-38-1 
blends suggest than an amorphous compatible blend may exhibit the char
acteristics of a single homopolymer, not only in its glass transition behavior 
and mechanical properties, but also in the uniform way in which the poly
mer chains orient. In contrast, a phase-separated binary mixture of poly
mer segments w i l l exhibit a different orientation for each component. For 
example, when the incompatible high-density polyethylene/isotactic poly
propylene blends were deformed, the component that constitutes the con
tinuous phase always orients to a higher degree than the component in the 
dispersed phase, regardless of which polymer dominates the composition. 
Furthermore, the polymers are not joined by covalent bonds in a polymer 
blend, and thus the discrete phases may experience different extents of ap
plied deformation, depending upon the interfacial cohesion between the 
separated phases. A n example has just been shown for the incompatible 
B A N 44/PVC blends. 

However, some hypothetical polymer blend situations may not conform 
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Figure 9. Relationship between the T g range and IR dichroism measure
ment temperatures for the BAN 44/PVC blends. 
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124 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

to the aforementioned model. First, two incompatible polymers might 
form an interpenetrating network such that the phases effectively act me
chanically in parallel. Thus their orientation functions would be related to 
their respective moduli and could possibly be quite similar. Second, if the 
backbone motion in a compatible polymer blend is effectively restricted by 
entanglements, the segmental orientation of such a chain would vary in
versely wi th the segment length between entanglement points. This theory 
predicts that the individual chain of a compatible blend w i l l exhibit similar 
orientation only if the corresponding segment lengths are comparable. In a 
compatible poly(phenylene oxide) (PPO)/PS blend, the stiffer chain com
ponent (PPO) had a higher orientation function (9). 

P E U U Copolymers (10). G E N E R A L O R I E N T A T I O N C H A R A C T E R I S 
TICS. Several functional groups were used to follow segmental orientation 
in the soft and hard segment domains of the P E U U samples. They include 
the following: (1) the average orientation of the symmetric and asymmetric 
C H stretching bands, which are a measure of soft segment orientation; (2) 
the C = 0 band ( C O F U T ) at 1731 c m " 1 , which is a measure of the average 
orientation of the nonhydrogen bonded urethanes either at the hard do
main interfacial zone or of hard segments solubilized in the polyether ma
trix; (3) the C = 0 absorption band ( C O B , U T ) at -1708 c m " 1 , which fol
lows the orientation of hydrogen bonded urethane at the interface; (4) the 
C = 0 band ( C O B U A ) at ~1635 c m " 1 , which is a measure of the orienta
tion of urea linkages within the hard domains; and (5) the N H band at 
— 3317 c m - 1 , which characterizes the hard segment orientation. 

Figure 11 shows the typical relationship between the orientation func
tion (/) and the percent elongation for P E U U samples as represented by the 
two samples containing 46 wt % hard segment. Upon deformation, the soft 
segments, as monitored by/cH> orient into the stretch direction. The orien
tation behavior of the hard segments is more complicated. A negative value 
of/co B U A ΟΓ/ΝΗβ indicates that the hard segments within the domains first 
orient transversely to the stretch direction. In contrast, both the urethane 
carbonyls orient positively; this orientation suggests that hard segments at 
the interface become aligned into the stretch direction. This phenomenon 
can be explained by suggesting a morphological model of polyurethanes 
consisting of interlocking hard and soft domains (11). In the unstrained 
state, the soft segments are essentially i n the isotropic random coil confor
mation. Urethane segments are, however, aligned approximately perpen
dicular to the long direction of the hard domains, thereby making the hard 
domains locally anisotropic. Overall , the hard domains are randomly ar
ranged so that the bulk sample appears mechanically and optically iso
tropic. In Estes' model (8) the individual hard segment may be initially 
oriented to different extents; this extent of orientation depends on the rela
tive orientation of the long dimension of the domain to the stretch direc-
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8. W A N G AND COOPER Segmental Orientation by IR Dichroism 125 

I 1 ι 1 1 1 1 1 ι 1 1 1 1 1 1 ι 

Figure 11. Orientation function vs elongation curves of (A) PEUU-46-
1000, and (B) PEUU-46-2000. Key: • , CH; Δ , COF UT; A , COB υ τ ; ·, 

NHB; and O, COBm. 

tion. The orientation of such an assembly of randomly oriented lamellae 
gives rise to an average negative orientation of the urethane chain segments 
because the chain axis is perpendicular to the long axis of the domain. Be
cause the N H B absorption combines N H groups participating in either the 
interurea, interurethane, or hard-to-soft segment hydrogen bonding, it is 
not surprising that the average bonded N - H orientation function (/NH B ) is 
less negative than the bonded urea carbonyl function, /co B U A (Figures 1 1 
and 12) . 

SOFT S E G M E N T O R I E N T A T I O N STUDIES. Figure 1 3 summarizes the soft 
segment orientation plotted against percent elongation for all the P E U U 
materials studied. As the hard segment content and block length were re
duced, lower soft segment / values were observed. The storage modulus 
(E ') at room temperature, as determined by D M A , also shows a trend con
sistent with the orientation behavior; that is, a higher Ε ' correlates wi th 
higher domain rigidity and less segmental disorientation during the 5-min 
relaxation period. Both factors result in higher/values. 

During the stress relaxation period following sample stretching, the 
orientation of the chain segments w i l l be influenced by molecular relaxa
tion processes. The extent of segmental relaxation w i l l be affected by the 
relative rigidity of the corresponding phase at the testing temperature 
(room temperature for this work). Consequently, the strained soft seg
ments with a T g much lower than room temperature tend to disorient to
ward a more random conformation via an entropy-driven mechanism. 
The accompanying retractive force exerts a tension on the urethane June-
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Figure 13. Orientation function vs elongation curves of (A) CH and (B) 
CO ρ υτ of polyether polyurethaneurea samples. Key: O, PEUU-46-1000; 
·. PEUU-46-2000; Δ , PEUU-36-1000; A, PEUU-36-2000; •, PEUU-25-

1000; and •. PEUU-25-2000. 
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8. W A N G A N D COOPER Segmental Orientation by IR Dichroism 127 

tions at the interface between the hard domains and the soft segment ma
trix and causes them to become further aligned into the stretch direction. 
The hard domains are less affected by the P T M O relaxation, because of 
their relatively high rigidity. Thus, for each P E U U sample, the soft seg
ment orientation (feu) w a s observed to be lower than the orientation of the 
nonhydrogen bonded urethanes (/coF U T) (Figure 13). 

H A R D S E G M E N T O R I E N T A T I O N STUDIES. T O study the influence of 

block length on segmental orientation, it is instructive to compare IR d i 
chroism results on samples containing similar hard segment concentra
tions. 

Stress hysteresis data showed that PEUU-46 samples contained highly 
interlocking hard segment domains. However, both the D S C and Rheovi-
bron results also indicated that PEUU-46-2000 had higher phase purity and 
degree of order in both the hard domains and the polyether matrix phase. 
Figures 11A and 11B show that/co B U A a n d / N H b of PEUU-46-1000 are less 
negative than those of PEUU-46-2000. The hard segment lamellae in the 
2000 M W sample apparently have better domain cohesion. This improved 
cohesion arises because PEUU-46-2000 has a higher fraction of urea groups 
and degree of interurea hydrogen bonding. Therefore the domains in the 
longer segment material are not disrupted into microdomains containing 
bundles of hard segments oriented preferably along the stretch direction 
until higher strain levels. 

Similar trends i n orientation behavior for soft and hard segments 
within domains or at the interface are observed for sample pairs PEUU-36-
1000 and 2000 (not shown) and PEUU-25-1000 and 2000 (Figures 12A and 
12B). In contrast, an initially posit ive/NH b i n PEUU-25-1000 is observed. 
This positive / arises from the relatively small contribution of the urea link
ages to the average hard segment orientation. (PEUU-25-1000 has the low
est urea content among the polyurethaneureas studied.) 

Conclusions 

For amorphous compatible blends of P C L and P V C or N C , P C L oriented 
in essentially the same manner as N C and the isotactic segments of P V C . 
Syndiotactic P V C segments showed much higher orientation functions; 
these higher functions imply the existence of a microcrystalline P V C phase. 

The P C L orientation functions for semicrystalline blends were sub
stantially higher than for the amorphous component N C or isotactic P V C 
segments. The crystalline and amorphous P C L orientations for a 25% N C 
blend were determined by assuming that the N C orientation behavior was 
representative of the segmental orientation of the amorphous phase chain 
segments of P C L . 

For the polyurethane (ET-38-l)/PVC blends, the IR dichroism results 
suggest that segmental compatibility between polyether (soft segment of 
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128 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

ET-38-1) and P V C depends on the details of the sample preparation 
method. Samplas east from tetrahydrofuran (THF) were more compatible 
than those cast from THE/dioxane. The aromatic urethane segments that 
exhibit microphase separation in the pure P U are not solubilized by blend
ing with P V C by any of the sample preparation methods used. 

For the blends of B A N / P V C , IR dichroism measurements are strongly 
dependent upon the viscoelastic state of the blends. The compatibility be
tween B A N and P V C , the extent of structural heterogeneity, and the pres
ence of ordered P V C microdomains significantly affect the orientation 
characteristics of the individual polymer chains. 

The orientation behavior of segmented P E U U copolymers is depen
dent upon the hard domain morphology and the viscoelastic state of the 
soft segment matrix. The hard segments wi th in rigid domains initially ori
ent transverse to the stretch direction whereas the soft segments orient par
allel to the stretch direction. 
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9 
Properties and Morphology of Poly(methyl 
methacrylate)/Bisphenol A Polycarbonate 
Blends 
ZACK G. GARDLUND 
General Motors Research Laboratories, Polymers Department, Warren, MI 
48090-9055 

Poly(methyl methacrylate) (PMMA) and bisphenol A poly
carbonate (PC) blends prepared by melt extrusion techniques 
have been investigated by dynamic mechanical analysis and 
scanning electron microscopy. Partial miscibility was estab
lished by a comparison of the experimentally determined 
glass transition temperatures (Tg) with those predicted by the 
Fox equation for a miscible pair of polymers. At PC concen
trations less than 50 wt %, the PC is dispersed in a continuous 
PMMA matrix; at higher PC concentrations, both polymers 
form continuous phases. A correlation has been observed be
tween the morphology and the storage modulus at 130 °C, a 
temperature between the Tg values of the pure polymers. The 
partial miscibility is discussed in terms of possible n-π com
plex formation between the n electrons of the ester group of 
the PMMA and the π electrons of the benzene rings of the PC. 

T H E B L E N D I N G O F B I S P H E N O L A P O L Y C A R B O N A T E (PC) wi th numerous poly
mers has been the subject of some interest in recent years. The polymer 
blends have contained aliphatic polycarbonates (I, 2), polyethylene (PE) 
(3,4), polypropylene (PP) (5), polystyrene (PS) (3), polysulfone (6), and a 
variety of other polymers and copolymers (4, 7). The major effort has been 
in the area of P C - P E blends (8, 9). Paul et al . (10-14) have done detailed 
studies of the effects of polyester structure on blend miscibility. 

W e have been interested i n the interactions between P C and poly-
(methyl methacrylate) ( P M M A ) , a polymer that although not a linear poly
ester does have a large density of pendent ester groups. A preliminary re
port on this research has been published (15). In this chapter, we w i l l 
consider the interactions between bisphenol A P C and P M M A , over a wide 
range of compositions, as reflected by changes in dynamic mechanical re
sponse and morphology. 

0065-2393/84/0206-0129$06.00/0 
© 1984 American Chemical Society 
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130 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Experimental 

Injection molding grade PMMA was obtained from Rohm and Haas Company, 
and an additive-free bisphenol A PC was obtained from General Electric Com
pany. As determined by gel permeation chromatography in tetrahydrofuran with a 
PS standard, the PMMA had a number average molecular weight (Mn) of 99,000 
and a molecular weight distribution (MWD) of 2.1, and the PC had Mn of 14,000 
and MWD of 2.2. Mixtures of the resins were made on a weight percent basis and 
were dried in a vacuum oven at 90 °C. The mixtures were extruded under dry 
conditions and granulated before a second run through an injection molding ma
chine in an extrusion mode. Molten resin was run onto a sheet of aluminum foil, 
covered with a second sheet of foil, and immediately compression molded. The 
plates were preheated to 250 °C and a 5-m in warm up was used, followed by a 3-
min press at 630 MPa. The plates were then cooled in a press at 210 MPa. Samples 
with cross-sectional dimensions of between 7 X 10 ~ 4 and 12 X 10 ~ 4 cm2 and 
lengths of 5.3 cm were used for dynamic mechanical analysis (DMA) at 11 Hz. The 
sample was placed in the jaws of the tension arms and the sample was cooled to 
-150 °C before analysis was begun. Dynamic mechanical response was estab
lished by means of a Toyo Baldwin Co. Rheovibron DDV IIC. The Rheovibron 
was controlled by a Hewlett Packard 9825A desktop computer, Hewlett Packard 
6940B multiprogrammer, and Princeton Applied Research Model 5204 Lock-In 
analyzer. The control program was developed in cooperation with IMASS, Inc. 
Data were recorded on tape and plotted by a Hewlett Packard 9245A plotter 
printer. Scanning electron microscope (SEM) analysis was done with an Interna
tional Scientific Instruments Model DS130 on surfaces of cryogenically fractured 
samples that had been sputtered with Au-Pt. 

Results 

Dynamic Mechanical Properties. The dynamic mechanical proper
ties, storage modulus (E ' ) , loss modulus (E " ) , and tan δ, of the blends and 
of the pure polymers were measured at 11 H z over the temperature range 
of -150 to +160 °C. The data for P M M A are shown in Figure 1. In this 
figure, as in all the mechanical spectra figures, the results are shown as 
smooth curves. These curves are based on tan δ data that was taken at 
1-2 °C temperature intervals. The Ε ' and Ε " data were calculated at 5 °C 
intervals with the exception of moduli that were calculated in the area of a 
transition. In these areas the smallest temperature increments, usually 
1 °C, were used. The spectra for pure P M M A are typical and have been 
described by numerous authors, albeit usually at a different frequency. 
The a or glass transition appears at 130 °C, as determined by tan δ, and at 
107 °C in the E" spectrum. The β transition, which is generally accepted 
(16) to arise from rotation of the methyl ester side group, is a broad shoul
der in the tan δ spectrum and a broad shoulder in the Ε " spectrum center
ing around 25-50 °C. The spectra for bisphenol A P C are shown in Figure 
2. The glass transition is located at 150 °C by tan δ and at 143 °C by Ε ". 
The β transition is seen as a shoulder in the region of 75-100 °C and has 
been attributed to packing defects i n the glassy state (J 7). The y transition 
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9. G A R D L U N D PMMA/Bisphenol A PC Blends 131 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Figure 1. Storage modulus, loss modulus, and tan δ for PMMA at 11 Hz. 

results in a broad peak in both E" and tan δ between - 100 °C and - 75 
°C. The 7 peak is considered to be a result of motion of the monomer unit 
(17). 

The dynamic spectra for the blends are shown in Figures 3-12. In this 
chapter, the following nomenclature w i l l be used: For example, 50 PC/50 
P M M A indicates a blend containing 50 wt % bisphenol A P C and 50 wt % 
P M M A . The addition of 2 wt % P C to P M M A to form blend 2 PC/98 
P M M A (Figure 3) yielded a 5 °C shift of the a transition as determined by 
tan δ and a 1 °C shift based on the E". The data for 15 PC/85 P M M A 
(Figure 4) are very similar to 2 PC/98 P M M A with only a slight change i n 
the a transition. The indication of a shoulder around - 90 °C can be attrib
uted to the y transition of P C . Blend 25 PC/75 P M M A (Figure 5) also shows 
small changes in the location of a transition with both tan δ and Ε ". In the 
previous blends, E' showed little effects from added P C . In this blend, 
however, the Ε ' begins to sharply drop off at a higher temperature. The β 
transition for P M M A and the y transition for P C now are represented by 
distinct maxima. The addition of more P C in blend 35 PC/65 P M M A (Fig-
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132 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

t o n 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Figure 2. Storage modulus, loss modulus, and tan δ for PC at 11 Hz. 

ure 6) causes a slight change in Ε '—again, the drop off i n modulus moves 
to a slightly higher temperature. The shift in T g is also small. 

Major changes i n the dynamic mechanical spectra are noted with the 
50/50 blend composition (Figure 7). The a transition for P C is observed as a 
maximum at 145 °C i n the tan δ results and as a shoulder at about 135 °C in 
the E". This observation is the first evidence of the a transition for P C in 
these blends. The a transition for P M M A is now a shoulder in tan δ and a 
maximum at 115 °C in Ε " . Both the β transition of P M M A and the γ transi
tion of P C appear as distinct maxima. The influence of the added P C is also 
seen in the decrease of the slope of Ε ' and the marked increase in values of 
£ ' at higher temperatures. 

W i t h increased P C content i n the blends, both tan δ and Ε " show dis
tinct maxima for the two a transitions (Figures 8-12). As the P C content is 
increased, the magnitude of a transition as determined by Ε " increases 
proportionately and also shows a shift to higher temperatures, reaching a 
maximum for Ε " at 143 °C (Figure 12). The size of the P M M A a transition 
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9. GARDLUND PMMA/Bisphenol A PC Blends 133 

in the Ε " data decreases in this blend series but shows a positive tempera
ture shift from 113 °C for 60 PC/40 P M M A (Figure 8) to 118 °C for 95 PC/5 
P M M A (Figure 12). The β transition for P M M A decreases in magnitude in 
the Ε " and tan δ data and the maximum flattens out at high P C contents 
(Figure 12). The 7 transition of P C shows little change in either the size of 
the maximum or location in temperature. 

In the Ε ' data for 50 PC/50 P M M A a double step drop i n modulus 
occurs at about 100 and 125 °C (Figure 7). This double step is also evident 
in Figure 8 for the 60 PC/40 P M M A blend. This double drop i n E' for 
blends 75 PC/25 P M M A (Figure 9) and 85 PC/15 P M M A (Figure 10) occurs 
at increasingly higher moduli and at somewhat higher temperatures. Fur
ther increases in P C content do not markedly increase Ε ' as seen for 90 PC/ 
10 P M M A (Figure 11) and 95 PC/5 P M M A (Figure 12). The double drop in 
E' is difficult to discern for these last two blends. The storage modulus is 
close to that of P C homopolymer. 
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134 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

i o n 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Figure 4. Storage modulus, loss modulus, and tan δ for 15 PC/85 PMMA at 
11 Hz. 

Blend Morphology. The morphologies of the blends were deter
mined by S E M analysis of cryoscopic fracture surfaces. In Figure 13a, the 
S E M micrograph of 2 PC/98 P M M A , P M M A is the continuous phase and 
P C appears as spheres. The few spheres that can be seen have diameters less 
than 0.5 μπι and emerge from the matrix. In the 15 PC/85 P M M A blend 
(Figure 13b) the size of the P C spheres is unchanged, but the concentration 
of spheres has increased. Holes are observed i n the continuous P M M A 
phase where P C spheres have been removed during fracture. Adhesion be
tween the spheres and the continuous phase is observed. There are roughly 
as many holes as there are spheres and the spheres are embedded in the 
matrix. In Figure 13c, the fracture surface of 25 PC/75 P M M A , the P C 
spheres exist in a variety of sizes, emerging from the continuous P M M A 
phase. The beginnings of coalescence of the P C spheres are also observed. 
For example, in the upper left corner of the micrograph, long (2-3 μπι) 
ridges of coalesced P C are seen. A series of six or seven spheres is seen in the 
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9. G A R D L U N D FMMA/Bisphenol A PC Blends 135 

lower left corner of the same micrograph. Blend 35 PC/65 P M M A (Figure 
13d) exhibits further coalescence of the P C spheres. No individual P C 
spheres are found; rather irregular rows of connected spheres exist. The 
change in morphology between 35 PC/65 P M M A (Figure 13d) and 50 PC/ 
50 P M M A (Figure 14a) is dramatic. Only lamellae exist in the 50 PC/50 
P M M A blend as both phases are now continuous. The continuity of the 
phases is also seen in 60 PC/40 P M M A (Figure 14b) and 75 PC/25 P M M A 
(Figure 14c). The holes or voids are formed during fracture by removal of 
sections of continuous phase. The morphologies of 85 PC/15 P M M A (Fig
ure 14d), 90 PC/10 P M M A (Figure 15a), and 95 PC/5 P M M A (Figure 15b) 
are less distinctive. Phase separation does not occur and P M M A entities are 
not formed even at these high P C contents. In fact, wi th the exception of a 
decreasing irregularity of the surface, the micrographs are remarkably sim
ilar to that of unblended P C . 
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136 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Discussion 

Visual observation shows that the blends are opaque over the entire compo
sition range, a fact that is generally taken as an indication of polymer im
miscibility. Also, the two Tg values, as determined by D S C (15), of the 
P M M A and P C are observed over the composition range of the blends. 
However, even a cursory look at the effect of composition on transition 
temperature shows a change in temperature with composition. The various 
transition temperatures are listed in Table I. To avoid a superfluity of sub
scripts and superscripts, the following nomenclature has been developed 
for the observed transitions: Τ χ is the glass transition (Ta) of the P C compo
nent, and Τ2 is the glass transition (Ta) of the P M M A . Because the Τβ for 
polycarbonate is obscured in the blends, it w i l l not be listed. T 3 is the Τ β of 
P M M A while T 4 is the Ty of P C . A l l transition temperatures were deter
mined as being where the Ε " was a maximum. In general, Ε " values were 
calculated wi th temperature increments of 5 °C, except in the area of a 
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9. GARDLUND PMMA/Bisphenol A PC Blends 137 

transition where calculations were made at 1 °C intervals. The glass transi
tion temperatures (T x and T 2 ) , as determined by the line intersection 
method (18) from D S C are included for comparison, but the transition 
temperatures as determined by D M A w i l l be used for most considerations 
of compositional effects. The lower temperature transitions (T 3 and T 4) as 
determined by D M A , are very broad, and a temperature is recorded from 
the Ε " calculation as a midpoint temperature. The T 4 , the Ty for P C , does 
not change with changes i n blend composition. This finding is consistent 
with the assignment of this transition to motion of monomer segments in 
the polymer backbone. The motion of these segments should be unaffected 
by the polymer's environment. T 3 , the Τ β for P M M A (which is very broad), 
can only be recorded as a temperature range, but it does tend to higher 
temperatures as the concentration of P C increases. Since T 3 is a result of 
rotational motion of the ester group of the P M M A , T 3 should be affected by 
the environment. As the ease w i t h which the ester group can rotate is 
changed, so should the transition temperature change, as seen by the exper
imental results. The Τ χ for P C does not appear until the P C concentration is 
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138 POLYMER BLENDS AND COMPOSITE IN MULTIPHASE SYSTEMS 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Figure 8. Storage modulus, loss modulus, and tan δ for 60 PC/40 PMMA at 
11 Hz. 

0.50 weight fraction and then Τ χ gradually increases with increased P C 
content in the blend. The P M M A T 2 is observable over the entire composi
tion range, also increasing with increased P C content. As the blend compo
sition changes from pure P M M A to 0.35 weight fraction P M M A the total 
change in temperature is 2-3 °C. A large jump in temperature occurs be
tween the 35 PC/65 P M M A blend and the 50/50 blend, and a larger change 
in transition temperature occurs over the composition range of 0.35-0.95 
weight fraction P M M A . Also, for P C contents greater than 0.35 weight 
fraction, two glass transitions are observed. 

Plots of Τ γ and T 2 versus composition are shown along with a plot of 
the Fox equation (19, 20, 21) in Figure 16. The dotted lines in the figure 
indicate the expected T g values for P C and P M M A if the polymers were 
completely immiscible. The slightly curved solid line (Fox equation) be
tween the T g values of the pure polymers predicts the single glass transition 
for a blend of two miscible polymers. Clearly, for the P C / P M M A blends, 
intermediate behavior is the case; that is, the polymers are partly soluble in 
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ι ο " Γ 

Figure 9. 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Storage modulus, loss modulus, and tan δ for 75 PC/25 PMMA at 
11 Hz. 

one another. Extrapolation of the experimental results back to the pre
dicted temperatures allows calculation of the extent of miscibility (i.e., ap
proximately how much the polymers intermix). By using Equation 1 

W i = g2 (i) 

as derived by Stoelting et al . (22), where Tg is the experimentally deter
mined glass transition temperature of the blend, and T g l and T g 2 are the 
experimentally determined T g values of the pure blend components P C and 
P M M A , respectively, the weight fraction (W\) of the blend component 
1 can be calculated. The results of the calculations based on the glass transi
tion temperatures listed in Table I are shown in Table II. The blend com
position listed in Table II are based on the original amounts of P C and 
P M M A used to prepare the blends. If W x is calculated for the 50 PC/50 
P M M A , 60 PC/40 P M M A , and 75 PC/25 P M M A blends, the miscibility of 
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140 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

i o n 

-150 -100 -50 0 +50 +100 +150 
Temperature (°C) 

Figure 10. Storage modulus, loss modulus, and tan δ for 85 PC/15 PMMA 
at 11 Hz. 

P C with P M M A and conversely the miscibility of P M M A with P C are ap
proximately equal. For example, in the 50 PC/50 P M M A blend the appar
ent weight fraction of P M M A in the P C rich phase is 1.00-0.78, or 0.22. 
This equal miscibility is not observed at P C concentrations greater than 75 
wt %, possibly because this empirical analysis is not sufficiently sensitive at 
very high concentrations of one of the components. The results from calcu
lations based on the D S C measurements are in good agreement with those 
obtained from D M A measurements. A recalculation of blend compositions 
from the apparent weight fractions in Table II indicates small changes in 
actual phase concentrations but does not change the overall observations. 

The morphologies observed by S E M agree very well with the results 
from D M A . The partial miscibility of the two polymers is exemplified by 
Figure 13c where the P C spheres emerge from the continuous P M M A 
phase. In cases of nonadhesion of phases where the two polymers are com
pletely immiscible, as with bisphenol A PC/high density P E (3), the spheres 
of the discontinuous phase literally appear to sit in craters formed by the 
continuous phase. 
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-150 -100 -50 0 +50 +100 +150 

Temperature (°C) 

Figure 11. Storage modulus, loss modulus, and tan dfor 90 PC/10 PMMA 
at 11 Hz. 

The double step drop in Ε ', as seen in Figure 7, has also been observed 
in other partially miscible systems, such as PVC-chlor inated ethylene vinyl 
acetate copolymer (23). The double step has been described for immiscible 
polymer systems and correlated with the composition at which the poly
mers form continuous phases (3). In this P C - P M M A system the SEMs show 
a change from spheres in a continuous matrix (35 PC/65 P M M A ) to the 
lamellae of two continuous phases (50 PC/50 P M M A ) i n the same blends 
that first show the double step in Ε '. 

A plot of the Ε " versus weight fraction of P C (Figure 17) at a tempera
ture (i.e., 130 °C) midway between the T g values of the two polymers dra
matically exhibits the effect of blend composition. A sharp jump in modu
lus occurs between the 35 PC/65 P M M A and 50 PC/50 P M M A blends. This 
point is precisely where the morphology changes from P C spheres in a con
tinuous P M M A matrix to a lamellar morphology. At the lower weight frac
tions of P C , the P C is not contributing to the modulus as efficiently as it 
does when it becomes a continuous phase along with the P M M A at higher 
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-150 -100 -50 0 +50 +100 
Temperature (°C) 

+150 

Figure 12. Storage modulus, loss modulus, and tan δ for 95 PC/5 PMMA at 
11 Hz. 

P C weight fractions. A t weight fractions of 0.50 P C and above, the two 
polymers contribute proportionately to the overall blend modulus. 

The question remains as to why there is a partial miscibility between 
P C and P M M A . This miscibility can be considered to be a result of η-π 
complex formation between free electrons of the ester groups in the P M M A 
and the π electrons of the aromatic rings of the P C . Possibly the η-π com
plex formation contributes to the miscibility of ester-benzene mixtures 
(24). In the case of linear polyesters, for example poly (ethylene succinate), 
poly (ethylene adipate) (PEA), and poly(e-caprolactone) (PCL) , enhanced 
η-π interactions wi th bisphenol A P C can be visualized. Blends of these 
polymers have been shown to be miscible (13). Conversely, P S - P C L blends 
have been found to be immiscible (25). This result may be due to the fact 
that the benzene rings are perpendicular to the PS backbone and the aro
matic 7Γ electrons are shielded so that there is no interaction with the η 
electrons of the ester groups. The P M M A - P C blend is an intermediary 
case. The ester groups of the P M M A are oriented perpendicular to the main 
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b 

c d 

Figure 13. Scanning electron micrograph of fracture surfaces at ΙΟ 4 X. 
Key: a, 2 PC/98 PMMA; b, 15 PC/85 PMMA; c, 25 PC/75 PMMA; and d, 35 

PC/65 PMMA. 
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9. GARDLUND PMMA/Btsphenol A PC Blends 145 

Figure 15. Scanning electron micrograph of fracture surfaces at ΙΟ4 X . 
Key: a, 90 PC/10 PMMA; and bt 95 PC/5 PMMA. 

Table I. Transition Temperatures of Blends as Determined by 
D M A and D S C 

Polycarbonate 
(wt%) 

DMA - Loss Modulus Maxima DSC Polycarbonate 
(wt%) 

100 - 9 0 143 150 
95 - 9 0 — 118 140 (118) 148 
90 - 9 0 (35-45) 117 141 (117) 144 
85 - 9 0 (35-40) 116 140 117 144 
75 - 9 0 30-35 114 139 115 142 
60 - 9 0 20-25 113 136 112 142 
50 - 9 0 20-30 114 (135) 111 142 
35 ( -90 ) 20-25 108 111 140 
25 ( -90 ) 25-30 110 111 — 
15 — 25-30 107 112 — 

2 — 20-25 106 110 — 
0 — 25-35 107 110 — 

NOTE: All transition temperatures are in degrees Centigrade. 
Τι = polycarbonate Ta (glass transition temperature) 
T 2 = polyimethyl methacrylate) Ta (glass transition temperature) 
T 3 = poly(methyl methacrylate) Τβ 
T 4 = polycarbonate Ty 

flFrom Gardlund (15). 
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ω 
w Ώ •*-> 
CO 
i _ 
Φ 
Q . 
Ε 
φ 

420 h 

410 h 

400 

390 h 

380 

0 0.2 0.4 0.6 0.8 
Weight Fraction Polycarbonate 

Figure 16. Glass transition temperatures of poly carbonate/poly (methyl 
methacrylate) blends, as a function of polycarbonate weight fraction. Key: 

, predicted glass transition temperature for miscible polymers; , glass 
transition temperatures for completely immiscible polymers; O, Ta (poly
carbonate) from loss maxima; and Ύα [poly(methyl methacrylate)] from 

loss maxima. 

Table II. Apparent Weight Fraction ( Wi) of P C in the P M M A - R i c h and 
P C - R i c h Phases from D M A and D S C Measurements 

Blend 

W j from Loss Modulus W ; / r o m DSC 

Blend PMMA-Rich PC-Rich PMMA-Rich PC-Rich 

95 PC/ 5 P M M A 0.31 0.92 0.20 0.95 
90 PC/10 P M M A 0.28 0.94 0.18 0.85 
85 PC/15 P M M A 0.25 0.92 0.18 0.85 
75 PC/25 P M M A 0.19 0.89 0.13 0.80 
60 PC/40 P M M A 0.17 0.81 0.05 0.80 
50 PC/50 P M M A 0.19 0.78 0.03 0.80 
35 PC/65 P M M A 0.03 (0.72)a 0.03 0.75 
25 PC/75 P M M A 0.08 (0.67)° 0.03 — 
15 PC/85 P M M A — 

(0.67)° 
— — 

2 PC/98 P M M A — — — 
°By extrapolation. 
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Figure 17. Storage modulus of PC/PMMA blends as a function of composi
tion at 130 °C. 

polymer chain but the η electrons can still interact with the τ electrons of 
the benzene rings in the P C chain. Unlike the P S - P C L blends, η-π com-
plexation does occur and PMMA-bisphenol A P C blends exhibit partial 
miscibility. 

Summary 

When blends of bisphenol A P C and P M M A are prepared by melt tech
niques, a partial miscibility of the polymers is discovered. The phase 
change between 0.35 and 0.50 Weight fraction bisphenol A P C has a defi
nite effect on the modulus of the blend system. The partial miscibility is 
discussed in terms of η-π complex formation between the ester groups of 
the P M M A and the benzene rings of the bisphenol A P C . 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
09



148 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Acknowledgments 

The very able technical assistance of M . A . Bator is gratefully acknowl
edged. The author thanks W . A . Lange for technical expertise in preparing 
the S E M micrographs of the blend fracture surfaces. Helpful and encour
aging discussions wi th D . R. Paul , G . D . Cheever, and H . B. Hopfenberg 
were appreciated. 

Literature Cited 

1. Goldberg, E. P. J. Polym. Sci. 1963, C4, 707. 
2. Shaw, M. T. J. Appl. Polym. Sci. 1974, 18, 449. 
3. Kunori, T.; Geil, P. H. J. Macromol. Sci. Phys. 1980, 18 (1), 93, 135. 
4. Stefan, D.; Williams, H. L. J. Appl. Polym. Sci. 1974, 18, 1451. 
5. Dobkowski, Z.; Kohman, Z.; Krajewski, B. In "Polymer Blends"; Kryszewski, 

M.; Martuscelli, E.; Palumbo, R., Eds.; Plenum: New York, 1980; p. 363. 
6. Myers, F. S.; Brittain, J. O., J. Appl Polym. Sci. 1973, 17, 2715. 
7. Peterson, R. J.; Corneliussen, R. D.; Rozelle, L. T. Polym. Prepr. Am. Chem. 

Soc. Div. Polym. Chem. 1969, 10, 385. 
8. Majnusz, J. In "Polymer Blends"; Kryszewski, M.; Martuscelli, E.; Palumbo, 

R., Eds.; Plenum: New York, 1980; p. 349. 
9. Varnell, D. F.; Runt, J. P. ; Coleman, M. M. Macromolecules 1981, 14, 1350. 

10. Barlow, J. W.; Paul, D. R. Poly. Eng. Sci. 1981, 21, 985 and references cited 
therein. 

11. Wahrmund, D. C.; Paul, D. R.; Barlow, J. W. J. Appl. Polym. Sci. 1978, 22, 
2155. 

12. Nassar, T. R.; Paul, D. R. ; Barlow, J. W. J. Appl. Polym. Sci. 1979, 23, 85. 
13. Cruz, C. Α.; Barlow, J. W.; Paul, D. R. J. Appl. Polym. Sci. 1980, 25, 1549. 
14. Smith, W. Α.; Barlow, J. W.; Paul, D. R. J. Appl. Polym. Sci. 1981, 26, 4233. 
15. Gardlund, Z. G. Polym. Prepr. Am. Chem. Soc. Div. Polym. Chem. 1982, 23, 

258. 
16. McCrum, N. G.; Read, Β. E.; Williams, G. "Anelastic and Dielectric Effects 

in Polymer Solids"; Wiley: New York, 1967. 
17. Yee, A. F.; Smith, S. A. Macromolecules 1981, 14 (1), 54. 

18. ASTM D3418 
19. Fox, T. G. Bull. Am. Phys. Soc. 1956, 2 (2) 123. 
20. Wood, L. A. J. Polym. Sci. 1958, 28, 319. 
21. Nielsen, L. E. "Mechanical Properties of Polymers and Composites"; Marcel 

Dekker: New York, 1974; Vol. 1, p. 25. 
22. Stoelting, J.; Karasz, F. E.; MacKnight, W. J. Polym. Eng. Sci. 1970, 10 (3), 

133. 
23. Marcincin, K. ; Romanov, Α.; Pollak, V. J. Appl. Polym. Sci. 1972, 16, 2239. 
24. Grollier, J. P. E.; Ballet, D.; Viallard, A. J. Chem. Thermodyn. 1974, 6, 895. 
25. Kern, R. J. J. Polym. Sci. 1956, 21, 19. 

RECEIVED for review January 20,1983. ACCEPTED August 15,1983. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
09



10 
Compatibility of a Random Copolymer of 
Varying Composition with Each 
Homopolymer 
K. FUJIOKA, N. NOETHIGER, and C. L. ΒΕΑΤΤΥ 
Department of Materials Science and Engineering, University of Florida, 
Gainesville, FL 32611 

Υ. ΒABA and A. KAGEMOTO 
Department of Chemistry, Osaka Institute of Technology, Asahi-ku, Osaka 535 
Japan 

The compatibility between polymers, especially poly(sty
rene) poly(n-butyl methacrylate), and poly(styrene-co-n
-butyl methacrylate) was studied by using visible spectroscopy, 
differential scanning calorimetry, inverse gas chromatogra
phy, and dielectric relaxation spectroscopy. The results 
showed that the compatibility between these polymers de
pends not only upon the composition of the copolymer and 
homopolymer with which it is blended, but also upon the 
percentage of copolymer chains in the blend. Each experi
mental technique provides slightly different results concern
ing the degree and the range of compatibility. These results 
suggest that a variety of experimental techniques aid in the 
elucidation of the extent and nature of the compatibility of 
mixed polymers. The dielectric relaxation data indicate that 
the compositional regions deemed compatible by other tech
niques and high frequency dielectric measurements appear 
to be phase separated when examined at low frequencies. 
Thus, the compatibility of polymers may not be limited to 
strictly compatible or incompatible behavior, but may also 
include intermediate behavior such as partially mixed re
gions that coexist with phase-separated domains. 

T H E QUESTION OF C O M P A T I B I L I T Y B E T W E E N POLYMERS has been wel l studied 
for a number of years by using bulk parameters (such as the solubility pa
rameter) and the free energy interaction parameter as guides to possible 

0065-2393/84/0206-0149$06.00/0 
© 1984 American Chemical Society 
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150 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

compatibility ( i ) . The lack of success of these approaches for some systems 
has led to the concept that compatibility may be related to interaction be
tween the specific moieties on the different polymer chains. A l l of these 
approaches have had their limitations and have not been universally 
proven. 

However, the length of the chain plays a key role. Many oligomers are 
compatible wi th polymers of greatly dissimilar chemical composition, 
whereas the high molecular weight polymeric analogs are not compatible 
{1,2). Therefore, an ideal system for studying compatibility would be one 
in which the degree of compatibility could be varied i n a continuous fash
ion. The degree of compatibility would be held independent of the length 
of the polymer chain by keeping the molecular weight of the polymer 
chains used to make the blends constant. 

A n approach that may satisfy these criteria may be the use of a ran
dom copolymer composed of mers of basically incompatible polymers. 
Thus, polymer chains of a controlled, but variable, chemical composition 
and of a selected molecular weight could be used in blends wi th the homo
polymer formed from each mer or wi th random copolymers of different 
mer ratios. Such a random copolymer would be expected to be compatible 
with the homopolymer of each of its mers (3) over some range of composi
tion of the blend. That is, data on a l imited range of compositional compat
ibility could be obtained by blending a pure homopolymer chain (A) made 
up of U mers, (A = (U) = U U U . . . ) wi th a random copolymer (B) com
posed of U and V mers, (Β = ( V ^ , U x ) = U U V U U V . . .) where χ is a 
number fraction of U units. In addition, this partial range of compositional 
compatibility could be obtained between random copolymers by making 
the difference between their χ values sufficiently small. Also, it may be pos
sible to determine if partial compatibility states exist instead of strictly 
compatible or incompatible states, in blended polymer systems. 

W e used poly(styrene) (PS) and poly(n-butyl methacrylate) 
[P(nBMA)] as the homopolymers (A and A ' ) and poly(styrene-co-n-butyl 
methacrylate) [P(S/nBMA)] of variable chemical composition as B. W e 
studied the compatibility between these polymers [i.e., (A)-(B), (A')-(B) 
or (B)-(B)] by using visible spectroscopy (VS), differential scanning calo
rimetry (DSC), inverse gas chromatography ( IGC), and dielectric relaxa
tion spectroscopy (DBS). 

Experimental 

Materials. PS (obtained from Foster Grant) had a number average molecu
lar weight of approximately 100,000 and a molecular weight distribution (M w /M n 

of 2.5. P(nBMA) (Polysciences, Inc.) and random copolymers P(S/nBMA) (Scien
tific Polymer Products, Inc.) also had number average molecular weights of ap
proximately 100,000. The chemical composition (styrene/nBMA) of random copol
ymers is indicated as 99/1 for 99 wt% styrene and 1 wt% nMBA, and so on. The 
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10. FUJIOKA ET A L . Compatibility of a Random Copolymer 151 

molecular weight distribution of all of these polymers was basically unimodal with 
little skewing. 

Visible Spectroscopy (VS). Blending was accomplished by dissolving the 
polymers in chloroform, a good solvent for PS, P(nBMA), and the random copoly
mer. Solubility parameters, calculated by the group contribution method (4, 5) 
and the heat of vaporization method (6), are 9.7, 9.0, and 9.2 cal 1 / 2 cm _ 3 / 2 25 °G 
for PS, P(nBMA), and chloroform, respectively. Films of PS, P(nBMA), P(S/ 
nBMA), and blends between polymers were cast from 5 wt% solutions in chloro
form and were evaporated slowly with protection from contamination by dust. 
The resulting films were dried under vacuum at room temperature for approxi
mately 4 days. A Model 552 Per kin-Elmer spectrophotometer was used to measure 
the visible light transmittance of the cast films. For these measurements, the film 
thickness was about 0.05 mm for all the polymer films examined. 

Differential Scanning Calorimetry (DSC). Sample preparation was carried 
out in the same manner used for VS. A Per kin-Elmer DSC 2 was used for measuring 
the glass transition temperature (Tg) of these films. Temperature calibration was 
achieved by using indium, zinc, and cyclohexane. Approximately 10-mg (20-mg) 
portions of the cast films were placed into the aluminum pans and sealed (values in 
parentheses are for the P(nBMA)-P(S/nBMA) system). The heating rate and sensi
tivity range of φβ DSC were 10 °C/min and 0.5 mcal/s (2 mcal/s) for each measure
ment, respectively. Samples were heated from 30 °C ( - 73 °C) to 160 °C (107 °C) 
and then cooled back to 30 °C ( - 73 °C) at 160 °C/min. After holding for 30 min at 
30 °C ( -73°C) to achieve equilibrium, the samples were heated to 160 °C 
(107 °C) at 10 °C/min and immediately cooled back to 30 °C (-73 °C) at 
160 °C/min. The reported Tg values were determined by this repeated temperature 
sequence. The T g was defined as the temperature that corresponded to the mid
point of the observed heat capacity step-change for the glass transition. 

Inverse Gas Chromatography (IGC). A Hitachi (Model 163) gas chromato-
graph equipped with a thermal conductivity detector was used for the inverse gas 
chromatography studies. The column temperature was detected by a copper-con
stant thermocouple. The average error in column temperature was ±0.5 °C. The 
flow rate of helium carrier gas was about 2.5-3.0 mL/min and determined at a 
precision of ±0 .2 mL/min by a soap bubble flowmeter. The column pressure was 
measured differentially against the atmospheric outlet pressure with a U tube ma
nometer filled with mercury. 

The columns were prepared as reported elsewhere (7, 8). The polymers were 
coated from a benzene (solubility parameter 9.2 cal1/2cm ~ 3 / 2 at 25 °C) (5) solution 
onto Chromosorb G (AW-DMCS treated, 70-80 mesh) purchased from Gasukuro 
Kogyo Co., Ltd. After drying under vacuum for 5 days at room temperature, the 
coated support was packed into 4-mm I.D. stainless steel columns. The total per
cent loading of polymer (ca 12%) on the support was determined by calcination. 
The relative concentration of polymer in the blends was assumed to be identical to 
that in the original solution. The columns were conditioned under helium for 5 h at 
a temperature above the Tg of the polymers. 

Dielectric Relaxation Spectroscopy (DRS). The dielectric relaxation cell was 
purchased from Balsbaugh Company, Inc. A Hewlett Packard (HP) Model 4272A 
multifrequency digital meter (frequency range 102-105 Hz) was used as the fre
quency source. This meter has automatic bridge balancing capabilities and was 
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152 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

interfaced with an HP 9915A computer for data collection and processing. Plotting 
of the data was achieved with an HP 9872S plotter. 

DRS measurements were made by scanning the temperature at a constant rate 
of 0.35 °C/min in a Delta Design temperature chamber (Model No. 5100). Tem
perature rate was controlled by the Delta Design rate programming accessory. The 
temperature of the sample was measured with an accuracy of ±0.1 °C by a Fluke 
2190A digital thermometer interfaced with the HP 9915A computer. The samples 
used in this measurement were prepared in the same manner as described for VS. 

Results and Discussion 

Visible Spectroscopy (VS). A common test of compatibility is opac
ity. Opacity indicates that scattering of light occurs from domains of differ
ing refractive index, and the lack of light scattering indicates that the do
mains are approximately less than the wavelength of the radiation used. In 
this study, visible light of λ 400 and 600 nm was used to measure the trans-
mittance of the cast films. 

The transmittance of the cast films is shown in Figures 1 and 2 for the 
PS-P(S/nBMA), P(nBMA)-P(S/nBMA), and P(S/nBMA)-P(S/nBMA) sys
tems. As seen in Figure 1 for the PS-P(S/nBMA) system, the 99, 95, 90, and 
85 wt % styrene P(S/nBMA) copolymers are compatible when blended wi th 
PS over the entire composition range. In contrast, the 80, 60, 40, and 20 
w t % styrene P(S/nBMA) copolymers when blended with PS seem to be 
compatible only in a definite range that becomes smaller as the styrene con
tent in the P(S/nBMA) random copolymer decreases. 

As seen i n Figure 2 for P(nBMA)-P(S/nBMA) blends, the 5 and 10 
w t % styrene copolymers are compatible wi th P(nBMA) over a portion of 

PS wt. % 

Figure 1. Transmittance at λ 400 nm for PS blended with P(S/nBMA) ran
dom copolymers of various chemical compositions: (a) 99/1, (b) 95/5, (c) 

90/10, (d) 85/15, (e) 80/20, (f) 60/40, (g) 40/60, and (h) 20/80. 
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10. FUJIOKA ET A L . Compatibility of a Random Copolymer 153 

PnBMAorP(S/nBMA)wt.% 

Figure 2. Transmittance at λ 400 nm for P(nBMA) blended with 
P(S/nBMA) random copolymers of various chemical compositions: (a) 5/95, 
(b) 10/90, (c) 20/80, (d) 40/60, and (e) 60/40. Transmittance at λ 400 nmfor 
P(S/nBMA)-P(S/nBMA) random copolymers (f) 20/80-80/20 and (g) 

40/60-60/40. 

the composition range. However, the 20, 40, and 60 w t % styrene P(S/ 
nBMA) random copolymers seem to be compatible with P(nBMA) over a 
portion of the composition range that becomes smaller as the styrene 
weight percent of the P(S/nBMA) random copolymer increases. The results 
for a copolymer/copolymer blend system are also shown in Figure 2. The 
range of composition that exhibits compatibility for blends formed from 40 
w t % styrene P(S/nBMA) and 60 w t % styrene P(S/nBMA) (i.e., the region 
of high transparency) is greater than that observed for blends of 20 wt % 
styrene P(S/nBMA) and 80 w t % styrene P(S/nBMA) random copolymers. 
This result is consistent wi th the hypothesis that as compositional differ
ence between polymers becomes larger the region of compatibility becomes 
smaller. To quantify the compatibility for PS-P(S/nBMA), P ( n B M A ) -
P(S/nBMA), and P(S/nBMA)-P(S/nBMA) systems, the following quantity 
(defined by Equation 1) was formulated to express the extent or degree of 
compatibility, C , as determined by V S measurements. The derived param
eter, C , ranges from 0 to 1; values of 1 are achieved when the blend is 
optically opaque, and a value of 0 represents an optically compatible blend 
system. 

C = l - r r = l - ^ = l - ^ 2 T ™ where Tc = Σ±±Ά ( i ) 
Tc Ta+ Tb

 c 2 w 

where Ta, Tb, and Tm are the transmittances at 400 nm of one polymer, the 
second polymer, and the measured transmittance of the 50/50 w t % of the 
blend of the two polymers, respectively. The calculated transmittance at 
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154 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

50 wt % for the blends is T c , and Tr is the ratio of the measured transmit
tance to the calculated transmittance at 50 wt %. A n equation of this form 
was selected to aid in the comparison of the visible spectroscopy and the 
Flory-Huggins interaction parameter results. The C values obtained are 
then plotted against the styrene weight percent in the P(S/nBMA) random 
copolymer as illustrated in Figure 3. Compatibi l i ty between polymers 
could be obtained by making the composition difference between the 
blended polymers small. Clearly the value of C for a polymer mixed with 
itself is zero, as is indicated for the copolymer-copolymer blend system 
(Figure 3C at 50 w t % PS). In addition, the composition range for compati
bility for the P(nBMA)-P(S/nBMA) system is wider than that for the P S -
P(S/nBMA) system. The wider composition range for compatibility is 
thought to be related to the more active or stronger interactions that are 
possible between η-butyl methylacrylate segments than are possible be
tween styrene repeating units. These interactions are probably of the hy
drogen bonding type although that question has not been investigated in 
this work. 

Obviously, increased interaction between segments i n a polymer 
chain should affect the interaction parameter between chains. The interac
tion parameter, χΑΒ is related to the solubility parameters by Equation 2. 

styrene wt% in copolymer 

Figure 3. Dependence of extent or degree of compatibility, C, on PS wt% 
for three blend systems. Key: ·, PS-P(S/nBMA) system; O , P(nBMA)-P(S/ 

nBMA) system; and Δ, P(S/nBMA)-P(S/nBMA) system. 
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10. FUJIOKA ET A L . Compatibility of a Random Copolymer 155 

where Vr is the molar volume of repeating unit, δ is the solubility parame
ter, R is the molar gas constant, and Τ is the absolute temperature. The 
solubility parameters of PS and P n B M A were calculated from the group 
contribution method (4, 5) by using Equations 3a and 3b: 

δ = pLFiiM (3a) 

Fi = ( E i V Q ) m (3b) 

where ρ is the density of polymer, M is the molecular weight of the repeat
ing unit, Ft is related to cohesive energy (E f of each functional group by 
Equation 3b and p0 is the molar volume of the group. Equation 4 was used 
for the calculation of the solubility parameters, δ6., of the random copoly
mers, P(S/nBMA). 

ÔC = P H E F M / M ^ + P2(EFh2IM2) φ 2 (4) 

where φγ and φ 2 are the volume fractions of each component in the random 
copolymers. The densities of PS and P(nBMA) required for the calculation 
were obtained from the literature (9,10) and the density of P(S/nBMA) was 
estimated by assuming that the intermediate mixtures were linear (the rule 
of linear mixtures). The values of Vr and Τ used for the calculation were 
100 cm 3/mol and 298 K , respectively. 

The calculated values of χ Α Β are plotted against styrene weight per
cent in the P(S/nBMA) used in the three blends system described in Figure 
4. The value of (xAB)CT (^so shown in Figure 4) was estimated at XA = XB 

= 1000 by using Equation 5 

(XAB)cr = "I 
1 , 1 

XA
m Xnm 

(5) 

In general, if χΑΒ > (χΑΒ)^ then the two polymers should be incompatible. 
The greater the difference between χΑΒ and (xAB)CT, the more incompatible 
the polymers should be. If χΑΒ < (xAB)cr, then the two polymers should be 
compatible at that composition. Comparing Figures 3 and 4 shows that the 
values of C obtained from V S are in fair agreement with the χ Α Β prediction 
of compatibility for values of χΑΒ below (xAB)CT. The similarity of the ob
served and predicted trends extends across the composition ranges for co
polymers blended with P(nBMA) as well as PS, and to the compatibility of 
the copolymer/copolymer blends as a function of composition. Thus, VS 
may be a convenient and simple method to measure not only the compati
bility between polymers but also the degree of incompatibility that is 
achieved. 

The composition of the blend for which χ Α Β becomes less than the crit
ical value, < (xAB)CT, (as determined by the group contribution calculation 
route) agrees well with the composition for which the experimentally de-
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156 POLYMER RLENDS A N D COMPOSITES IN MULTIPHASE SYSTEMS 

0.2 

s t y r e n e w t % in copolymer 

Figure 4. χ^β calculated from the group functional method for styrene 
wt% in PS-P(SZnBMA) blends. Key: a, PS-P(SMBMA); b, P(nBMA)~P(S/ 

nBMA); and c, P(S/nBMA)-P(S/nBMA). 

termined (inverse phase gas chromatography) interaction parameter be
comes negative. Thus, the group contribution route for estimating χΑΒ and 
(XAB)cf appears to offer a simple, short route for approximating the compo
sitional range of compatibility of polymer/copolymer and polymer/copoly-
mer blend systems. 

Glass Transition Temperature (Tg) by D S C . To confirm the results 
of V S , the glass transition temperatures of the blends were measured with 
D S C . The T g values obtained are shown in Figures 5 and 6. In the case of 
60, 80, and 85 w t % styrene P(S/nBMA)-PS blends (Figure 5), two Tg val
ues were observed (indicative of phase separation). For blends of 90, 95, 
and 99 w t % styrene P(S/nBMA) copolymers with PS, only one Tg was ob
served. This result suggests that the range of compatibility is dependent 
upon the chemical composition of the copolymer as measured by the range 
of existence of one or two Tg values. The 60, 80, and 85 w t % styrene P(S/ 
nBMA) appear to be compatible with PS in the range of 10-20, 10-15, and 
50-60 wt % PS in the blend, respectively. O n the other hand, 90, 95, and 99 
w t % styrene P(S/nBMA) appear to be totally compatible with PS as deter
mined by D S C measurements. 

The T g observed for the P(nBMA)-20/80 P(S/nBMA) system (Figure 6) 
indicates that these polymers are compatible. Thus, the composition range 
of compatibility for the P(nBMA)-P(S/nBMA) system is wider than that for 
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10. FUJIOKA ET A L . Compatibility of a Random Copolymer 157 

100 

100 

100 

— PS w t % — 

Figure 5. Glass transition temperature of PS blended with P(S/nBMA) 
random copolymers of various chemical composition, (a) 99/1, (b) 95/5, 

(c) 90/10, (d) 85/15, (e) 80/20, and (f) 60/40. 

the PS-P(S/nBMA) system. This finding is analogous to the results found by 
using V S . 

Inverse Gas Chromatography ( IGC) . The existence of either a com
patible blending (one T g) or an incompatible blending (two Tg values) that 
is dependent upon the chemical composition of the random copolymer used 
in the blend suggests that the interaction parameter between the random 
copolymer and the homopolymer is a function of the chemical composition 
of the random copolymer. Thus, I G C has been used to determine the inter
action parameter, χ ^ , of the random copolymer and the homopolymer in 
the PS-80/20 P(S/nBMA) and PS-60/40 P(S/nBMA) blend systems. 
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158 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

6 0 F ~ι 1 r ~| 1 1 ι r 

40Φ 

ο 

20 

ο J 

0 5 0 

P(nBMA) wt% 

100 

Figure 6. Glass transition temperature of P(nBMA) blended with 20/80 
P(S/nBMA) as detected by DSC. 

The specific retention volume, V | (cubic centimeters per gram) was 
computed by using the method in Reference 11. The Flory-Huggins inter
action parameters (12), χ, at infinite dilution of the probe were determined 
(13) from the measured specific retention volume for the benzene probe 
molecule in each of the pure phases ( χ 1 2 and χ 1 3 ) (13) and in the mixed 
stationary phase (xi ( 2 3 ) ) (14) i n Equations 6a, 6b, and 7. 

Xi2 = In 

Xi3 = In 

RTv2 

M2 -τ iv i 3 

Xim = Χ12Φ2 + Χ13Φ3 - Χ23Φ2Φ3 = In 

P? 
RT 

- 1 -
1 

-Φ21 
Pf 

where R is the gas constant; Γ is the temperature (Kelvin); V°is the specific 
retention volume; v% and *>3 are the specific volume of polymer 2 and poly
mer 3, respectively; P f is the vapor pressure of pure solvent; V\ is the molar 
volume of solvent; BXi is the second vir ial coefficient of solvent; M 2 and M 3 

are the number average molecular weights of the polymers; and ω 2 and ω 3 

are the weight fractions of polymers in the mixed stationary phase. 
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10. FUJIOKA ET A L . Compatibility of a Random Copolymer 159 

The xi3 values for the PS-80/20 P(S/nBMA) and the 60/40 P(S/nBMA) 
blend systems are shown in Figure 7. In the PS-80/20 P(S/nBMA) system, 
the %23 values for blend compositions less than 90 wt % PS weight fraction 
are positive or zero (incompatibility should be found). Whereas, in the 
range of more than 90 wt% PS, the χ 23 values are negative (these systems 
should be compatible). In the PS-60/40 P(S/nBMA) system, the value of χ 2 3 

versus PS wt% depends on the temperature of measurement. The results 
obtained at 393 and 413 Κ indicate that compatibility can be achieved at 
greater than 85 wt% PS in the PS-60/40 P(S/nBMA) blend. However, the 
result at 445 Κ shows that these two polymers are incompatible over the 
entire composition range. W e suspect that at 445 Κ the lower critical solu
tion temperature (LCST) has been exceeded. These results suggest that 
I G C can be used to study critical solution temperatures (CST) (15, 16). 

Symmetric I G C peaks were obtained for both the incompatible and 
compatible blends reported here. The retention volume was repeat able to 
better than ± 3 . 0 % . 

Dielectric Relaxation Spectroscopy (DRS). D R S measurements were 
made on the PS-80/20 P(S/nBMA) blend system as a function of blend com
position to determine if the other techniques used (VS, D S C , and IGC) 
were sufficiently sensitive to interactions at the segmental and molecular 
level. The effect of frequency on the dielectric tan δ versus temperature 
plots is presented for this blend system in Figures 8a and 8b, which show 
the results for the PS homopolymer and the 80/20 P(S/nBMA) random co
polymer, respectively. Figures 8c and 8d show the D R S results of 80 w t % 

X O h 

100 0 100 

PS w t % 

Figure 7. Free energy interaction parameter X23 between polymers for 
(left) PS-60/40 P(S/nBMA) and (right) PS-80/20 P(S/nBMA) blend systems. 

Key: O , 393 Κ; Δ , 413 K; and •, 443 K. 
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Figure 8a. 

T E M P E R R T U R E D E C K . 

Dielectric tan δ of PS vs. temperature as a function of measure
ment frequency. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
10



10. FUJIOKA ET A L . Compatibility of a Random Copolymer 161 

.014 

T E M P E R R T U R E D E C K . 

Figure 8c. Tan δ of PS blended with 80/20 P(S/nBMA) [80 % PS, 80/20 
20% P(S/nBMA)] vs. temperature as a function of measurement frequency. 
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162 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

PS-80/20 P(S/nBMA) and 60 w t % PS-80/20 P(S/nBMA) blends, respec
tively. As seen in Figure 8a, the Tg shifts to higher temperatures as the mea
surement frequency is increased. This shift was expected for all the homo-
polymers and random copolymers. In all of the blends that have the blend 
composition of 40-70 w t % PS or greater, only one apparent Tg occurs at 
high frequencies (100 kHz) . However, in most cases (<90 w t % PS) the 
blends exhibit two peaks at low frequencies (<400 Hz) . Clearly the low 
frequency DRS data suggest that phase separation occurs at the molecular 
level and that the two glass transition peaks merge at the higher measure
ment frequencies. These results also clearly indicate that the detection of 
phase separation depends upon the sensitivity and volume of material that 
is probed by the particular technique used. Thus, of the techniques used, 
the D R S data at high frequencies agree better with the D S C and V S data in 
terms of compatible versus incompatible behavior. The low frequency D R S 
data allow detection of phase separation at the segmental or molecular 
level, even in the blend composition ranges that appear to be compatible 
via the other two techniques. 

To understand better the effect of measurement frequency on the de
tection of one or two phases, i.e. Tg values, transition maps were con
structed for the series of blends of the homopolymer PS blended with the 80 
w t % styrene/20 w t % η-butyl methacrylate random copolymer. The data 
in Figure 9a indicate that both PS and the 80/20 P(S/nBMA) random copol
ymer exhibit typical Wi l l iams-Landel -Ferry type behavior for their glass 
transition relaxation process. These data are shown on the transition maps 
for the blends by dashed lines to be used as reference lines for comparison of 
the blend data wi th the homopolymer behavior. The 90 w t % PS homo-
polymer-10 w t % P(S/nBMA) random copolymer blend transition map in 
Figure 9b illustrates that the high frequency single peak almost perfectly 
coincides with the PS homopolymer data and that the high frequency co
polymer peak is not observable. However, the low frequency data do not 
coincide well wi th the previously obtained data for the unblended poly
mers. The data suggest that the PS-rich phase, or the PS-like relaxation 
process, may be antiplasticized (T g is increased); whereas the random co-
polymer-rich phase, or the random copolymer-like relaxation process, may 
be plasticized (T g is lowered). The transition map for the 80 wt % PS/20 % -
(80/20) P(S/nBMA) random copolymer blend (Figure 9c) illustrates differ
ent behavior: The highest frequency Tg peak is depressed to values below 
the 80/20 P(S/nBMA) random copolymer T g . This effect suggests that plas-
ticization may be evident even in the high frequency measurement regime. 
In addition, two relaxation processes are observed at frequencies below 100 
k H z . Both occur at lower temperatures than the relaxation processes that 
are observed for the unblended polymers. Figures 9d and 9e show that, 
when data are taken at closer frequency intervals, a transition from a dou
ble process to a single merged apparent relaxation process can be observed. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
10



10. FujiOKA ET A L . Compatibility of a Random Copolymer 163 
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Figure 9a. Glass transition temperature transition map of PS and 80/20 
Ρ(S/nBMA) unblended polymers. Key: *, PS; and +, P(S/nBMA). 

In these data as wel l as in Figure 9f, the blends formed are incompatible as 
measured by the D S C and V S techniques. 

The transition map data are summarized in Figures 10a and 10b. The 
relaxation process that occurs at high temperature i n the low frequency 
regime for all of these blend compositions (the upper set of curves in Figure 
10b) is nearly identical wi th the PS homopolymer data (100% PS). These 
results suggest that little mixing occurs at the phase boundary and that the 
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Figure 9b. Glass transition temperature transition map of the 90 % PS-80/ 
2010% P(S/nBMA)blend. Key: O, 90% PS; ·, 10% 80/20Ρ(S/nBMA); and 

, unblended polymer reference lines. 
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c 
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Figure 9c. Transition map of the 80% PS-80/20 20% P(S/nBMA) blend. 
Key: 0,80% PS; ·, 80/20 20% P(SMBMA); and , unblended polymer 

reference lines. 

1/T DECK (xl000) 

Figure 9d. Transition map of the 70% PS-80/20 30 % P(S/nBMA) blend. 
Key: O, 70% PS; ·, 80/20 P(S/nBMA); and , unblended polymer refer

ence lines. 

PS-rich phase is quite incompatible. In contrast, the low frequency data for 
the random copolymer-rich phase occur at a lower temperature for all the 
blend compositions at 200 H z . These results suggest, as mentioned previ
ously, that plasticization may be occurring. However, plasticization by a 
higher glass transition polymer such as PS seems unlikely. A more likely 
plasticizing species would be water (PnBMA is hydroscopic), but all of the 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
10
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Transition map of the 60 % PS-80/20 40 % P(SMBMA) blend. 
)% PS; %,40% Ρ(S/nBMA); and , unblended polymer refer

ence lines. 
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Figure 9f. Transition map of the 40 % PS-80/20 60% P(S/nBMA) blend. 
Key: 0,40% PS; ·, 80/20 60 Jo P(S/nBMA); and , unblended polymer 

reference lines. 

blended materials, as well as the PS and random copolymer species, that 
were blended were carefully vacuum-dried and handled identically. Thus, 
the mechanism for a reduction of the temperature of this blend relaxation 
process is unresolved. 

The high frequency (single relaxation process) Tg appears to gradually 
decrease in the high weight percent PS ( > 90 wt % )blend region. This result 
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Figure 10a. Dependence of transition temperature on PS wt% in blend at 
high dielectric relaxation measurement frequencies. Key: O, 100 kHz; and 

M, 40 kHz. 
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Figure 10b. Dependence of peak temperatures on PS wt % in blend at low 
measurement frequencies. Key: 200 Hz; and Ο, 1 kHz. The dashed and 
dotted lines represent the transition temperatures observed at the specified 

measurement frequency for the PS and P(nBMA) polymers. 
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10. FujioKA ET A L . Compatibility of a Random Copolymer 167 

would be expected for a compatible blend system. The composition range 
over which this behavior occurs corresponds rather wel l with the range of 
compatibility of these two polymers as determined by both D S C and V S . In 
the composition range where incompatibility is observed by D S C and V S , 
the high frequency data indicate that the combined relaxation process oc
curs at a lower temperature than the PS glass transition temperature. The 
temperature of this combined relaxation process appears to pass through a 
minimum in the 60-80 w t % PS for this blend pair and to increase gradu
ally to the copolymer T g as the PS content is decreased in the blend system. 
This minimum in the high frequency data (40 kHz) corresponds roughly to 
the copolymer rich phase in the low frequency (200 Hz) data. These min
ima indicate that although the two polymers appear to phase separate 
there may be significant mixing at the phase boundary near the 70 w t % PS 
blend composition. The results on this blend system to date suggest that 
similar additional research on polymer blends by a variety of investigative 
methods is warranted. 

Summary. VS allows the determination of the concentration range 
for which a random copolymer remains transparent when mixed with a 
homopolymer of one mer from the copolymer. D S C and I G C suggest that, 
although the concentration range of compatibility may be smaller than 
that determined by V S , a range of compatibility does exist. D R S data indi
cate that the range of compatibility is even smaller, if it exists at a l l , than 
the range of compatibility detected by V S and D S C . The detectability of 
two phases (i.e., two T g values) depends on the frequency of measurement. 
At concentrations less than 10 wt % of the 80/20 P(S/nBMA) random copol
ymer blended with PS, the high frequency T g approaches the value for pure 
PS. At higher concentrations of the P(S/nBMA) copolymer, the T g of the 
blend is lower than that of the pure P(S/nBMA) copolymer at all frequen
cies of measurement. 
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Rheological Behavior of Blends of Nylon 
with a Chemically Modified Polyolefin 

HSIAO-KEN CHUANG and CHANG DAE HAN 
Department of Chemical Engineering, Polytechnic Institute of New York, 
Brooklyn, NY 11201 

An experimental study was conducted to investigate the rhe
ological behavior of a heterogeneous polymer blend system 
consisting of Nylon 6 and a chemically modified polyolefin. 
The polyolefin is believed to be an ethylene-based multifunc
tional polymer, although its exact molecular structure has 
not been disclosed. For the study, phase contrast microscopy 
was employed for identifying the individual components in 
the blend; differential scanning calorimetry (DSC) was used 
for investigating the melting behavior; and a dynamic me
chanical analyzer (DMA) was used for investigating the tran
sition behavior of the blends. In the polyolefin-rich blends, 
the Nylon 6 is the dispersed phase, whereas in the Nylon-rich 
blends, the polyolefin forms the dispersed phase. The rheo
logical measurements taken do not follow the additivity rule, 
and show evidence of chemical interaction between the Ny
lon 6 and polyolefin phases. 

JL wo TYPES OF P O L Y M E R B L E N D S can be prepared: heterogeneous (i.e., i m 
miscible or incompatible) and homogeneous (i.e., miscible or compatible). 
At a given temperature, homogeneous blends give rise to a single phase i n 
which individual components are mutually soluble in one another. The 
properties of these blends usually obey the rule of mixtures; although some
times, physical-mechanical properties superior to those of the individual 
components have been observed. Various experimental techniques, such as 
electron microscopy, small-angle X-ray diffraction, light scattering, ther
mal analysis, and dynamic mechanical analysis, have been used to investi
gate the question of miscibility (1,2). 

The majority of heterogeneous polymer blends contain a matrix phase 
of rigid resin and a dispersed phase of flexible resin. Naturally, the charac-

0065-2393/84/0206-0171$06.00/0 
© 1984 American Chemical Society 
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172 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

teristics of the blend w i l l be directly influenced by the chemical structure, 
molecular weight (MW) and molecular weight distribution ( M W D ) of 
each component, and by the ratio of each component i n the blend. H o w 
ever, knowledge of these variables, although necessary, is not sufficient for 
the prediction of the ultimate mechanical-physical behavior of polymer 
blends. They are strongly influenced by many other factors, such as the 
size, shape, distribution and relative deformability of the flexible dispersed 
phase, and the nature and extent of adhesion between the phases (3). These 
factors affect the blend morphology, which is also strongly influenced by 
the processing conditions (i.e., the deformation and thermal histories). In
terfacial adhesion in heterogeneous polymer blends has a profound inf lu
ence on the mechanical properties of such systems. 

Basically, the processing of heterogeneous polymer blends involves the 
following considerations: (1) the rheological properties of the individual 
constituents; (2) the effectiveness of mixing; (3) control of the microstruc
ture in the solid state; and (4) control of the mechanical-physical properties 
of the blends. 

Currently, no rigorous theory can predict which of the two compo
nents in a blend w i l l form the discrete phase dispersed in the other compo
nent. The state of dispersion (or the mode of dispersion) depends on the 
rheological properties of the individual polymers, which in turn are inf lu
enced by their molecular weights (3-6). It would be worth investigating 
how the phase interactions, if any, might be affected as one polymer or 
both, present either as the continuous phase or discrete phase, crystallize as 
the molten polymer blend solidifies during processing. 

In heterogeneous polymer blends, many interrelated variables affect 
the mechanical-physical properties of the finished product. For instance, 
the method of blend preparation (i.e., the method of mixing the polymers 
and the intensity of mixing) controls the morphology of the blend (i.e, the 
state of dispersion, domain size, and its distribution), which , i n turn, con
trols the rheological properties of the blend. Currently, no comprehensive 
theory can predict the mechanical-physical properties of a heterogeneous 
polymer blend in terms of its processing variables. Therefore, an investiga
tion is needed into the processing-morphology-property relationships of 
heterogeneous polymer blends. 

As part of our continuing effort for establishing these relationships, we 
have recently conducted an experimental investigation wi th blends of N y 
lon 6 and an ethylene-based multifunctional polymer (Du Pont C X A 3095). 
The choice of these blends was based on our earlier experimental evidence 
(7) that, when the two resins were coextruded forming two stratified lay
ers, strong adhesion occurred between the layers. This observation has 
prompted us to speculate that blends of these two resins (Nylon 6 and C X A 
3095) might give rise to some interesting properties. In this chapter, we 
shall present the highlights of our experimental results. 
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11. C H U A N G A N D H A N Nylon/Modified Polyolefin Blends 173 

Expérimental 

Materials. The Nylon 6 was a fiber-spinning grade, supplied by American 
Enka Company. The CXA 3095 (Du Pont Co.) is believed to be an ethylene-based 
multifunctional polymer; however, neither the chemical composition nor the mo
lecular structure was disclosed to us by the resin manufacturer. 

We prepared four blends, with the following blend ratios (by weight) : Nylon/ 
CXA = 80/20; Nylon/CXA = 60/40; Nylon/CXA = 40/60; and Nylon/CXA = 20/ 
80. A twin-screw compounding machine (Werner & Pfleiderer) was used. 

Sample Preparation. The compounded pellets were compression molded in 
the form of disks for the rheological measurements. The compression-molded films 
were also used for dynamic mechanical analysis (DMA), as well as for taking pho
tomicrographs to investigate the state of dispersion in the blend. 

Thermal and Thermomechanical Analyses. To determine the melting behav
ior of the materials, we used a Du Pont 910 differential scanning calorimeter 
(DSC); for measuring the thermomechanical behavior of the materials, we used a 
Du Pont 981 dynamic mechanical analyzer (DMA) in conjunction with a 1090 
thermal analyzer. Before measurements were taken, the samples were dried in a 
vacuum oven at 65 °C for 48 h, and measurements were carried out in a nitrogen 
atmosphere at a heating rate of 10 °C/min. 

Rheological Measurement. A cone-and-plate rheometer (a Weissenberg Model 
B-16 rheogoniometer) was used to measure steady shearing flow properties at vari
ous temperatures. Because Nylon 6 has a melting point of approximately 220 °C 
and CXA 3095 begins to decompose at approximately 250 °C, the permissible tem
perature range for rheological measurements (and hence for the melt processing 
operation) was 220-250 °C. 

Melt Drawability (Stretchability) Test. To test the drawability of the blends, 
we conducted a simple extrusion experiment by using a melt indexer equipped with 
a cooling chamber and a takeup device. The following experimental procedure was 
employed: The capillary and reservoir sections of the melt indexer were charged 
with the pellets and heated up to a desired temperature. A known weight was 
placed on top of the piston rod, and the flow rate was measured. This measurement 
allowed us to calculate the linear velocity of the melt leaving the die exit. The ex-
trudate, upon exiting from the die, was passed through a cooling chamber into 
which nitrogen at room temperature was blown gently, and was pulled by a takeup 
device controlled by a speed controller. The maximum takeup speed was deter
mined by pulling the thread until the thread broke. From this data we determined 
the maximum draw-down ratio. In the experiment, we used two different lengths 
of capillary, which gave LID ratios of 4 and 6.3 (D = 2.10 mm). 

Results and Discussion 

Morphology of the N y l o n / C X A Blends. The compression-molded 
specimens were first put into microtom capsules fil led wi th a l iquid , un-
cured epoxy resin. After the epoxy resin was solidified wi th the aid of a 
curing agent, the embedded specimen was microtomed into thin films of 
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174 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

about 5 μ m thick. The films were then examined under a phase-contrast 
microscope. Figure 1 shows photomicrographs of four blend samples in 
which the dark area represents the Nylon phase and the white area repre
sents the C X A phase. 

Figure 1 shows that, in the C X A - r i c h blends, the Nylon forms the dis
crete phase, dispersed in the continuous C X A phase, and i n the Nylon-rich 
blends, the C X A forms the discrete phase dispersed in the continuous Nylon 
phase. The blend ratio appears to have played a predominant role in deter
mining which of the two components forms the discrete and which forms 
the continuous phase. 

Melting Behavior of the Nylon/CXA Blends. Figure 2 displays ther
mograms of the blends investigated. Nylon 6 has a melting point of 222 °C, 
and C X A has two melting points, 126 and 98 °C. The Nylon/CXA = 20/80 
and Nylon/CXA = 40/60 blends have three melting points (222, 126, and 
98 °C) , whereas the Nylon/CXA = 80/20 and Nylon/CXA = 60/40 blends 
have two melting points (222 and 98 °C) . No depression of the melting 
point occurred in either the Nylon-rich or C X A - r i c h blends, except that i n 
the Nylon-rich blends (i.e., Nylon/CXA = 80/20 and Nylon/CXA = 60/40) 

Figure 1. Photomicrographs of the compression-molded specimens of the 
Nylon/CXA blend system: (a) Nylon/CXA = 20/80, (b) Nylon/CXA = 40/ 

60, (c) Nylon/CXA = 60/40, and (d) Nylon/CXA = 80/20. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
11
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0 40 80 120 160 200 240 280 320 

Temperature (°C) 

Figure 2. DSC thermograms of the Nylon/CXA blend system: (1) Nylon, 
(2) Nylon/CXA = 80/20, (3) Nylon/CXA = 60/40, (4) Nylon/ 

CXA = 40/60, (5) Nylon/CXA = 20/80, and (6) CXA 3095. 

the secondary melt point (126 °C) of the C X A disappears completely in the 
thermogram. 

Because, at present, we do not know the exact molecular structure of 
the C X A , we cannot relate the individual melting point with a particular 
structure. Nevertheless we know that the C X A is a blend of two polymers, 
one of which is a copolymer. Therefore, two distinct structures in the C X A 
must be responsible for the existence of two melting points. Of great inter
est is the disappearance of the second melting point (126 °C) i n the 
thermograms of the Nylon-rich blends. O n the basis of the photomicro
graphs shown i n Figure 1, the disappearance of the secondary melting 
point (126°C) in the thermogram occurs only when the C X A forms the dis
crete phase. The reason for this seemingly peculiar melting behavior is 
worth investigating in the future. 

Dynamic Mechanical Behavior of the Nylon/CXA Blends. Figure 3 
presents plots of the loss modulus (E ") of the blends investigated. Pure Ny
lon has three peaks: a peak at 64 °C, β peak at - 50 °C, and y peak at 
- 1 2 0 °C, although the y peak is not shown in Figure 3. The a peak is 
believed to be associated with the glass transition, the β peak is attributed 
to the existence of the polar group forming the hydrogen bonds in the 
polyamide, and the y peak is thought to be associated with the crankshaft 
rotation of the - ( C H 2 ) n group in the main chain of the polyamide (8) . 
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Figure 3 shows one peak at - 25 °C for C X A 3095. Because the molec
ular structure of the C X A 3095 is not known, we cannot comment on which 
type of functional group in the C X A 3095 is responsible for the peak. Also, 
in the Nylon-rich blends, the a transition of Nylon is shifted slightly toward 
lower temperatures in the Nylon/CXA = 80/20 and Nylon/CXA = 60/40 
blends, and the β transition of Nylon is shifted somewhat toward higher 
temperatures ( - 38 and - 32 °C in the Nylon/CXA = 80/20 and Nylon/ 
C X A = 60/40 blends, respectively). The rather noticeable shift of the β 
transition of Nylon i n the Nylon-rich blends seems to indicate some kind of 
chemical interaction between the C X A 3095 and the Nylon 6. 

In the C X A - r i c h blends, as shown in Figure 3, the peak ( - 25 °C) of 
the C X A 3095 is shifted slightly toward lower temperatures in the Nylon/ 
C X A = 20/80 and Nylon/CXA = 40/60 blends, and no peak representing 
the Nylon 6 is observed. Therefore, the Nylon 6 has little influence on the 
transition behavior of the C X A - r i c h blends. 

Figure 4 displays plots of the elastic (Young's) modulus (E ' ) of the 
blends investigated. The Ε ' decreases as the Nylon content in the blend is 
decreased, and at temperatures of 50 °C and higher, the Nylon 6 in the 
C X A - r i c h blends contributes little to the modulus of the C X A 3095. 

Rheological Behavior of the Nylon/CXA Blends. Figure 5 gives plots 
of viscosity η versus shear rate y, and Figure 6 shows plots of normal stress 

0.28 h 

0.00 J I I I I I L J I I L 
-80 -60 -40 -20 0 20 4 0 60 80 100 

Temperature (°C) 

Figure 3. Loss modulus vs. temperature for the Nylon/CXA blend system: 
(1) Nylon 6, (2) Nylon/CXA = 80/20, (3) Nylon/CXA = 60/40, (4) Nylon/ 

CXA = 40/60, (5) Nylon/CXA = 20/80, and (6) CXA 3095. 
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11. C H U A N G A N D H A N Nylon Modified Polyolefin Blends 177 

Figure 5. Viscosity vs. shear rate for the Nylon/CXA blend system at vari
ous temperatures (°C): (1) Nylon—Θ, 230; Φ, 240; 3 , 250; (2) Nylon/CXA 
= 80/20— •, 230; •, 240; Œ, 250; (3) Nylon/CXA = 60/40—ψ, 230; Τ , 
240; Ψ, 250; (4) Nylon/CXA = 40/60—φ, 220; 0, 230; * , 240; (5) M/Z<m/ 
CXA = 20/80—JË7, 220;/U, 230;M, 240; and (6) CXA 3095—A, 220; A, 

230; A, 240. 
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178 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 6. Normal stress difference vs. shear stress for the Nylon/CXA blend 
system at various temperatures. Key: see Figure 5. 

difference r n - r 2 2 versus shear stress r 1 2 , for the blends investigated, at 
various melt temperatures. Figure 5 shows that η decreases as the melt tem
perature increases and that the η of the C X A - r i c h blends is greater than 
that of the C X A 3095 alone. Figure 6 shows that the TU - r 2 2 of the blends 
lies between those of Nylon 6 and C X A 3095, although the rn - r 2 2 of the 
Nylon/CXA = 40/60 blend appears to be greater than that of the Nylon / 
C X A = 20/80 blend. When plotted against r 1 2 , rn - r 2 2 becomes indepen
dent of the temperature. This effect has been reported (3, 5, 6, 9) and a 
phenomenological explanation, though qualitative, has been presented 
(10). However, plots of η versus r 1 2 still exhibit temperature dependency, as 
shown in Figure 7. The use of r i 2 (3, 6, 9) is appropriate for correlating the 
rheological properties (e.g., η and TU - r 2 2 ) of multiphase polymer systems. 

Figure 8 displays the variation of η with blend ratio, and Figure 9 
shows the variation of Tu - r 2 2 wi th blend ratio, for the Nylon/CXA blends. 
Neither η nor τη - τ 2 2 follow the additivity rule. The shape of the 77-blend 
ratio curve, shown in Figure 8, is quite different from that observed in the 
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6xl0 4 r • • 

179 
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Figure 7. Viscosity vs. shear stress for the Nylon/CXA blend system at vari
ous temperatures. Key: see Figure 5. 

5x10^ 

3xKf J I L J I L 
0 10 20 30 40 50 60 70 80 90 100 

Nylon (wt %) 
Figure 8. Viscosity vs. blend ratio for the Nylon/CXA blend system (T = 

230 °C) at two different shear rates (s'1). Key: Q, 0.043; and A, 0.427. 
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0 10 20 30 40 50 60 70 80 90 100 

Nylon (wt %) 

Figure 9. Normal stress difference vs. blend ratio for the Nylon/CXA blend 
system at two different shear stresses (N/m2). Key: O, 2 X JO3; and Δ, 

3 Χ 103. 

polypropylene (PP)/polystyrene (PS) blends (11), shown in Figure 10. The 
PP/PS blends form a heterogeneous phase, and the PP and PS have no 
chemical interaction at the interface and do not form an interphase. 

When dealing with heterogeneous two-component blends having lit
tle chemical interaction between phases, a viscosity minimum or maximum 
is observed (3-6, 9). In those situations, the viscosity of one component is 
decreased by adding a small amount of the other component (for instance, 
see Figure 10). The viscosity-blend ratio curve shows a negative slope i n 
the vicinity of the viscosities of the individual components. However, the 
viscosity-blend ratio curve of the Nylon/CXA blends (Figure 8) shows a 
positive slope in the vicinity of the viscosities of either components, Nylon 
and C X A . In view of the fact that the deformation rates for the curves 
shown in Figure 9 are very small, both the Nylon and C X A phases probably 
follow Newtonian behavior. 

The well-known classical theory by Taylor (12) predicts the viscosity η 
of an emulsion by 

1+W+2)+\ (1) 
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11. C H U A N G A N D H A N Nylon/Modified Polyolefin Blends 181 

where η0 is the viscosity of the suspending medium, k is the ratio of the 
dispersed phase viscosity to the continuous medium viscosity, and φ is the 
volume fraction of the dispersed phase. Equation 1 assumes that no chemi
cal interaction occurs between the dispersed and continuous phases, that 
the dispersed phase forms spherical droplets of uniform size, and that the 
droplets retain their spherical shape in the shear flow field. 

We used the rheological data in Figure 5 to determine how applicable 
Equation 1 may be for predicting the experimentally observed viscosities. 
The results are shown in Figure 8 for comparison purposes. The experimen
tal results show greater values of η than the theoretical predictions. W e 
fully recognize that Equation 1 does not include the effect of the droplet 
size on η, whereas i n reality the droplet size greatly influences the η of an 
emulsion. As may be seen i n Figure 1, the dispersed phase in the Nylon/ 
C X A blends has varying sizes of discrete particles, which is not consonant 
with one of the several assumptions made in the theoretical development of 
Equation 1. Nevertheless, we believe that the higher experimentally ob
served viscosities of the Nylon/CXA blends may be attributable to some 
kind of chemical interaction at the interface between the Nylon and C X A 
phases. If no chemical interaction occurs between the phases, we would 
not expect the experimentally observed viscosities to be greater than the 
theoretically predicted ones. This speculation must be proven (or dis-
proven) by an independent experimental (or theoretical) investigation in 
the future. 

0 I 1 ι ι ι ι > ι ι ι I 
0 10 20 30 40 50 60 70 80 90 100 

PS (wt%) 

Figure 10. Viscosity vs. blend ratio for the polypropylene (PP)/polystyrene 
(PS) blend system (T = 200 °C) at two different shear stresses (N/m2) (11). 

Key: © , 4.1 Χ 104; and A , 4.8 Χ 104. 
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182 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Melt Drawabil i ty of the Nylon/CXA Blends. Figure 11 displays the 
observed melt drawability (or stretchability) of the Nylon/CXA blends in a 
simple extrusion experiment. The maximum draw-down ratio (VLIV0)MAX 

used in Figure 11 may be considered to be a simple, effective test for deter
mining how much more stretchable one material is than others, if the tests 
are conducted under the same extrusion conditions. Figure 11 demon
strates two important points. First, the (VLI V0)MAX of the C X A - r i c h blends 
depends on deformation history (i.e., L/D ratio), whereas the (VL/V0)MAX 

of the Nylon-rich blends does not. This result is understandable because the 
elasticity of the C X A - r i c h blends is greater than that of the Nylon-rich 
blends, as may be seen in Figure 6. Second, except for the Nylon/CXA = 
40/60 blend, the blends give rise to a melt drawability better than that ex
pected from the additivity rule. W h y the Nylon/CXA = 40/60 blend gives 
rise to such a poor melt drawability is inexplicable from the experimental 
evidence. 

Concluding Remarks 

From the observations on the Ε ' of the blends, given in Figure 4, the Ny
lon-rich blends (e.g., Nylon/CXA — 80/20 blend) seem to be more attrac-

•0*F= 1 

0 10 20 30 40 50 60 70 80 90 100 

Nylon ( wt %) 

Figure 11. Maximum drawn-down ratio vs. blend ratio for the Nylon/CXA 
blend system (T = 255 °C), extruded through two different capillaries. Key: 

O, L/D = 4.0; and Δ, L/D = 6.3. 
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11. C H U A N G A N D H A N Nylon/Modified Polyolefin Blends 183 

tive than the C X A - r i c h blends. The C X A has a higher viscosity than the 
Nylon (see Figure 6) and therefore, when subjected to a flow field, the C X A 
w i l l not deform as easily as the Nylon. The Nylon-rich blends retain essen
tially the same melting and transition behaviors as those of Nylon (see F ig
ures 2 and 3). W e speculate that, during melt processing, some chemical 
interactions occurred at the interface between the C X A and Nylon phases 
and gave rise to unique properties (e.g., melt draw ability) in the Nylon-
rich blends. In the future, we shall put our efforts into unraveling the 
mechanism(s) of chemical interaction that may exist in Nylon/CXA blends. 
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Controlled Ingredient-Distribution 
Mixing: Effect on Some Properties of 
Elastomer Blend Compounds 
BIING-LIN LEE 
Research and Development Center, The BFGoodrich Company, 
Brecksville, OH 44141 

The crack growth and heat buildup of carbon black loaded 
rubber blends were studied as a function of the distribution 
of carbon black in the individual rubber phases. The blends 
are styrene-butadiene rubber/polybutadiene (SBR/PBD), 
natural rubber/cis-polybutadiene (NR/PBD), and styrene
-butadiene copolymer/butadiene-acrylonitrile copolymer 
(SBR/NBR). Regardless of the difference in chemical struc
ture of these rubber blends, the results show that a better 
crack-growth resistance compound contains proportionately 
more carbon black in the major rubber phase. A simple anal
ogy of rubber blends to the rubber-modified thermoplastics is 
proposed to interpret these findings. The heat buildup of the 
blends is also affected by the distribution of carbon black. 
However, the extent of the carbon black distribution effect is 
influenced by the total amount of carbon black in the blends. 

- A L N Y O N E T Y P E O F P O L Y M E R M A Y N O T POSSESS all the physical-mechanical 
properties desired in a finished product, so two or more polymers are mixed 
together with nonpolymer solid fillers to meet the required properties. 
Hundreds of homopolymers are commercially available. W h e n two or 
more homopolymers are to be mixed, or a homopolymer is to be mixed with 
other nonpolymeric materials, a number of fundamental and practical 
questions must be answered: (1) W i l l the mixture of two or more polymers 
be compatible? (2) What is the morphology of the f inal mixed blend? 
Which polymer is the continuous phase? What is the size of the dispersed 
polymer phase? (3) What are the processing characteristics of the blends? 
(4) H o w can one be sure of obtaining "good" dispersion of fillers? Some of 
these questions on polymer blends have already been discussed (1-15). 
When a solid particle phase is added to polymer blends, an additional ques-

0065-2393/84/0206-0185$07.25/0 
© 1984 American Chemical Society 
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186 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

tion is how the particles distribute in each polymer phase and how this dis
tribution affects the compound's properties (16-21). In other words, when 
dealing with multiphase polymer systems, one of the most important aims 
is to optimize the physical-mechanical properties desired in the finished 
product via appropriate processing. This optimization is especially needed 
in the blends of two or more rubbers that are used for tires, conveyor belts, 
hoses, or other rubber goods. 

Rubber products that are flexed in service frequently fail because of 
the appearance and growth of cracks (22, 23). Therefore, improving the 
crack-growth resistance of rubber products is industrially important. V a r i 
ous theories for some model experimental results on crack growth of rub
bers have been advanced (23-33). In reality, however, the mixing of car
bon black in a rubber blend compound could result in a nonuniform 
distribution of carbon black and, consequently, affect the crack growth 
(17). Despite its industrial importance, the effect of heterogeneity in rub
ber blends, which results from nonuniform distribution of carbon black in 
the individual rubber phases, is seldom systematically studied. 

W e have investigated the reinforcement of uncured and cured rubbers 
(34, 35) and the morphology of carbon black loaded styrene-butadiene 
rubber/polybutadiene 7 (SBR/PBD) blends (20, 21). W e reported that the 
distribution of carbon black in SBR and P B D phases is governed by the 
method of mixing. In the mechanical cross-mixing of carbon black master 
batches, carbon black always stays in the original rubber phase. That is, no 
significant amount of carbon black migration from one phase to the other 
phase occurs during Brabender-mixed master batching with a second rub
ber (17, 20, 21). 

In this chapter, we report some new data and summarize some of our 
comparative experimental studies on how the location of carbon black in 
several rubber blends influences the crack-growth resistance (36, 37). The 
mixing process to control the carbon black distribution in rubber phases, 
essentially, is an extension of our previous mixing studies (20, 21). The 
results show how crack-growth resistance can be improved by the nonho-
mogeneous distribution of carbon black. W e w i l l then discuss some possible 
important mechanisms to improve crack-growth resistance, stress relief, 
and low heat buildup. The investigation of such mechanisms is a part of 
our research into the relationships of processing-morphology-properties of 
rubber blends (20, 21, 34, 35, 38, 39). 

Experimental 

Materials. The three rubber blend compounds studied are System I, 
SBR:PBD:carbon black (60:40:85 and curatives); System II, natural rub
ber : PBD : carbon black (75:25:45 and curatives); and System III, SBR : NBR : car
bon black (70:30:82.5 and curatives). The ingredients and weights are as follows: 

iThe ASTM designation of ds-polybutadiene is BR. 
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12. L E E Controlled Ingredient-Distribution Mixing 187 

SBR/PBD blends—System I 
oil extended PBD [PBD, 100; oil, 37.5] (55.0) 
oil extended SBR [SBR, 100; oil, 37.5] (82.5) 
petroleum oil (22.2) 
furnace carbon black (85) 
sulfur, stearic acid, zinc oxide, accelerators, antioxidants, 
and antiozonants. 

NR/PBD blends—System II 
natural rubber (75) 
oil extended PBD [PBD, 100; oil, 37.5] (34.6) 
furnace carbon black (45) 
sulfur, petroleum oil, paraffin wax, stearic acid, zinc oxide, accelerators, 
antioxidants, and antiozonants. 

SBR/NBR Blends—System III 
NBR2 (30.0) 
SBR [SBR, 57.4%; HAF carbon black, 35.8%; and oil, 6.8%] (122.46) 
HAF carbon black (38.70) 
zinc oxide, stearic acid, accelerators, antioxidants, antiozonants, plasticizer, 
and sulfur. 

2HYCAR 1043. 

SBR and PBD master batches—System I 

Component PBDMB SBRMB 

Oil extended PBD (PBD, 100; oil, 37.5) 55.0 — 
Oil extended SBR (SBR, 100; oil, 37.5) — 82.5 
Petroleum oil 6.2 16.2 
Furnace black a 85 - a 

The sulfur, stearic acid, zinc oxide, accelerators, antioxidants, and antiozo
nants were incorporated in the SBRMB and PBDMB at the ratio of 60/40, 
according to the rubber weight ratio. 

Amounts of carbon black in SBR and PBD master batch pairs that were 
cross-mixed to form the SBR/PBD compounds 

SBRMB (rubber A-MB) PBDMB (rubber B-MB) 

SBR/PBD 85 - a a 
Blend (carbon (carbon 
CPD CPD black) Φ2* CPD black) φ2(%) 

356 352 51 20.6 351 34.0 21.3 
362 358 42.5 17.7 357 42.5 25.4 
368 364 34.0 14.7 363 51.0 29.0 
373 370 63.8 24.4 369 21.3 14.5 
378 375 76.5 27.9 374 8.5 6.3 
*φ2 is defined as the volume fraction of carbon black in the master batch. 
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188 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

NR and PBD master batches—System II 

Component NRMB PBDMB 

Oil extended PBD (PBD, 100; oil, 37.5) — 34.6 
Natural rubber 75 — 
Furnace carbon black b 45 - b 

The sulfur, stearic acid, zinc oxide, petroleum oil, paraffin wax, accelera
tors, antioxidants, and antiozonants were incorporated in the NRMB and 
PBDMB at the ratio of 75/25, according to the rubber weight ratio. 

Amounts of carbon black in NR and PBD master batch pairs that were 
cross-mixed to form the NR-PBD compounds 

(rubber A-MB) (rubber B-MB) 

b 45-b 
NR-PBD (carbon (carbon 

CPD CPD black) φ2(%) CPD black) 
384 382 33 16.7 383 12 13.5 
389 387 45 21.0 388 0 0 
395 392 20 10.9 393 25 24.6 

SBRMB and NBRMB master batches—System III 

CPD308 CPD322 CPD329 

Compo- SBRMB NBRMB SBRMB NBRMB SBRMB NBRMB 
nent CPD307 CPD306 CPD321 CPD320 CPD328 CPD327 

SBR 122.46 — 122.46 — 122.46 — 
NBR — 30 — 30 — 30 
HAF car
bon black 38.7 — — 38.70 30.40 8.3 

The zinc oxide, stearic acid, accelerators, antioxidants, antiozonants, plasti-
cizer, and sulfur were incorporated in the NBRMB/SBRMB at the ratio of 30/ 
70, according to the rubber weight ratio. 

Amounts of carbon black in SBR and NBR master batch pairs 
that were cross-mixed to form SBR-NBR compounds 

(rubber A-MB) (rubber B-MB) 
SBRMB NBRMB 

SBR-NBR 
CPD CPD Parts CPD Parts 
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1 2 . L E E Controlled Ingredient-Distribution Mixing 1 8 9 

Mixing. A model Β Banbury mixer along with a 10-in. mill was used to fabri
cate the compounds. Carbon black was incorporated into the individual rubber 
phases in different ways to enhance the modulus difference between the individual 
master batches. We reported earlier (21, 38) that a three-component system may be 
reduced to a two-component system by considering the carbon black preloaded 
master batch as a continuum. The detailed mixing methods are described as fol
lows: 

F R E E B L A C K M I X I N G . Carbon black was added to a preblend of rubber in the 
mixer. Curing agents were added on the 10-in. mill. Figure 1 shows the detailed 
procedure. 

C A R B O N B L A C K M A S T E R B A T C H A P P R O A C H . T O prepare each rubber blend, 
the individual rubber phases were premixed with an appropriate amount of the 
ingredients, including carbon black and curing agents. We call these master 
batches Rubber A-MB and Rubber B-MB. Appropriate quantities of Rubber A-MB 
and Rubber B-MB were then finally cross-mixed on the 10-in. mill to generate a 
compound with the same ingredients and weights as those listed under "Materials." 
Figure 2 shows the detailed mixing procedure. The compositions of the master 
batch pairs studied are shown in the boxes. The ranges of the ratio of the amounts 
of carbon black in the Rubber A-MB and Rubber B-MB pairs provide a wide vari
ety of modulus ratios of Rubber A-MB/Rubber B-MB. 

For the mixing of Systems I and II, the rotor speed of the mixer was 77 RPM, 
and the initial chamber temperature was 93 °C. The running water control valve 
was open during mixing to remove the heat generated by the shear mixing. The 
dump temperature was controlled, and did not exceed 149 °C. For System III, the 
initial chamber temperature was 82 °C, and the dump temperature was about 
132 °C and not over 138 °C. The mill temperature was set at 71 °C. 

Curing. The compounded rubber cure time was evaluated in the Monsanto 
rheometer 100 (40). Optimum cure time + 10 min at a specific temperature was 
the cure time selected in all cases (149 °C for System I, 138 °C for System II, and 
146 °C for System III). The rheometer test conditions were oscillation disk fre
quency, 1.66 Hz; and oscillation amplitude, half-cycles of 1 ± 0.002°. The opti
mum cure time was defined as the time required to achieve 90% of maximum 
torque in a Monsanto rheometer. This instrument has also been used to study the 
kinetics of vulcanization (41), the reinforcing characteristics of carbon black in 
rubber (42), and dispersive mixing (34). 

RUBBER A BANBURY 

RUBBER Β f—1 

OIL 

BLACK 

DISPERSION 
AID 

BANBURY MILL 

SULFUR 

CURING 
AID 

SHEET 

Figure 1. Block diagram of free carbon black mixing. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
12



190 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

RUBBER A MASTERBATCHING 

RUBBER A 

BLACK 

DISPERSION 

AID 

BANBURY 

RUBBER Β MASTERBATCHING 

RUBBER Β 

BLACK BANBURY BLACK BANBURY 

DISPERSION 

AID 

CURING AGENT 

MILL 

MILL 

CURING AGENT 

» Mil 1 SHEET SHEET 

Figure 2. Block diagram of controlled carbon black distribution mixing 
process. 

Crack Growth Test. Crack growth was tested in a rotating ring crack 
growth tester that was devised by Beatty and Juve (23). This apparatus is compact 
and vibration-free, and utilizes a ring-type specimen. The test conditions are as 
follows: chamber temperature, 70 °C for Systems I and II, room temperature for 
System III; load, 1.36 kg (or 3 lb); crack at start, 2.5 mm; and rotation speed, 320 
cycles/min. 

As pointed out by Beatty and Juve (23), groove cracking is a continuous prob
lem in the running of tires. Cracking takes place in two steps: initiation and 
growth. Initiation is inevitable in service because of ozone cracking, cuts, and 
nicks. Therefore, crack growth is an important concern. 

Heat Buildup Test. For the blends of SBR/PBD and NR/PBD (Systems I and 
II), the hysterisis heat buildup was also measured. The operation procedures as 
outlined in ASTM D623 (43) were employed. The flexometer was operated at 
9.8 Χ 105 Pa load and 17.5% constant deflection starting at 48 °C. The tempera
ture rise after 25 min of deflection was measured. The relationship of the heat 
buildup to the dynamic mechanical properties of carbon black loaded rubber 
vulcanizates has been discussed (35). 

Stress-Strain Test. The stress-strain data were obtained from an Instron 
tensile tester. The test conditions were as follows: type of sample, ovals; cross head 
speed, 25.4 cm/min; and room temperature. 

Results and Discussion 

Location of Carbon Black. A n important feature associated wi th the 
mixing of carbon black and multicomponent elastomer systems is the iden-
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12. L E E Controlled Ingredient-Distribution Mixing 191 

tification of the location of carbon black in the mixed blends. Figure 3 
shows some of our attempts in the morphological investigation of these 
blends. This picture is the electron micrograph of the cross-mixed NR/PBD 
blend, C P D 389. Distinct, clear P B D domains containing no carbon black 
are obvious. This blend was prepared so that all of the carbon black was 
mechanically premixed in the N R phase. The presence of distinct domains 
suggests that no carbon black was transferred from the N R to the P B D 
phase during the cross-mixing process. This observation is i n agreement 
with the observations by Hess et al . (44, 45) and Marsh et al . (46) on low-
level carbon black loaded NR/PBD blends. In our earlier study of SBR/PBD 
blends (20, 22), we had concluded that no significant amount of carbon 
black was transferred from one phase to the other on Brabender-mixed 
master batching wi th a second gum rubber. Of course, considerable work 
on the development of microscopic techniques should be done to be able to 
unambiguously identify the morphology of highly carbon black loaded 
rubber blends. 

Modulus of the Individual Master Batches. The stress-strain data of 
the individual master batches loaded with different amounts of carbon 
black are plotted in Figures 4-7 for Systems I and II. The stress shown in 
these figures is expressed as: 

at = ou(l + e) (1) 

Figure 3. Electron micrograph of CPD 389. All the carbon black was pre
mixed in the NR phase. 
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ΙΟΟχΙΟ 6 

ΙΟχΙΟ 6 

Figure 4. Stress-strain curve of SBR master batches (System I) loaded with 
different amounts of carbon black. Key: x , break point; φ, CPD 352; Δ , 
CPD 358; Q , CPD 364; O , CPD 370; and ·, CPD 375. (Reproduced with 

permission from Ref. 36. Copyright 1982, J. Appl. Polym. Sci.) 

where au is the uncorrected stress that may be defined as F/AQ, AQ is the 
initial cross-sectional area of the tested sample, and e is elongation. 

The tensile elastic moduli (£) of these master batches are plotted i n 
Figures 8 and 9. As expected, the moduli of the individual master batches 
can be varied by adjusting the amount of carbon black. The order of the 
moduli ratio of the master batch pairs that were cross-mixed to form the 
blend compounds is as follows: For System I: 

£CPD 375 > £CPD 370 > ^CPD 352 > ^CPD 358 > 

-CPD 374 ^CPD 369 ^CPD 351 ^CPD 357 

£ c P P 364 
^CPD 363 (2) 
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12. L E E Controlled Ingredient-Distribution Mixing 193 

100x10' 

10x10' 

Figure 5. Stress-strain curve of PBD master batches (System I) loaded with 
different amounts of carbon black. Key: x , break point; φ CPD, 351; Δ , 
CPD 357; Q, CPD 363; O , CPD 369; and ·, CPD 374. (Reproduced with 

permission from Ref. 36. Copyright 1982, J. Appl. Polym. Sci.) 

For System II: 
£ C P D 3 8 7 > £ C P D 382 > ^ C P D 392 

^ C P D 388 - C P D 383 E, CPD 393 (3) 

Later we w i l l discuss how this moduli ratio of the master batch pairs 
affects crack growth. 

Modulus of the Blend Compounds. Table I lists the moduli of the 
cross-mixed blend compounds with different amounts of carbon black in 
the master batches. If the slight differences i n moduli as measured by the 
Instron stress-strain tests are significant, they may be a result of the differ
ences of morphology. However, we do not have definite proof. 

Crack Growth of Blend Compounds. Figures 10-13 summarize the 
results of the crack growth of the blended compounds as tested by the ring 
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194 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

J.. _ ... 1 _ 
500 600 

Figure 6. Stress-strain curve of NR master batches (System II) loaded with 
different amounts of carbon black. Key: φ, CPD 387; A, CPD 382; and ·, 

CPD 392. 

flex tester. Figure 10 describes the blends of S B R - P B D , Figure 11A de
scribes an all natural rubber compound (i.e., 100 phr of N R and 45 phr of 
carbon black), and Figure 11B describes the N R - P B D blend compounds. 
Figures 12 and 13 show the crack growth of the blends of S B R - N B R that 
were cross-milled at two different levels of watt-hours. Several important 
points follow: 

1. The presence of a second rubber component in the first rub
ber matrix usually improves the crack-growth resistance of 
the first rubber compound (see Figures 11A and 11B and 
Reference 33). More strictly speaking, on the basis of our 
results as indicated in Figures 10-13, the crack-growth resis
tance of a carbon black loaded rubber blend is strongly dom
inated by the distribution of carbon black i n the individual 
rubber phases. 

2. The compounds that were prepared by the controlled carbon 
black distribution process (Figure 2) give a variety of crack-
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80h-

€ (%) 
Figure 7. Stress-strain curve of PBD master batches (System II) loaded 
with different amounts of carbon black. Key: A , CPD 383; ·, CPD 388; 

and 0. CPD 393. 

growth resistance curves. The better crack-growth resistance 
compound is the one with more carbon black initially in the 
major rubber phase. 

3. The free carbon black mixing process usually is considered 
an easy and convenient mixing process. However, as far as 
the crack-growth resistance is concerned, this mixing process 
is not the best. 

4. The term "cross-mixing" is not a new process; the physical 
properties of rubber compounds are dependent on the 
method of mixing. W e demonstrate that controlled carbon 
black distribution i n these chemically dissimilar rubber 
blends can be accomplished by this old cross-mixing process. 

5. The crack-growth resistance of a carbon black loaded rubber 
blend is also affected by the energy of cross-mixing. Longer 
mixing reduces the crack-growth resistance (see Figures 12-
13). In other words, the blend morphology also influences 
the crack-growth resistance. 

We w i l l now discuss how the heterogeneous distribution of carbon 
black introduces some possible mechanisms affecting the crack growth of 
rubber blends. W e w i l l first propose the analogy of rubber blends to rub
ber-modified thermoplastics, then discuss the possibly favorable factors for 
improving the crack-growth resistance—stress relief and low heat buildup. 
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1.0x10' 

I.OxlO6 

10 20 
</>2t VOLUME FRACTION of CARBON BLACK 

30 

Figure 8. Tensile (elastic) modulus of SBRMB (O) and PBDMB (%)asa 
function of carbon black loadings (System I). (Reproduced with permission 

from Ref. 36. Copyright 1982, J. Appl. Polym. Sci.) 
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12. LEE Controlled Ingredient-Distribution Mixing 197 

Table I. Tensile Properties of the Rubber Blends 
System I—Tensile elastic modulus (E) and 300% modulus (σ^) of the 

SBR/PBD blend compounds prepared by different mixing methods 

CPD Ε (MPa) σ300 (MPa) 
350 6.29 7.82 
356 6.25 7.17 
362 6.69 7.40 
368 6.08 6.43 
373 5.88 9.78 
378 5.18 9.92 

System II—Tensile elastic modulus (E) and 300% stress (σ^) of the NR/ 
PBD blend compounds prepared by different mixing methods 

CPD Ε (MPa) σ300 (MPa) 
381 5.47 11.34 
384 5.46 10.67 
389 4.55 10.58 
395 5.18 10.71 
382 6.69 16.01 

Note: CPD 382 is a total NR compound, that is, 100 phr NR and 45 phr carbon black. 

System HI—Tensile properties of SBR-NBR blends 

CPD W x (W-h)a eB(%) σ Β (MPa) σ300 (MPa) 

303 417 14.64 11.08 
308 100 333 18.75 16.53 
309 50 319 17.08 15.90 
322 100 340 17.55 15.54 
323 50 354 17.88 15.30 
329 100 333 15.67 14.24 
330 50 374 17.00 13.85 

<*WX = (watt-hour/1200 gram) for cross-mixing the SBRMB and NBRMB on a 10-in. 
mill. 

Effect of Modulus on Crack-Growth Resistance of Rubber Blends. 
The crack-growth resistance of rubber compounds is affected by the modu
lus levels of the compounds. Auer et al . (47), for example, determined the 
crack-growth resistance of SBR as a function of modulus over a wide range 
of accelerator and sulfur concentrations and proposed the fol lowing 
relation: 

l o g i - = a -bM ( 4 ) 

where t/L is the crack-growth resistance in thousand cycles per inch, M is 
the 300% modulus, and a and b are constants. Equation 4 states that the 
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HOURS 

Figure 10. Crack growth of the SBR/PBD blend compounds as a function 
of method of mixing (System I). Key: A, CPD 350; φ , CPD 356; Q, CPD 
368; O , CPD 373; and ·, CPD 378. (Reproduced with permission from Ref. 

36. Copyright J. Appl. Polym. Sci.) 
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Figure 11 A. Crack growth of an all NR compound. 
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I 6h 

2 h 

0 10 20 30 40 
TIME (Hours) 

Figure 12. Flex crack growth of SBR/NBR blends (System HI), cross-mix
ing energy = 100 W-h/1200 g. Key: O, CPD 303; A, CPD 308; Q , CPD 
322; αηαΠ, CPD 329. (Reproduced with permission from Ref. 37. Copy

right 1982, Poly. Eng. Sci.) 

TIME (Hours) 

Figure 13. Flex crack growth of SBR/NBR blends (System III), cross-mix
ing energy = 50 W-h/1200 g. Key: O, CPD 303; A, CPD 309; Q , CPD 323; 
and •, CPD 330. (Reproduced with permission from Ref. 37. Copyright 

1982, Poly. Eng. Sci.) 
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12. L E E Controlled Ingredient-Distribution Mixing 201 

higher the modulus of the compound is, the poorer its crack-growth resis
tance is. 

By carefully comparing the results in Figures 10-13 and Table I, we 
observe no definite correlation of the crack-growth resistance of rubber 
blends with 300 % modulus as indicated by Equation 4. Thus, for the crack 
growth of rubber blends i n which the ingredients and concentrations are 
identical, the 300% modulus is not a primary factor affecting the crack-
growth resistance. 

Effect of Modulus Ratio of the Master Batch Pairs on Crack Growth. 
To quantify the results, Figures 14 and 15 show the crack-growth resistance 
as a function of the modulus ratio of the corresponding master batch pairs. 
These figures illustrate the significant effect of the carbon black distribution 
in the individual rubber phases on T 5 x , the time required for crack growth to 
five times the original crack length. The modulus, as measured by the In-
stron tensile test, is subject to some inherent errors, but the order of magni
tude should not be affected. The T 5 x is shifted from 90 to 200 h as ESBRMB/ 
£ P B D M B changes from 1 to 5 for the blends of S B R - P B D , and T 5 x of the 
blends of N R - P B D can be tripled as ENRMB/^PBDMB changes from 1 to 10. 

The curves in Figures 10-12 can be generalized in the following form: 

dL 
~Έ " A L n (5) 

where A and η are constants. 

200 h 

100 

_J_I I I I I I 1 ι ι 1 
I 

ESBRMB/EBRMB 

Figure 14. System ΙΤζχ of various SBR/PBD blend compounds as a func
tion of the modulus ratio of the master batch pairs. (Reproduced with per

mission from Ref. 36. Copyright 1982, J. Appl. Polym. Sci.) 
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300 h-
389 

T. 5X 

200 

384 Q 

,ο' 
(HOURS) 

100 

395 % 

Ο 
Ο 

20 I I I I I I I I J I I I I I I I 
0.1 1.0 10 

^300 NR / ° 3 300BR 

Figure 15. System II T 5 x of various NR/PBD blend compounds as a func
tion of the modulus ratio of the master batch pairs. Key: Q, CPD 381 (free 

carbon black mixing); O , CPD 384; C. CPD 389; and0, CPD 395. 

Just for the purpose of illustration, a semilogarithmic plot of crack 
length versus time (or number of cycles) of the S B R - P B D blends is shown in 
Figure 16, where the value of η is equal to 1. Equation 5, in general, can fit 
the data, except in the region where the crack is small. 

From Figure 16, the order of the constant A is as follows: 

From Equation 5, a small A implies better crack growth resistance. 
Our results, as indicated in Equations 2 and 6, showed that a smaller value 
of A was obtained for the compound i n which the modulus ratio ESBRMB/ 
£ P B D M B was larger. 

The form of Equation 5 was probably first proposed by Greensmith 
(28) for the system containing one rubber phase. No single values of A can 
be obtained in the blends, presumably because of the presence of heteroge
neity as reflected by the nonuniform distribution of carbon black in the 
rubber blend. As w i l l be discussed later, the presence of heterogeneity, 
which gives a stress concentration and serves as an energy dissipator, may 
be more significant in affecting the crack growth of rubber blends. 

Analogy of Rubber Blends to Rubber-Modified Thermoplastics. A n 
interesting feature, as indicated in Figures 10-16 and Equations 2 and 6, is 

3̂78 < 3̂73 < A 3 5 6 < A 3 6 8 (6) 
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20 h 

i l 1 I I I I I I I I I 
20 40 60 80 100 120 140 160 180 200 

TIME (hours) 

Figure 16. Semilog relation of crack length of SBR/PBD blend compounds 
vs. time of cycling (System I). Key: ·, CPD 378; O, CPD 373; Q , CPD 368; 
and φ , CPD 356. (Reproduced with permission from Ref. 36. Copyright 

1982, J. Appl. Polym. Sci.) 

the importance of the relative moduli of the individual rubber master 
batches. The crack-growth resistance of the rubber blends may be signifi
cantly improved if one rubber phase is of a lower modulus. This result leads 
us to speculate, as far as the crack growth is concerned, on the analogy of 
rubber blends to rubber-modified thermoplastics. Brittle polymers can be 
converted into high impact materials by the addition of a low-modulus 
rubber phase. The low-modulus rubber phase can dissipate large amounts 
of energy. A general review on this subject is available (48-51). 

If carbon black loaded rubber blends, to some extent, can be consid
ered analogous to the rubber-modified thermoplastics, then the following 
criteria should be followed during mixing of rubber blends to improve the 
crack-growth resistance of the blend: 

1. One phase is high modulus, and the other phase is low modu
lus. In the practical and useful rubber blend products, the 
higher modulus phase should be the major rubber phase (see 
Figure 17a). 

2. A desirable blend morphology to improve the crack-growth 
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204 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 17. Some desirable blend morphology to improve crack-growth re
sistance of rubber blend compounds Key: A, major component, high modu

lus phase; and B, minor component, low modulus phase. 

resistance is that both of the high and low modulus master 
batch phases are continuous (see Figure 17b). 

3. If a disereted, dispersed morphology is inevitable, the crack-
growth resistance of rubber blends can also be further i m 
proved via occlusion dispersion, as illustrated in Figure 17c. 

4. There should be good adhesion between the high and low 
modulus phases. 

This "crude" analogy implies that, besides the relative distribution of 
carbon black in different rubber phases, the crack-growth resistance of 
rubber blends must be considered with respect to the factors operative i n 
other phenomena in the multicomponent polymer systems. These factors 
include the type, shape, and aggregation of filler particles (52, 53); the 
state of dispersion of filler particles (34); the type, shape, and orientation of 
the minor rubber phase; the properties and the thickness of the interfaces 
between rubber-rubber and rubber-filler (20); and the tendency to co-
cure between the rubber phases (38, 54-57). Obviously more work should 
be done to examine the validity of this analogy. 
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12. LEE Controlled Ingredient-Distribution Mixing 205 

Effect of Stress Concentrators on Crack Growth . The presence of 
stress concentrators, resulting from heterogeneity, is another vital factor in 
determining the crack growth of the materials. For example, the stress at 
the tip of a crack is concentrated according to the equation (58): 

where σ0 is the applied stress, om is the maximum stress at the crack tip 
(radius of curvature R), and a is the length of the crack. If the mixed rubber 
blends follow the criteria discussed, the crack may be retarded because the 
radius of curvature of the second, dispersed rubber phase may be greater 
than that of the crack t ip. Thus, the intensity of the stress concentration is 
decreased. W a n g et al . (59) studied the fracture of adhesive joints and re
ported that the stress concentration that developed in the adhesive crack tip 
is an inverse function of the modulus ratio of the joint modulus to the mod
ulus of the adhesive. This result may be further employed to explain the 
effect of stress concentrator on crack growth. As the crack tip passes the 
low-modulus dispersed phase, the stress concentration at the crack tip is 
significantly relieved. Hence, the presence of the lower modulus dispersed 
phase should retard the crack propagation and increase the fatigue life of 
the rubber blends. Thus, the presence of intermediate low-modulus layers 
(Figure 17c) would reduce the level of stress in the materials, and in turn, 
would increase crack-growth resistance. 

Heat Buildup. Another important property in determining the per
formance of rubber blend products is heat buildup, which is related to me
chanical damping. Figure 18 shows the heat buildup of System I, SBR/PBD 
blends, and the relationship of heat buildup to the crack-growth resistance 
T 5 x . Obviously, the heat buildup of our SBR/PBD blends is strongly influ
enced by the distribution of carbon black. The compound with low heat 
buildup also has better crack-growth resistance. 

Figure 19 shows the effect of the location of carbon black on Δ Τ of the 
NR/PBD blends. The AT of the blends, however, is not sensitive to the loca
tion of carbon black in the individual rubber phases. 

N o w , one may ask why the location of carbon black affects Δ Τ of SBR/ 
P B D blends, but has no effect on NR/PBD blends. This difference in effect 
could be a result of the loading of the carbon black; the carbon black load
ing is 85 phr in the SBR/PBD compound and only 45 phr in the NR/PBD 
compound. The amount of carbon black aggregates i n the rubber com
pounds is a function of the carbon black loading and the wetting character
istics of the rubber to the carbon black surface (35, 53). Also, the presence 
of carbon black aggregates significantly increases the heat buildup (35). So, 
at low carbon black loading (45 phr in NR/PBD), Δ Τ is low and not sensi-

(7) 
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Ο 

ol I I I I I I I I I I . 
34 35 36 37 38 39 40 41 42 43 

AT(°C) 

Figure 18. System IT^xof the SBR/PBD compounds as a function of heat 
buildup (A T). Key: A, CPD 350; φ, CPD 356; A, CPD 362; Q, CPD 368; 
O , CPD 373; and ·, CPD 378. (Reproduced with permission from Ref. 36. 

Copyright 1982, J. Appl. Polym. Sci.) 

tive to the location of carbon black i n the rubber phases, primarily because 
of the smaller amount of carbon black particle-particle friction i n the 
mixed compounds. As the carbon black loading increases (85 phr i n SBR/ 
P B D blend) the chance of more carbon black particle-particle contacts in 
creases. So, at higher carbon black loading, AT is higher and significantly 
depends on the location (or distribution) of carbon black in the rubber 
phases. 

Conclusions 

In carbon black loaded rubber blend compounds, crack growth was found 
to be sensitive to the heterogeneous distribution of carbon black. A better 
crack-growth resistant compound can be obtained with the blends contain
ing proportionately more carbon black in the major rubber phase. 

Blends that are cross-mixed for shorter periods of time show better 
crack-growth resistance than blends cross-mixed for longer periods. This 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
12



12. LEE Controlled Ingredient-Distribution Mixing 207 

22h 

20h 

30 40 50 60 70 80 
% BLACK in NR 

90 100 

Figure 19. Heat buildup (AT) of the NR/PBD blend compounds as a func
tion of the distribution of carbon black (System II). Key: Q, CPD 381 (free 

carbon black mixing); O , CPD 384; ·, CPD 389; and φ, CPD 395. 

finding further suggests the importance of the blend morphology on prod
uct performance. Furthermore, the orientation of the elongated, dispersed 
rubber phase should lead to blends with significant anisotropic properties. 

Heat buildup of rubber blends may also be affected by heterogeneous 
carbon black distributions. However, heat buildup is also influenced by the 
amount of carbon black in the blends. 
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Nomenclature 

SBR Styrene-butadiene copolymer 
N B R Butadiene-acrylonitrile copolymer 
P B D ds-Polybutadiene 
N R Natural rubber 
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Uncorrected stress 
e Elongation 

Elongation at break 
Ε Tensile elastic modulus 
L Crack length 
M 300% modulus 
Α,η Constants 
°~rn Maximum stress at crack tip 

Applied stress 
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13 
Mechanical Behavior of Polyolefin Blends 
JAISIMHA KESARI and RONALD SALOVEY 
Departments of Chemical Engineering and Materials Science, 
University of Southern California, Los Angeles, CA 90089-1211 

Ternary blends of polyethylene (PE), polypropylene (PP), 
and ethylene-propylene-diene terpolymer (EPDM) showed 
variations in tensile and impact behavior after periods of 
compression molding. These variations resulted from 
changes in structure. The modulus of ternary blends de
creased during 10-60 min of compression molding time and 
was thereafter constant and characteristic of composition. 
The energy to break determined from instrumented impact 
measurements on ternary blends depended linearly on modi
fied fracture area in accordance with the behavior of brittle 
materials. The critical strain energy release rate derived from 
impact studies showed large variations after the early stages 
of compression molding. Changes in mechanical behavior 
are associated with rearrangements of phase morphology in 
the blends. Composite droplets of EPDM and PE, initially 
dispersed in a PP matrix, separate into PE droplets that are 
surrounded by EPDM and isolated from the PP matrix on 
subsequent compression molding. 

T E R N A R Y BLENDS of polypropylene (PP), ethylene-propylene-diene ter
polymer ( E P D M ) , and polyethylene (PE) are complex mixtures of immisci
ble phases, crystalline spherulites, and amorphous domains. The detailed 
morphology after processing results from kinetic factors, such as the rates 
of crystallization and vitrification, as well as thermodynamic consider
ations, such as the solubility and adhesion of phases. Accordingly, blend 
structure is sensitive to thermal and shear history. 

H o et al . (I) reported that the phase morphology of compression 
molded ternary polyolefin blends depends on molding time. A blend con
taining equal weights of E P D M and P E was mixed i n a t w i n screw ex
truder, pelletized, dry blended, and injection molded wi th PP pellets. In
jection molded samples were then compression molded for various periods 
of time at 213 °C. After short compression molding times, composite drop
lets containing E P D M and P E were dispersed i n a PP matrix. After increas
ing the heating time under compression in the mold, E P D M separated from 

0065-2393/84/0206-0211$06.00/0 
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212 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

the P E and concentrated at the edges of P E droplets. The P E was sur
rounded and isolated from the PP matrix by the E P D M . Rubbery polymers 
such as E P D M are frequently added to a glassy or semicrystalline polymer 
to enhance the impact resistance (2). Morphological changes that affect the 
size and composition of the dispersed phase should alter the mechanical 
properties. Here, we report on the variation with compression molding 
time of the tensile and instrumented impact behavior of compression 
molded ternary blends. 

Experimental 

Sample Preparation. M A T E R I A L S . The polymers are commercial grades of 
isotactic PP (Profax 6523, Hercules), EPDM (Nordel 1070, Du Pont), and PE 
(Alathon 7030, Du Pont). An antioxidant [Ethyl 330, l,3,5-trimethyl-2,4,6-tris-
(3,5-di-ter£-butyl-4-hydroxybenzyl) benzene, Ethyl Corp.] was added to retard ox
idative degradation. 

P R O C E S S I N G . A blend containing 50 wt% PE, 49.8% EPDM, and 0.2% of 
antioxidant Ethyl 330 was prepared in a 2.5-in. twin screw extruder (Werner and 
Pfliederer). This master batch was dry blended with PP pellets. Various composi
tions were prepared and injection molded (Arburg 200 U) at a melt temperature of 
200 and mold temperature of 50 °C. Injection molded blends were compression 
molded at 213 °C and 5.5 MPa at various times from 10 min to 5 h. 

Testing. T E N S I L E . The tensile behavior of ternary blends was examined 
with a floor model Instron Corporation Universal testing machine at room temper
ature and at a cross head speed of 0.2 in./min. Stress-strain curves were prepared, 
and the initial modulus was carefully determined by testing a minimum of five 
samples for each composition. Tensile bar geometry conformed to that specified in 
ASTM D-638 (3). 

I N S T R U M E N T E D I M P A C T . The instrumented impact tester was developed (4), 
and measurements were performed at the Du Pont Experimental Station, 
Wilmington, Delaware. The polymer specimen was a Charpy impact bar, as speci
fied in ASTM D-256 (3). The Charpy test uses a three-point loading of the speci
men, which is notched to provide a stress concentrator. The notch angle and base 
radius were fixed at 40 ± 1° and 0.25 ± 0.05 mm, respectively. The sample was 
placed on a base beneath a hollow tube in which a striker (tup) was allowed to 
drop. The tup was attached to an accelerometer, a transducer that sensed the in
stantaneous acceleration as a function of time. The mass of the tup was controlla-
bly varied. Double integration yielded the instantaneous displacement, and force-
displacement plots were automatically produced. From the force-displacement 
curve, we obtained the total energy to break (Em), which is composed of initiation 
(Ει) and propagation (Ep) energies. The appearance of this curve depends on 
whether the failure is brittle or ductile. The Em was determined for various notch 
depths and sample dimensions, and the data were treated as described below. 

According to the method suggested in ASTM D-256 (3), the impact energy is 
reported as the Em per unit length of notch. In the conventional Charpy test, a 
notch of 0.100 in. depth is made in the sample and the energy to break the sample is 
measured. This value of the energy defines a point on a plot of the Em versus frac
ture area. This point is joined to the origin and the resulting line is extrapolated to a 
fracture area corresponding to 1-in. notch length. The corresponding energy de
fines a conventional impact number in terms of foot-pounds per inch or Joules per 
millimeter. There is no a priori reason for assuming that the energy/fracture area 
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13. KESARi A N D S A L O V E Y Mechanical Behavior of Polyolefin Blends 213 

line passes through the origin. The conventional impact number is not a fundamen
tal toughness parameter and depends on sample geometry. By using methods based 
on fracture mechanics (5-7), more sophisticated measures of impact strength were 
developed. The fracture toughness (Kc) can be determined by measuring the stress 
required to cause the fracture of specimens. Each specimen contains a central flaw 
of specified length (5). Another parameter indicating impact strength is Gc, the 
critical strain energy release rate needed to initiate a crack. This parameter is re
lated to the fracture toughness Kc by 

where Ε is Young's modulus, 
For brittle materials, the energy at fracture is plotted against the modified 

area (ΒΌφ) for different crack geometries. This plot yields a straight line of slope 
Gc ; Β and D refer to the thickness and width of the Charpy bar, respectively, and φ 
may be determined experimentally by measuring the compliance of the sample for 
various notch depths or may be calculated theoretically (6). 

Ductile materials undergo plastic yielding before fracture and a simple elastic 
analysis cannot be applied. Here we define a parameter Jc, which is equal to Gc, as 
the critical strain energy release rate for the purely elastic case (6). In general, Jc is 
applicable to all degrees of plasticity. For ductile materials, Em is plotted directly 
against fracture area for various notch depths to give a straight line whose slope is 
JCI2. Both Gc and Jc are critical strain energy release rates and are fundamental 
toughness parameters that are material properties, independent of specimen geom
etry. 

Results 

The tensile modulus of compression molded ternary blends is plotted as a 
function of compression molding time for various blend compositions in 
Figure 1. At each composition, the modulus of injection molded blends ex
ceeded that of compression molded blends. The dependence of Em, which 
we determined from instrumented impact tests, on the fracture area for a 
ductile material is illustrated i n Figure 2. W e derived Gc from instru
mented impact measurements and plotted Gc versus compression molding 
time for three ternary blend compositions (Figure 3). 

Discussion 

The initial modulus of all blends decreases with an increase in molding 
time during the first hour of compression molding (Figure 1). After the first 
hour, the blends achieve a constant modulus independent of the molding 
time. Because morphological changes in the blends were observed during 
this interval (I), we infer that the origin of the decrease in modulus lies in 
the blend structure. Fol lowing injection molding and after the initial stages 
of compression molding, composite droplets of E P D M and P E are dispersed 
in a PP matrix. This distribution of phases produces the maximum tensile 
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Figure 1. The variation of tensile modulus with compression molding time 
for ternary blends of specified composition. 

modulus for ternary blends. When the compression molding time is in
creased, E P D M migrates out of the P E phase and occupies the interface 
between the P E droplet and PP matrix. Because the inclusion of low modu
lus E P D M reduces the modulus of the PP matrix, it is not surprising that the 
effect of the E P D M on PP is enhanced by phase separation from P E . Also, 
most likely the modulus decreases because of a relaxation of molecular and 
phase orientation produced by injection molding. 

The appearance of force/displacement diagrams from instrumented 
impact tests differentiates between ductile and brittle materials. The total 
area under the force-displacement curve is Em. Ductile materials yield be
fore fracturing. The initially linear dependence of force on displacement 
deviates from linearity during the initiation stage and defines a yield point. 
Also, ductile materials have much higher propagation energies than brittle 
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Figure 2. The variation of energy to break (Em) with fracture area as mea
sured by instrumented impact testing for a ductile polymer. 

materials. Thus, pure PP evidences brittle behavior by not showing a yield 
point and by giving a relatively low propagation energy. O n the other 
hand, P E shows a yield point and a large propagation energy. The force-
displacement curves for ternary blends exhibit yielding and show some 
propagation energy. Accordingly, such blends were treated as ductile ma
terials. To determine the impact behavior of the ternary blends, Em was 
plotted against the fracture area for four notch depths. Unfortunately, 
poor straight lines and negative intercepts on the energy axis resulted for 
ternary blends, unlike the typically ductile behavior illustrated in Figure 2. 
However, plots of Em versus ΒΌφ (modified fracture area) yielded straight 
lines having excellent correlation coefficients and positive intercepts. This 
result suggests that the fracture of ternary blends is not really ductile, and 
that we are fracturing the brittle matrix of PP . Although the ternary blends 
do not break at very high rubber ( E P D M ) contents, ternary blends of 
EPDM/PE/PP are apparently "semibrittle" and can be treated by methods 
applied to brittle materials. From the slopes of the plots of Em versus ΒΌφ, 
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Figure 3. The critical strain energy release rate (Gc) as a function of com

pression molding time for ternary blends of specified composition. 

values of Gc are derived for plane strain fracture. Figure 3 is a plot of Gc as 
a function of compression molding time for various compositions of ternary 
blends. Changes in Gc occur for short compression molding times. After 1 h 
of compression molding, Gc levels off. 

Stehling et al . (8) suggested that a fracture surface might not be repre
sentative of the internal morphology of blends and that surfaces for scan
ning electron microscopy should be generated alternatively by mierotom-
ing at low temperatures. Because, in a binary blend of a rubbery 
ethylene-propylene copolymer i n PP, the bulk concentration of the rubber 
exceeds its concentration on the fracture surface, they conclude that the 
fracture tends to propagate through the PP matrix rather than through the 
frozen rubber particles (8). Nonetheless, the internal morphology of ter
nary blends deduced from studies involving microtoming at low tempera
ture is in basic agreement wi th the structure inferred from low temperature 
fracture. Stehling et al . suggested (8) that, in these ternary blends, P E and 
ethylene-propylene copolymer form a composite dispersed phase in a PP 

matrix in which, after heating to the molten state, P E droplets become sur-

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
13



13. KESARi A N D S A L O V E Y Mechanical Behavior of Polyolefin Blends 217 

rounded by the rubbery copolymer. If the ethylene-propylene copolymer 
and P E are premixed before addition to PP, the composite droplets show an 
interpenetrating structure (8). However, the smaller dispersed particles tend 
to phase separate into P E droplets surrounded by the ethylene-propylene 
copolymer. 

In agreement with our observations, D O r a z i o et al . reported (9) that 
scanning electron micrographs of fracture surfaces from ternary blends of 
PP, P E , and ethylene-propylene copolymers show composite droplets of 
P E and ethylene-propylene copolymer in a PP matrix. Similarly, studies 
(10, 11) of the toughness of blends of PP and E P D M by instrumented i m 
pact and dynamic mechanical measurements support many of our observa
tions. Load-displacement curves from instrumented impact are character
istic of brittle fracture. Notched specimens are elastic bodies and are 
amenable to the application of linear elastic fracture mechanics. A fracture 
energy or critical strain energy release rate, Gc, was calculated (JO,- 11). 
Also, the impact strength of the blends was shown to increase with dy
namic mechanical loss (10, 11). The internal morphology of these binary 
blends of PP and E P D M was established by fracturing at - 40 °C, etching 
with heptane vapor, and examining by scanning electron microscopy (12). 
The average diameter of the E P D M particles was approximately 0.6 μπι, as 
long as the melt viscosity of the E P D M did not exceed that of the PP by 
more than a factor of 2.7 (12). 

Although the polyolefin phases in the ternary blends are immiscible, 
considerable interaction occurs between the phases. For example, the ef
fect of amorphous ethylene-propylene copolymers on spherulitic crystalli
zation in isotactic PP has been described (13), and considerable synergism 
in mechanical behavior has been reported (14) for P P - P E binary blends. 
Moreover, the mechanical properties of such binary blends are very sensi
tive to processing (14). Unlike binary blends of P E and PP , which do not 
evidence adhesion between dispersed P E droplets and PP matrix, ternary 
blends with a random ethylene-propylene copolymer indicate adhesion be
tween the composite droplets and the matrix (9). The copolymer may act as 
an emulsifier by promoting adhesion between P E and PP (I, 9) and thereby 
facilitating multicraze formation and shear yielding in fracture (2). The 
rubber particle size and interfacial adhesion are important i n determining 
the impact strength (8). Indeed, the mechanical properties of rubbery 
blends are particularly sensitive to interfacial adhesion (15). Evidence in 
support of our observation that ethylene-propylene copolymers prefer a P E 
environment over that of PP was also reported in binary blend studies of 
these polyolefins (9). 

Conclusions 

Ternary blends of PP, E P D M , and P E are composite droplets of E P D M and 
P E dispersed in a PP matrix. Dur ing compression molding at elevated tern-
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218 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

perature the dispersed phase separates so that E P D M concentrates at the 
edges of P E droplets. As a result of these structural changes in the phase 
morphology of ternary polyolefin blends during the init ial hour of com
pression molding at constant temperature, the tensile modulus decreases. 
The fracture of these blends is amenable to treatment by linear elastic frac
ture mechanics if we assume brittle fracture. The critical strain energy re
lease rate (Gc) varies for short compression times and levels off after 1 h of 
compression molding. 

Nomenclature 

Β Specimen thickness 
D Specimen width 
Ε Young's modulus 
Em Total energy to break 
Ει Initiation energy 
Ep Propagation energy 
Gc Crit ical strain energy release rate 
Jc Plastic work parameter 
Kc Fracture toughness 
φ Calibration function (6) 
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Model Studies of Rubber Additives in 
High-Impact Plastics 
MAURICE MORTON, M. CIZMECIOGLU,1 and R. LHILA 2 

Institute of Polymer Science, The University of Akron, Akron, OH 44325 

Polymer latex blends were used to prepare dispersions of rub
ber, ranging from 5 % to 20 % by weight, in rigid thermo-
plastics. The three thermoplastics used were polystyrene 
(PS), poly(vinyl chloride) (PVC), and styrene-acrylonitrile 
copolymer (SAN), and the three types of rubber used were 
polybutadiene (PBD), styrene-butadiene rubber (SBR), and 
polychloroprene (PCP). We studied the effect of particle size 
and rubber-plastic bonding on the impact resistance of the 
thermoplastic. With PS, which fractures by a crazing mecha
nism, no optimum was found in the rubber particle size be
low 1.2 μm, which represented the largest particle size possi
ble by emulsion polymerization; the impact strength 
increased monotonically with particle size. With PVC, 
which fractures by a shear yielding mechanism, an optimum 
was found at a particle size of about 200 nm. For the SAN, a 
broad plateau maximum was found, ranging from 300 to 800 
nm. This plateau was presumably a result of the presence of 
both types of fracture mechanisms. The presence of chemical 
bonds between the rubber and the plastic greatly enhanced 
the impact strength in all cases. 

T H E EFFECT OF F I N E L Y DIVIDED RUBBER I N C L U S I O N S on the impact resistance 
of plastics has been known for some time and represents a well-developed 
technology (I). However, the morphology of these heterophase materials is 
usually quite complex, and has made unequivocal establishment of any re
lationship between the physical properties and the morphology difficult. 
Thus, for example, high-impact polystyrene (HIPS) is usually prepared by 
polymerization of a styrene monomer containing about 5-10 % of dissolved 
rubber. As the polystyrene forms, phase separation of the rubber occurs as 

1 Current address: Jet Propulsion Laboratory, Pasadena, CA 91103 
2Current address: Tuck Tapes, Inc., New Rochelle, NY 10801 

0065-2393/84/0206-0221$06.00/0 
© 1984 American Chemical Society 
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222 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

a dispersion in the polystyrene solution. The dispersed rubber particles are 
swollen with styrene monomer, however, that continues to polymerize and 
forms a dispersion of polystyrene within the dispersed rubber particles. 
Hence this system ultimately has a three-phase morphology. As an added 
complication, during the polymerization of the styrene, considerable cross-
linking of and grafting to the rubber occurs. 

Some consensus has been reached that an optimum in the particle size 
of the rubber (2-4) exists and depends on the mechanism of fracture. Thus, 
where failure occurs through craze formation, this optimum in rubber par
ticle size is higher than when a shear yielding mechanism is operative. 
Some studies have also been carried out on the influence of cross-linking of 
and grafting to the rubber. The conclusions concerning the effect of rubber 
cross-linking are rather ambiguous (6-8), but a small extent of such cross-
l inking should give optimum properties (5-9). Similarly the improved 
properties resulting from chemical bonding at the rubber-plastic interface 
have also been noted (J, 4, 10-12). 

Some time ago we thought that it might be possible to throw more 
light on these systems by using as a model blends of polymer latex. In these 
blends the particle size of the rubber inclusions could be established a 
priori , and cross-linking of the rubber and/or rubber-plastic bonding could 
be deliberately introduced and measured. This model involved the prepa
ration, by emulsion polymerization, of various synthetic rubber latices, the 
blending of these latices wi th the latex of the desired plastic, the coagula
tion of the blended latex (in isopropyl alcohol to remove emulsifier), and 
the molding of the dry polymer blend. Three different plastics were used: 
polystyrene (PS), styrene-acrylonitrile copolymer (SAN), and poly (vinyl 
chloride) (PVC) . Three different rubbers were also used: polybutadiene 
(PBD), styrene-butadiene rubber (SBR), and polychloroprene (PCP). 
When cross-linking of the rubber was desired, the rubber latex was treated 
with a peroxide at elevated temperature, prior to blending. When bonding 
between the rubber and plastic was desired, a peroxide was incorporated in 
the latex blend, thus carrying out the grafting (and the unavoidable con
comitant rubber cross-linking) during the molding step. 

Polystyrene (PS) 

The PS used in this work was D o w 788 latex. For this study a series of P B D 
latices was prepared, wi th particle sizes i n the range of 50 to 400 nm, by 
using a "seeded" emulsion polymerization technique. Because this method 
is limited in attaining larger particles, a commercial P B D of particle size 
700 nm was also obtained. The latices we prepared had relatively uniform 
particle sizes. The commercial latex, however, showed a rather wide distri-
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14. MORTON ET A L . Rubber Additives in High-Impact Plastics 223 

bution of sizes. Similarly, a series of SBR latices was prepared with particle 
sizes ranging from 80 to 450 nm, and a commercial sample wi th a particle 
size of 865 nm was also used. The fact that these rubber latex particles be
came incorporated into the PS without distortion or coalescence was 
clearly evidenced by transmission electron microscopy of a thin micro-
tomed sample of the molded composite (see Figure 1). 

The effect of these rubber inclusions on the Izod impact test for PS is 
shown in Figures 2 and 3, which show clearly that the larger particle sizes 
of the rubber have a greater effect on impact resistance. A n optimum had 
been suggested in the rubber particle size of about 1-2 μπι for high-impact 
PS, but the range of sizes shown in Figures 2 and 3 is not high enough to 
corroborate this suggestion. Some other work here w i t h P C P latex has 

Figure 1. Transmission electron microphoto graph of an ultra-thin film of 
PS (-50 nm), stained with 02S04 and containing 10% SBR (865 nm). 
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^ 0.81 1 ι 1 ι 1 1 r 

I 1 ' • 1 ' 1 I I 

0 1 2 3 4 5 6 7 8 
RUBBER PARTICLE SIZE X I03

f A 
Figure 2. Effect of polybutadiene particle size on impact strength of PS 
(Impact strength of PS = 0.25 ± 0.01 ft-lhs/in notch). Key: Ώ, PS/PBD 90/ 

10; and O, PS/PBD 95/5. 

ο 08| 1 1 1 1 1 « « ι τ 
ο 

- (X2l ι • > • » • • ' ι I 
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Rubber Particle Size χ 10°, A 

Figure 3. Effect of PBD and SBR particle size on impact strength of PS 
(Impact strength of PS = 0.25 ± 0.01 ft-lhs/in notch). Key: O, PS/PBD 95/ 

5; and Δ , PS/SBR 95/5. 
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14. MORTON ET AL . Rubber Additives in High-Impact Plastics 225 

shown that the impact strength of PS is still rising even when the rubber 
particle size reaches 1.2 μπι. Figure 3 also suggests another conclusion: that 
a rubber having a lower glass transition temperature (T g ) , such as P B D , has 
a slightly greater effect than the SBR. 

Figure 4 shows that these rubber-toughened PS samples, prepared by 
latex blending, also exhibit the expected decrease in stiffness. The softer 
P B D apparently exerts a greater softening effect than the stiffer SBR. 

Figure 5 shows the effect of both grafting and cross-linking of the rub
ber on the impact strength of PS. Chemical bonding of the rubber to the 
plastic apparently has a marked effect in improving the impact resistance; 
thus, at the highest grafting level shown (a "grafting index" of 22, i .e. , 22 % 
by weight of PS attached to the rubber), a 50 % increase in impact strength 
is found. O n the other hand, cross-linking of the rubber has only a minor 
effect in improving impact resistance, and excessive cross-linking actually 
decreases it drastically. Bucknall's conclusions (5, 9) about the desirability 
of light cross-linking may be correct. 

Polyvinyl chloride) (PVC) 

PS fractures by a crazing mechanism: formation of microvoids precedes the 
actual development of cracks (2, 14). Hence the role of the rubber inclu
sions is both to initiate and to terminate such crazes; these effects are ac-

Ο 5 10 15 
Rubber Content , % 

Figure 4. Effect of rubber content onflexural modulus of PS. Key: •, PS; 
O , PS/SBR; and Δ , PS/PBD. 
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i 1Λ 
c 
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ο 
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0 4 8 12 16 20 24 

Figure 5. Effect of grafting and cross-linking on impact strength of PS (PS/ 
SBR 90/10). Graf ting index (G.I.) = (wt of grafted PS/wt of rubber) χ 100. 

Key: O , G.I. = 22; G.I. = 15.5; A, G.I. = 8; and O, G.I. = 0. 

complished most efficiently when the size of the rubber particles is in the 
range of 2 to 4 μπ\ (2-4, 11). 

A polymer like P V C , which is more ductile than PS, fails by an en
tirely different mechanism, known as shear yielding, (i.e., "cold drawing") 
as first proposed by Newman and Strella (15). The optimum particle size 
for impact resistance should decrease wi th increasing ductility of the plastic 
(I, 26) and this optimum for P V C should be in the range of 0.1 to 0.2 μπι 

To investigate the factors affecting the rubber-toughening of P V d by 
using our model systems, a series of P B D latices was prepared with particle 
sizes in the range of 70 to 450 nm. In addition, a commercial SBR latex of 
particle size 940 nm was also used, because such a large particle size could 
not be produced in our laboratory. The P V C latex was Geon 150X20 made 
by the Goodrich Chemical C o . The effect of rubber particle size on the 
Izod impact test is shown in Figure 6. As expected, a maximum in impact 
resistance was obtained in the rubber particle size range of 150 to 200 nm. 
A hint of another possible maximum occurs at much higher particle size, 
possibly a result of the existence of a crazing mechanism i n this system, but 
the data are too limited for any definite conclusion. 

The effect of rubber-plastic bonding for this system is shown in Figure 
7 by using 10% P B D i n the optimum range of 250 nm. Again, a grafting 
index of 20 led to an increase of almost 50 % in impact strength. The effect 

Swelling Index of Rubber 

(5-17). 
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14. MORTON ET AL. Rubber Additives in High-Impact Plastics 227 

R U i f E R PARTICLE SIZE * 6 * A* 

Figure 6. Effect of PBD particle size on impact strength of PVC (10 parts). 

of bonding was also examined with a lower particle size wi th a P C P at 77 
nm. In this case, the effect of grafting was only minor, presumably because 
these small rubber particles had only a l imited effect in raising the impact 
strength from the value of 0.4 ft-lb/in. notch of the unmodified P V C . 

Styrene-Acrylonitrile Copolymer (SAN) 

The S A N latex used was an experimental lot of a 70/30 copolymer obtained 
from The Goodyear Tire & Rubber C o . , Chemical Division. The unmodi
fied polymer had an Izod impact strength of 0.28 ft-lb/in. notch. For this 
work a series of P C P latices was prepared, wi th particle sizes in the range of 
77 to 1290 nm, and these latices were used as the rubber modifiers for the 
plastic matrix. The effect of rubber particle size on the impact strength of 
this system is shown in Figure 8. A very broad maximum of impact strength 
in the particle size range of 300 to 800 nm is obvious. These results agree 
with those of other investigators (18, J9), who studied a very similar sys
tem, that is, acrylonitrile-butadiene-styrene graft copolymers (ABS). A p 
parently the S A N copolymers can fail by both mechanisms, crazing and 
shear yielding (9, 16), so that both the smaller and larger rubber particles 
can be effective in preventing fracture. 

The effect of rubber-plastic bonding on the impact properties of the 
S A N copolymer is shown in Figure 9, when 10 % P C P with a particle size of 
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Ι.3Γ 

1.2-

Z 

0.4» ι 1 ι ι ι ι 
0 5 10 15 20 25 30 

G R A F T I N G I N D E X 

Figure 7. Effect of rubber-plastic bonding (grafting) on impact strength of 
PVC (lOpartsPCP). Key: PBD (249 nm); Θ, PCP (152 nm); and A, PCP 

(77 nm). 

0-2 « 1 1 1 1 1 1 I 1 1 1 1 1 
Ο I 2 3 4 5 6 7 § 9 Î0 Π 12 

RUBBER PARTICLE SIZE χ 10 , A 

Figure 8. Effect of PCP particle size on impact strength of SAN. Key: A, 
20 parts PCP; andU], 10 parts PCP. 
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I.I 

ζ 

Q 

Ο 0.4-
Nl 

azi 1 1 1 ι ι ι 
0 5 10 15 20 25 30 

G R A F T I N G I N D E X 

Figure 9. Effect of rubber-plastic bonding (grafting) on impact strength of 
SAN (10 parts PCP, 332 nm). 

332 nm was used as the rubber dispersion. Here the effect is quite dramatic; 
a grafting index of 25 resulted i n doubling the impact strength of the non-
grafted material and more than tripling the impact resistance of the un
modified S A N . 

Acknowledgment 

This work was supported in part by a grant from The BFGoodrich C o . 

Literature Cited 

1. Bucknall, C. B. "Toughened Plastics"; Applied Science Publishers, Ltd.: Lon
don, 1977. 

2. Merz, E. H. ; Claver, G. C.; Baer, M. J. Polym. Sci. 1956, 22, 325. 
3. Rose, S. L. Polym. Eng. Sci. 1967, 7, 115. 
4. Newman, S. In "Polymer Blends"; Paul, D. R.; Newman, S., Eds.; Academic 

Press: New York, 1978; Vol. 2, Chap. 13. 
5. Ref. 1, Chap. 7. 
6. Wagner, E. R.; Robeson, L. M. Rubber Chem. Technol. 1970, 43, 1129. 
7. Keskkula, H. ; Turley, S. G. Polymer 1978, 19, 797. 
8. Saam, J. C.; Mettler, C. M. ; Falender, J. R.; Dill, T. J. J. Appl. Polym. Sci. 

1979, 24, 187. 
9. Bucknall, C. B. In "Polymer Blends"; Paul, D. R.; Newman, S., Eds.; Aca

demic Press: New York, 1978; Chap. 14. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
14



230 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

10. Keskkula, H. Appl. Polym. Symp. 1970, 15, 51. 
11. Chang, E. P.; Takahashi, A. Polym. Eng. Sci. 1978, 18, 350. 
12. Paul, D. R. "Polymer Blends"; Paul, D. R.; Newman, S., Eds.; Academic 

Press: New York, 1978; Chap. 12. 
13. Boyer, R. F.; Keskkula, H. "Encycl. Polym. Sci. Technol"; John Wiley 

and Sons: New York, 1970; p. 392. 
14. Bucknall, C. B.; Smith, R. B. Polymer 1965, 6, 437. 
15. Newman, S.; Strella, S. J. Appl Polym. Sci. 1965, 9, 2297. 
16. Bucknall, C. B.; Street, D. G. SCI Monog. 1967, 26, 272. 
17. Purcell, T. O. Polymer Prepr. Am. Chem. Soc. 1972, 13(1), 699. 
18. Parsons, C. F.; Suck, E. L. In "Multicomponent Polymer Systems"; Platzer, 

Norbert A. J., Ed.; ADVANCES IN CHEMISTRY No. 99; American 
Chemical Society: Washington, D.C., 1971; p. 340. 

19. Schott, N. R.; Dhabalia, D. Org. Coat. Plast. Chem. 1974, 34(2), 380. 

R E C E I V E D for review January 20, 1983. ACCEPTED August 29, 1983. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
14



15 

Reinforcement of Butadiene-Acrylonitrile 
Elastomer by Carbon Black 

W. V. CHANG, B. WIJAYARATHNA, and RONALD SALOVEY 

Department of Chemical Engineering, University of Southern California, 
Los Angeles, CA 90089-1211 

Reinforcement and rupture mechanisms of filled nitrile elas
tomers were investigated. The initial modulus of filled elasto
mers could be adequately represented by the Frenkel and 
Acrivos equation for volume fractions above 0.2. The strain 
amplification concept and the structure concentration equiv
alence principle are applicable only at low strain. Above a 
critical strain, which depends on the concentration of filler, 
filler particles in the vulcanizate can not deform affinely. 
Stress softening in highly filled vulcanizates also was investi
gated. Existing mechanisms could not adequately represent 
all the facts associated with stress softening. On the basis of 
lubrication theory, a bonded rubber disk was used to simu
late highly filled vulcanizates. Similar mechanical behavior 
was observed in both systems. Fractography, mechanical 
tests, stress analysis, and acoustic emission indicate that mi-
crocavitation is mainly responsible for stress softening in such 
systems. 

T H E R E I N F O R C E M E N T OF ELASTOMERS B Y FILLERS is still poorly understood, 
in spite of its practical importance. To a great extent, this lack is due to the 
various morphological structures and chemical activities of different fillers, 
the distribution of fillers in a polymeric matrix, and the nonlinear vis
coelastic behavior of the matrix itself. Rigorous and satisfactory theories 
only exist for small deformations and, even so, only to the regions of very 
low concentration (I) and extremely high concentration (2). Outside these 
regions the picture is much less clear, although many useful ideas have been 
proposed (3). In many cases our understanding is retarded by incomplete, 
inadequate, or even inaccurate data and analyses. 

Our objective in this chapter is to assess the validity of some of the 

0065-2393/84/0206-0233$07.75/0 
© 1984 American Chemical Society 
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234 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

proposed concepts in reinforcement and their applicability to a carbon 
black-nitrile elastomer system. In particular, initial modulus, finite and 
failure stress, and hysteresis w i l l be studied as functions of the concentra
tion and structure of the carbon black. W e w i l l examine the applicability of 
the structure-concentration equivalence principle (4-6) and the strain am
plification concept (7) to our system at large deformations. W e w i l l criti
cally evaluate the different mechanisms proposed for stress softening in 
elastomers (8-10). W e w i l l propose and demonstrate that, at least for 
highly filled systems, microcavitation in the matrix is an important source 
for stress softening. The toughest polymers are those that exhibit the high
est hysteresis and the largest stress softening (11); new understanding of 
stress softening w i l l provide us wi th insight into reinforcement. 

Experimental 

Mixing Experiments. Rubber and carbon black were mixed as shown in Ta
ble I in the Brabender Plasticorder. The optimum conditions for mixing to achieve 
an acceptable degree of dispersion were 60 rpm and 180-200 °F (12). Thus with 
the special mixing chamber developed in earlier work, we made all compounding 
work at these conditions. As the batch size was limited to 50 g in the Brabender, the 
two-roll mill was used for mixing larger batches. Ingredients were mixed into ni-
trile rubber as customarily done; however, 3-5 min of extra mixing were carried 
out to ensure good mixing. 

In studies carried out with unfilled gum, the gum was also mixed in the two-roll 
mill with the following ingredients and compositions (parts by weight) ; Krynac-
800, 100; sulfur, variable; zinc oxide, 3; stearic acid, 2; Thermoflex A, 2; and dop 
oil, 10. 

Molding and Sample Preparation. The sheet made from the two-roll mill 
was cut into slabs approximately 6.5 x 6.5 in. that were compression molded in a 
Peco press in a tensile slab mold (6 χ 6 in.) at 30,000 pounds ram pressure for 35 
min at 350 °F. Specimens for tensile modulus and other experiments were obtained 
by punching out dumbbells with a 1-in. dumbbell cutter. The specimens were then 
bench marked at 1-in. intervals. 

Table I. Composition and Mixing Procedure 
Loading Sequence 

Ingredient Composition Time (min) 
Krynac-800 0.500 0 
Sulfur variable 0 
Zinc oxide 0.035 0 
Agerite resin 0.035 0 
H A F (Statex-R) or M T variable 1.0 
Stearic acid 0.0035 2.5 
Dop oil 0.0565 3.0 
ISAF-N19 or M T 0.115 4.5 
Dump 6.5 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 235 

Tensile Experiments. An Instron (Model TM) tensile testing machine was 
used for tensile tests. The thickness and width of the dumbbell specimen were mea
sured with a dial gauge (accurate up to 0.001 in.) at several places along its length. 
The average measurement was used in estimating the cross-sectional area of the 
tensile piece. Dumbbells were then held between the jaws of pneumatic grips. 

MODULUS EVALUATION. The initial secant modulus was evaluated by using 
the most sensitive setting of the load cell of the Instron machine, namely at a full 
scale of 500 psi. The cross-head speed used was the slowest available (0.2 in./min). 
A fast chart speed of 20 in./min was used to expand the infinitesimal deformation 
part of the stress-strain curve. These experiments were performed in a room where 
the air temperature was controlled and where neither wind nor heavy machines 
could cause vibrations. A tangent drawn to the stress-strain curve at zero strain 
yielded the initial modulus of the specimen. 

FINITE AND FAILURE STRESS-STRAIN EXPERIMENTS. In these tests, we used the 
same type of dumbbells as in the modulus experiment. An extensometer was at
tached to the dumbbell to obtain the elongation of the specimen. Specimens were 
stretched at 5 in./min. The stress history during extension was recorded in the In
stron strip chart recorder. Finite deformation and ultimate tensile properties were 
obtained from these curves. Usually five to six specimens were tested in each case 
and the average and standard deviation were calculated. The errors in most cases 
were less than 3-4 %. 

ENERGY AND HYSTERESIS TO BREAK. From the results of the tensile experi
ments, we have obtained the extension ratio to break and the engineering stress at 
break for each sample. Hysteresis and energy to break were determined as follows: 
A fresh sample (in each case) was stretched at a given speed (5 in./min) to a given 
extension and the cross head was returned at the same speed. The area under the 
stretching curve and the area between the stretching and retracting curve were 
evaluated at this given strain. This process was repeated many times and each time 
the degree of strain was increased; the maximal strain was a few percent points 
short of the breaking strain for the given specimen. After five to six such experi
ments, the ratio of hysteresis to energy stored (H/U) was plotted against the ratio of 
strain to strain at break (e/ê ). By extrapolating the curve to one, we obtained the 
ratio of hysteresis to energy at break (ff/C/)&. By calculating the total area under 
the stress-strain curve up to break, we obtained , and, by using the ratio (H/U)b 
and Uj,, we obtained the hysteresis at break Hjj. 

Triaxial Experiments. The test piece consisted of vulcanized unfilled-rubber 
cylinders, 0.75 in. and 2 in. in diameter (D) and varying in thickness (L). These 
parameters lead to aspect ratios (DIAL) of 1/4 to 2.5. The rubber compound was 
compression molded into cylindrical metal pieces. The metal surface was sand
blasted and cleaned by a suitable solvent. A primer coat was then applied 
(Chemlock 205) and left overnight to dry at room temperature, 70 °F. The bonding 
agent (Chemlock 220) was then applied and similarly dried. 

The inside of the mold was initially sprayed with a silicon mold-release to ease 
the removal of the bonded-rubber cylinder, called hereafter a poker-chip speci
men. The specimen was very slowly pushed out with a mechanical ram. 

The specimens so prepared were stretched in the Instron tensile testing ma
chine at a cross-head speed of 0.2 in./min. The stress-strain curve was obtained 
from the Instron chart. 

Morphology Studies. Rubber samples containing different volume-fraction 
loadings of carbon black and previously subjected to different stress conditions 
were examined under the scanning electron microscope (SEM). 
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236 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

The fracture surfaces of poker chips were examined visually and under lens 
power ( χ 5) in an optical microscope to study the cavitation and crack growth. 

Results and Discussion 

Infinitesimal Deformation Region. The deformation behavior of the 
carbon black filled elastomers in this region is characterized by the initial 
slope of the stress-strain curve (E0), which for a constant stretch-rate ex
periment can be represented mathematically as 

l i m ^ = l i m Es(t) = l i m Φ~ = E0 (1) 
€-0 € e->0 f-*0 €t 

where a(t) is the time-dependent stress, e is the strain rate, e is the strain, 
Es(t) is the secant modulus, and t is the time to achieve a given strain. The 
linear viscoelastic theory states that 

Es(t) = 4 [ ER(t)dt (2) 
t Jo 

where ER(t) is the relaxation modulus. In our experiment t is approxi
mately 0.1 min . 

The relaxation modulus of our system can be represented by 

ER(t) co t-m (3) 

Essentially, m is independent of strain (13) and the volume fraction of filler 
(14) over certain ranges of strain, time, and concentration. For our system 
m is approximately 0.09. 

The modulus of a filled elastomer depends on the structure and mor
phology of the carbon black, the polymer, the degree of cross-linking, and 
on several significant interactions between filler and elastomer. The most 
important interactions are the degree of rubber-filler bonding, the r igid, 
immobilized adsorption layer on the particles, and the possible effects of 
the carbon black on the vulcanization reaction, leading to characteristic 
changes in the number and distribution of cross-links in the network. The 
first two effects become more significant wi th decrease i n the size of the 
filler and increase in filler concentration. The third effect depends more on 
the chemical nature of the fillers and the curing system. According to 
Bueche (15), only strong, filler-elastomer bonds contribute to the rein
forcement. Rivin et al . (16) calculated the number of chemisorptive attach
ments per gram of elastomer for a 100 phr H A F (80 m2/g) as at least one 
order of magnitude less than the number of cross-links in a typical rubber 
network. Therefore, we ignore the first two effects. 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 237 

The possible effects of fillers on the curing were studied by evaluating 
the initial modulus of an M T carbon black filled nitrile elastomer contain
ing different quantities of sulfur as a function of filler concentration. A sim
ilar experiment was performed with nitrile rubber without any filler, but 
with varying degrees of sulfur. By dividing the modulus of the filled system 
by that of the unfilled system of corresponding sulfur content, the original 
individual curves of modulus as a function of volume concentration of 
fillers seem to condense into a single master curve (Figure 1). This result 
indicates that the effects of M T carbon black on the efficiency of curing is 
not important in our study. 

The same conclusion can be drawn from the corresponding data of 
H A F carbon black filled nitrile rubber. This result is consistent wi th the 
finding of Cotten (17) who showed that the difference in reinforcement 
between a graphitized carbon black (zero acid concentration) and a regu
lar carbon black filled SBR-1500/CBS system was typically less than 10%, 
and the difference decreases wi th an increase in carbon black structure. 

Figure 1. Relative initial modulus of the ΜΎ-filled nitrile elastomer as a 
function of the volume concentration of MT carbon black. Key (phr): O , 1 

part sulfur; • , 2 parts sulfur; and A, 6 parts sulfur. 
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Frankel and Aerivos (2) developed a relationship between the relative 
viscosity ψ and the volume fraction of filler based on lubrication theory, 

9 (Φ/Φϋ 1 / 3 

8 1 - (φ/φ^ O 1 1JLIJL \ l / 3 V ' 

Because the matrix is incompressible and dynamic effect is negligible, the 
equation can be used for the relative Young's modulus as wel l . If φηι = 
0.65, the packing density for random packing of equal spheres, then Equa
tion 4 predicts Ε as 2.34, 3.8, 6.4, 12.3, 52.6, and 72 for φ of 0.2, 0.3, 0.4, 
0.5, 0.61, and 0.62, respectively. The agreement with experimental data in 
Figure 1 is remarkably good; the theory is supposed to be valid only in the 
vicinity of φΊη. The Mooney equation (18) was also used but failed to repre
sent our data. 

Figure 2 shows a plot of the relative modulus Er versus the volume 
fraction of filler for two types of carbon black, medium thermal (MT) and 
high structure furnace (HAF) . Medium thermal (N990) is a more or less 
spherical carbon black and high structure furnace (N330) is a carbon black 
with structure. Carbon black N990 had a surface area [cetyltrimethyl-
ammonium bromide (CTAB)] of 8 m 2/g and an oil absorption (DBP 24M4) 
of 40 mL/100 g; carbon black N300 had a surface area of 79 m 2/g and an oil 
absorption of 89 mL/100 g (4). Both compounds contained the same 
amount of curing agent, 2 phr of sulfur. 

As shown in Figure 2, the experimental data for the two compounds 
are not perfectly parallel and hence are not horizontally shiftable. This 
result is not completely unexpected because at very small deformations sec
ondary aggregation and dispersion effects become dominant in governing 
the modulus; both effects depend on the volume concentration and type of 
fillers (19). However, wi th a little sacrifice in accuracy, two parallel curves 
can be drawn through the data points. A horizontal shift factor defined as 

Φ Μ Τ 

<t>HAF 
(5) 

is obtained from the curves. Its value is 1.785. The structure-dependent 
shift factor can be estimated by the dibutyl phthalate (DBP) absorption 
test. According to Kraus (4) 

24 + A 

where A and A 0 are the D B P 24M4 values of the subject carbon black and 
the reference carbon black, respectively. In our case, A is 89, A 0 is 40, and 
therefore, αφ is 1.766, which agrees well with the experimental value. Be
cause Φ Μ Τ . Π Ι Ε Χ is 0.65, Φ Η Α Γ , Η Ι Ε Χ is 0.368. 
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100.01 1 1 1 ι—ι ι ι ι 

10, 
0.1 0.5 1.0 

Figure 2. Initial modulus of MT carbon black and HAF carbon black filled 
nitrile elastomer as a function of the volume concentration of filler. Key: A, 

HAF-loaded BAN; and •, MT-loaded BAN. 

Finite Deformation Region. Unlike the small deformation region 
where the stress-strain behavior can be assumed to be linear for all practi
cal purposes, such analysis in the finite deformation region is complicated 
by the nonlinear deformation of filled rubber. In the absence of a rigorous 
theory we w i l l be mainly evaluating the applicability of the concepts of 
strain amplification, of Smith's scheme of separating time and strain ef
fects, and of the structure-concentration equivalence principle. 

The strain-amplification concept recognizes that the microscope 
strain, e m i c , existing in the elastomeric phase of a filled system is much 
greater than the applied macroscopic strain, e m a c , because the filler particle 
are not deformable. Mathematically, a strain-amplification factor, / (φ), 
can be defined as 

ί(Φ) = e m i c ^ m a c (7) 
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240 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

and the macroscopic stress 

* = garnie) (8) 

where g defines the constitutive equation of the rubber. The basic assump
tion of the strain-amplification concept is that/(φ) is independent of strain. 

Mullins and Tobin (7) represented/(φ) by the G a t h - G o l d equation, 
and g followed the Mooney-Rivl in equation. This representation unneces
sarily limited the applicability of the concept. In our discussion we w i l l let 
both/(φ) and g be completely arbitrary. Equations 7 and 8 imply that in a 
log-log plot of the engineering stress as a function of strain for different M T 
carbon black concentrations, curves for different filler concentrations are 
horizontally superposable. W e conclude (21) that the curves for unfilled 
elastomer and 10% M T were horizontally shiftable only if the uniaxial 
stretch ratio is less than 3.4. The range of applicability is even smaller for 
higher concentration systems, that is, for φ = 0.2 it is applicable only if 

A simple geometric consideration is helpful for understanding the de
pendence of the range of applicability on the volume concentration. In 
many so-called molecular theories of reinforcement the positions of the 
filler particles are assumed to undergo an affine deformation. This assump
tion is often justified because the particles are quite large in comparison to 
atomic dimensions. Hence, even at very large stresses, the unbalanced force 
on any given particle w i l l be unable to move it far through the matrix. 
However, this argument only has a limited range of applicability, as shown 
in Figure 3. When a uniaxial stretch ratio, λ, is applied, the horizontal 
distance between the centers of two filler particles w i l l be reduced by V X , 
according to the incompressibility of the material and the affine assump
tion. However, as λ reaches a critical value, X c , the two neighboring hori
zontal particles w i l l touch each other, which makes a further affine defor
mation of filler particles impossible. A n y small unbalanced force on a 
particle such as cavitation in position c or detachment of rubber from one 
side of particle Β w i l l cause the particle to rotate. Because the stress fields 
before and after \ c are totally different, the same strain amplification fac
tor is an unrealistic assumption. 

Therefore, how does \ c depend on φ? The average original distance 
between the centers of neighboring filler particles is proportional to φ ~ 1 / 3 ; 
the distance at \ c is proportional to φ^113. Therefore, 

We have already determined that Φπ^ = 0.65 for M T . Hence, we obtain X c 

as3.48,2.19,1.67, and 1.38 for φ equal t o O . l , 0.2,0.3, and0.4, respectively. 

λ < 2.1. 

(9) 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 241 

MICROCAVITATION 

Figure 3. Schematic representation for microdeformation near critical 
strain. 

A n empirical equation was proposed by Smith (22) to represent the 
stress-strain data from constant strain-rate tests. 

σ(ί, e) = F(i)H(0)/(e) (10) 

where F(t) is the constant strain-rate modulus. When the viscoelastic be
havior is linear, F(t) is the secant modulus. Because the strain rate is con
stant in our experiments, Equation 10 suggests that the stress-strain re
sponse plotted as log σ versus log e w i l l yield a family of parallel curves that 
can be superposed by a vertical shift. The magnitude of vertical shift is 
equal to log Η (φ) or log Er. However, our data indicate that a vertical shift 
is only possible when λ is less than 3. W e believe the argument given in our 
discussion of Figure 3 is also applicable here. 

Next, can we predict the stress-strain behavior of a carbon black filled 
system from a known behavior of another carbon black system? W i t h this 
in mind, we plotted stresses at 50, 100, 150, and 200% strains against the 
volume-fraction loading for both M T and H A F carbon black filled systems 
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242 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

on the same graph paper. Figures 4 and 5 show such plots for strain at 50 
and 200 %, respectively. In Figure 4, these two curves are essentially paral
lel to each other and are horizontally shiftable. The superposability de
creases as strain increases. The strain (%) and corresponding shift factor 
values (αφ) are as follows: 0, 1.785; 50, 1.73; 100, 1.74; 150, 1.84; and 200, 
1.94. Thus, within experimental error, the shift factor can be considered 
more or less constant and can be estimated from the structure of a carbon 
black. 

At strains higher than 200%, the two curves are no longer shif table. 
Next, we w i l l discuss what occurs microscopically in a specimen deformed 
beyond 200% strain. 

Failure Region. Figure 6 shows a plot of energy at break and hyster
esis to break as functions of the volume fraction of the M T carbon black. 

I I ι ι ι ι ι I ι I 
0.1 0.5 1.0 

Φ 
Figure 4. Stress at 50 % deformation of Μ Τ and HAF carbon black filled 
nitrile elastomer as a function of the volume concentration of fillers. Key: see 

Figure 2. 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 

τ 1 — ι — 1 1 1 1 1 

243 

Figure 5. Stress at 200 % deformation of MT and HAF carbon black filled 
nitrile elastomer as a function of the volume concentration of fillers. Key: see 

Figure 2. 

Both U}j and Hjy initially increase wi th the volume fraction of the filler and 
then decrease beyond a volume fraction loading of 20 %. C a n both and 
Hb be accounted for by the viscoelastic properties of elastomer phase alone? 
Microscopic strain rate in the polymer matrix at a given φ can be estimated, 
for example, by Bueche's equations (8). The unfilled elastomer C/& was de
termined over a strain-rate range corresponding to the range of filler con
centration and represented as a dot line in Figure 6. Thus, the addition of 
filler has increased the strength of the rubber above and beyond what could 
be offered by the viscoelastic properties alone. The presence of filler not 
only increases the ability of rubber to store energy but also increases the 
hysteresis. The ratio (HIU)^ for a filled elastomer is interestingly almost 
double that for pure gum (Figure 7). The range of values for (HIU)b for a 
pure gum is 0.28-0.42 and for an M T - f i l l e d elastomer is 0.562-0.78, as de
termined from our work and the literature. The value for (H/C/)& for pure 
gum was obtained from Harwood and Payne's data (23). The range of test 
data is not available; however, the minimum and maximum values of the 
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244 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 
energy density at break, 0.2 and 100 J/mL for pure vulcanized gum, indi
cate that various tensile tests have been performed. The value range for 
filled gum, 0.56-0.78, is for an M T black filled nitrile elastomer with vol
ume fractions of filler that range from approximately 0.04 to 0.6. Thus, in 
a filled elastomer, hysteresis increased two to three times that of a gum 
vulcanizate per unit increase in the storage ability. What mechanisms are 
responsible for this increase i n ? Is most of the energy dissipated i n the 
elastomer phase or i n the filler phase? 

Perhaps the structure concentration equivalence principle w i l l pro
vide new insights. Figure 8 shows a plot of engineering stress at break ver
sus the volume fraction of filler for M T and H A F carbon black. If this curve 
is replotted as σ^/(1 - φ) versus φΐφγη, we obtain the curve in Figure 9. 
Interestingly, the data are reduced to a single curve. The physical meaning 
of obl(l - φ) is not clear, but it suggests that at least most of the energy 
input and dissipation occur in the elastomer phase. But what mechanisms 
are responsible for this high dissipation in the elastomer phase? 

LOG λ α γ 

0 1 2 3 
801 1 • ' r 

Figure 6. Energy density at break (Π) and hysteresis at break (A) as a 
function of the volume fraction of MT carbon black. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
15



15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 245 

LOG λ 

Figure 7. Ratio (H/U^ of filled and unfilled nitrile elastomer as a function 
of deformation rate. The deformation rate of the elastomer phase in filled 
systems is adjusted according to the strain amplification factor. Key: O , 

BAN; and •, BAN + MT. 

Energy dissipation in a filled system is often called stress softening. 
Several mechanisms have been proposed for stress softening: 

1. Rearrangement of the rubber network associated wi th slip
page of entanglements and nonaffine displacement of net
work junctions in the rubber matrix. This mechanism occurs 
in gum vulcanizates and in the gum phase of filled vulcani-
zates. 

2. Structural changes of the carbon black aggregates. This 
mechanism is associated wi th the possible breakdown and 
reformation of filler domains, or breakage of the permanent 
structure of the carbon black particles. The latter mecha
nism was suggested by Kraus and others but no independent 
evidence has been presented. Furthermore, our data suggest 
that the contribution to from this mechanism is not signif
icant. 

3. Slippage of rubber chains on the carbon black surface or the 
breakage of rubber-filled bonds. These are involved i n the 
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246 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Dannenberg-Boonstra and Bueche theories, respectively, 
but no independent evidence of these mechanisms exists. 

4. Breakage of weak cross-links such as hydrogen bonds, ionic 
type links, and polysulfide links. 

Among all the different mechanisms proposed for stress softening, 
Bueche's theory is most attractive because it has a clear molecular basis and 
an equation with parameters that can be experimentally determined and, 
to a certain extent, independently checked. Bueche attributed the softening 
primarily to the breaking of network chains extending between adjacent 
filler particles. In his model some strong bonds are assumed to be broken 
even at small elongations. Three parameters are defined in his equation: 7 
is a measure of the strength of the bonds that break and is given by Fca/kT, 
where kT is the usual product of absolute temperature and Boltzmann con
stant; Fc is the tension in the chain when it breaks; and a is the length of a 
freely orienting segment in the chain. The quantities s and b characterize 
the filler and its dispersion. In particular, s is the average filler surface area 
per filler bond, and b is a measure of the separation of the filler particles. 

Bueche's equation reproduces the softening curves for several systems 
(8, 9). Parameters have been used to evaluate different mixing practices and 
the efficiency of fillers. Poorly dispersed fillers show markedly increased 

14 

12 

10 

ο ο. 

2 8 

6 
4 

0 .1 .2 .3 . .4 .5 .6 .7 
Ψ 

Figure 8. Engineering stress at break of MT and HAF filled nitrile elasto
mer as a function of the volume concentration of fillers. Key: O , HAF-

loaded BAN; and Δ , Μ Τ-loaded BAN. 
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Figure 9. Same data as Figure 8 plotted against φΐφχη after normalizing by 
the actual rubber volume. Key: HAF-loaded BAN; and Δ , ΜΎ-loaded 

BAN. 

values of b. The poorly reinforcing fillers generally have large b and s values 
and small y values. A l l of these findings seem physically reasonable. 

Despite all these apparent successes we believe that Bueche's model 
suffers from some fundamental shortcomings. First, one of the most impor
tant assumptions in Bueche's theory is that filler particles deform affinely. 
However, beyond a critical strain this assumption can not be val id. A n d 
yet, the theory was often applied to the region wel l beyond that critical 
strain. Second, as pointed out by Bueche himself (8), the energy corre
sponding to γ is about 30 kcal less than the bond energy. This finding 
would imply that at F = Fc the chain is far from being fully extended. Yet, 
in the original derivation a fully extended chain at F = Fc was assumed. 
Third, the fact that poorly dispersed fillers show large values of b is not 
logical. A poorly dispersed system shows a higher init ial modulus. W i t h i n 
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248 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

the spirit of the original model, fc, the average distance between particles, 
must be smaller. 

In their study of the effect of mil l ing on stress softening of an H A F -
SBR vulcanizate, Wagner et al . (9) prepared the unmilled stock by dispers
ing the pigment and curing ingredients in a benzene solution of the rubber 
followed by freeze drying and curing without any intermediate mil l ing. 
The milled stock was the same specimen passed through a two-roll m i l l 
(after drying and before curing) a sufficient number of times. M i l l i n g sig
nificantly reduced the total amount of softening. This fact was attributed 
to the pigment aggregation in the unmilled system. Similar experiments 
were also conducted on hydrated-silica filled styrene-butadiene rubber 
(SBR). Although the reduction of stress softening by mil l ing was about the 
same for both cases, the changes i n b values were significantly different. 
For H A F , b changes from 9.8 to 3.4 nm, but for hydrated silica, b reduced 
from 172 to 6.2 nm. No other independent measurement was provided to 
explain such a tremendous difference in dispersion between these two un
milled systems. Relating these numbers to the original physical meaning of 
b may not be meaningful. 

We suspect that the high stress softening in the unmilled system may 
not be directly relevant to the dispersion state of fillers. Perhaps a freeze-
drying process may cause some microphase separation that leaves minute 
defects such as voids i n the matrix. The size and number of voids greatly 
contribute to stress softening of the elastomer. 

Microcavitations. The stress-strain curve of highly filled elastomers 
shows a distinct yield point. The yield stress decreased initially with an in
crease of carbon black content. S E M pictures reveal that a large number of 
vacuoles are formed when the M T carbon black concentration is increased. 
This finding is shown in Figures 10 and 11 and by a similar work carried 
out by Takahashi on rubber containing different types and quantities of 
carbon black (24). Figure 12 shows SEMs of the fracture surface of a highly 
filled sample before and after yielding. The yield point may be a conse
quence of substantial microcavitation, and microcavitation happens at 
lower stress levels as the carbon black concentration is increased from φ = 
0.25 to 0.60. Microcavitation in an elastomer reinforced by high structure-
reinforcing filler has also been reported (24). Although less pronounced i n 
such systems than in the corresponding M T - f i l l e d systems, we believe the 
mechanism of microcavitation is of similar nature. Therefore, we focused 
our study on the MT- f i l l ed systems. 

Minute voids wi th a diameter of 1 μπι or less always exist in rubber 
parts. Under negative hydrostatic pressure, vacuoles grow in size and 
would grow irreversibly (microcavitation) if the applied negative pressure 
field exceeded a critical value (25-27). This critical value depends on the 
size of the initial voids, Young's modulus, the tearing energy, the thermo-
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CHANG ET AL . Reinforcement of Filled Nitrile Elastomers 249 

Figure 11. SEM of the fracture surface of ΜΎ-loaded nitrile elastomer with 
φ from 0.25 to 0.62, showing vacuole formation during deformation. 
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250 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Ί Η Η Η 

Figure I2a. S£M of fracture surface before yield (φ = 0.62). 

o -

•••••1 
•••••••1 

Figure 12b. SEM of fracture surface after yield (φ = 0.62). 

dynamic surface energy, and the extensibility of the matrix (27). The criti
cal negative pressure increases with a decrease in the initial size of the 
voids. A consequence of microcavitation is the softening of the material. 

Perhaps the yield point can be related to the critical negative pressure 
generated in the rubber phase of a filled system. Thus, the negative hydro
static pressure in the matrix increases with the concentration of the filler. 

A linear relationship exists between the yield stress and the failure 
stress of filled vulcanized rubber in the region of concentrations under 
study (Table II). 

Also, the yield stress at a given concentration of carbon black increases 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 251 

Table II. Relationship Between Yield Stress and Failure Stress i n 
Vulcanized Rubber 

Volume Fraction 
of Carbon Black Yield Stress Failure Stress 

in Rubber" (psi) (psi) 
0.47 1750 2165 
0.45 1450 1968 
0.51 1350 1804 
0.55 1300 1758 
0.59 1250 1748 
0.62 800 1172 

°Poly(butadiene-co-aerylonitrile) with 2% sulfur. 

with the concentration of curing agent (sulfur). Because the curing agent 
results only in an increase in the modulus of the matrix, an increase in the 
matrix modulus retards the vacuole formation and thereby the yield pro
cess. W i t h the increased matrix modulus, a linear relationship between the 
yield stress and failure stress is observed, and, interestingly enough, the two 
lines (for 2 and 6% sulfur cured) have the same slope. This result indicates 
that the yield process depends on both the modulus of the matrix and the 
magnitude of the negative hydrostatic pressure due to the type of stress 
field in the matrix. 

In a highly filled system i n which the particles are very close to each 
other, such that the gap between two particles is small compared to the 
radius of the spherical particle, we may consider the surfaces of those parti
cles facing each other to be essentially flat. In such a situation, the lubrica
tion approximation could be used to calculate the stress distribution in the 
matrix because the local displacement may be treated as a function of only 
the local gap distance, the local pressure gradient, and the local boundary 
conditions. The lubrication approximation represents our initial modulus 
data very successfully even when φ is as low as 0.2. W e believe that the 
approximation w i l l also be useful in understanding the fracture process. 

In this sense, the poker-chip specimens discussed earlier can be used to 
simulate the stress field in the matrix between two spherical filler particles. 
Thus, we were inspired to investigate any possible similarities between the 
stress-strain behavior of poker chips under deformation with those of very 
highly filled rubber vulcanizates. In doing so, we molded nitrile elastomer 
(without filler) containing the same amount of sulfur as i n the fil led system, 
between two steel disks wi th properly prepared surfaces as described in the 
experimental section. We have already shown that the presence of filler 
does not affect the cross-link density of the rubber, and, therefore, the stiff
ness of the matrix between the carbon black particles is probably the same 
as that between the two poker chips in the present experiment. 

The stress-strain curve of the poker-chip experiment was essentially 
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252 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

similar in shape to that of a highly loaded nitrile elastomer sample. In addi
tion, a definite dependence of yield point on the aspect ratio of the elasto
mer disk of the poker-chip specimen was seen. In Figure 13 the poker-chip 
specimen shows tremendous stress softening if the previous deformation is 
beyond the yield point. Chang (28) has shown that the stress-softening be
havior can be accounted for, from the linear elastic analysis point of view, 
by the small increase in the void content of the matrix during deformation. 
This early stage microcavitation does not result in a significant increase in 
volume but surely affects the mechanical behavior of the specimen signifi
cantly. Conventional techniques for monitoring microcavitation such as 
dilatometry are not sensitive enough to detect the early stage of microcavi
tation. Therefore, acoustic emission has been used by Chang (29) to moni
tor the microcavitation. This work shows that microcavitation happens 
well before the yield point. 

In our experiments, the poker chips separated wi th a pop sound simi
lar to that reported by Gent and Lindley (25). They also reported that as 
the aspect ratio was increased the yield stress decreased and went through a 
minimum and increased again. Our results on filled vulcanizates are in 
agreement with theirs. Bubbles or vacuoles also formed at or near the lon
gitudinal axis of the rubber cylinder closer to one of the bonded surfaces, as 
shown in Figure 14. As the aspect ratio (D/L) decreases (i.e., when the 
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Figure 13. Load extension relations for poker-chip specimens. Pulling 
speed = 0.2 in./min. Specimen 5 and 7, D/L = 10. Specimen 2, D/L = 
6.667. Key: O , 5; •, 7 (first extension); V , 7 (7th extension); •, 7 (after 9 

days); and A, 2. 
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15. CHANG ET AL . Reinforcement of Filled Nitrile Elastomers 253 

Figure 14. Fracture surface of poker-chip specimens. 

surfaces were further apart), the size of the bubbles decreased and the area 
in which the bubbles formed spread radially outwards. This result shows 
that the severity of the negative hydrostatic pressure decreased as the dis
tance between the surfaces increased and the stress distribution gets in
creasingly uniformed in the radial direction. This radial distribution has 
been mathematically accounted for by Chang (28). Gent and Lindley (30) 
showed that the yield point i n the load-extension curve is related to the 
aspect ratio as 

(11) 

where Em is the Young's modulus of the elastomer in the poker-chip speci
men. Equation 11 represents our poker-chip data. The value of Em calcu
lated is in the range of 17-19 psi. 

Furthermore, a linear correlation between the rupture stress and yield 
stress seems to exist (Figure 15). The slope of this curve appears to be simi
lar to that of the highly filled nitrile rubber. Although the slopes are simi
lar, the magnitude of the stresses in the filled rubber is about 10 times 
higher. This finding suggests that the failure in the two systems is governed 
by the same mechanism. The difference in magnitude may be a reflection 
of the viscoelastic nature of the rubber. The stress-strain relationship for a 
filled- or unfilled-rubber vulcanizate is dependent on the strain rate and 
temperature. For filled rubber, the actual deformation taking place in the 
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254 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

binder, commonly known as the microscopic strain, is much higher than 
the applied macroscopic deformation. Thus, to compare the poker-chip ex
periment data with those of filled rubber, we have to consider test rate, 
sample dimension, and strain amplification on the basis of the concentra
tion of the filler in the case of filled rubber, or geometry, in the case of 
poker chips. 

Our filled-rubber experiments were carried out wi th tensile samples 
1 in. long at a rate of 5 in./min. O n the other hand, the poker-chip experi
ments were carried out at an extremely slow speed of 0.2 in./min, and the 
poker chip samples were 0.1 i n . thick. To consider the rate effects, we use a 
correction for strain amplification. In the absence of an exact theory that 
would tell us the exact strain rate in the process, we propose to use the 
initial modulus to account for the increased microscopic strain. Thus we 
normalized the oy and oh values by the corresponding initial moduli . For 
poker chips, Gent derived mathematically a relationship for the apparent 
modulus of the poker chip on the basis of its geometry as 

^app — Έ, 1 + 2 D_ 
4L 

(12) 

0.34 0.68 1.02 
<ry MPa 

1.36 1.70 

Figure 15. Stress at break as a function of the yield stress for poker-chip 
specimens. 
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15. CHANG ET AL. Reinforcement of Filled Nitrile Elastomers 255 

On the basis of this method, we normalized the oy and ab values of poker-
chip specimens by dividing wi th E a p p = 112 psi. N o w , if we plot aB/EAVP 

(or 0}JIEQ for fi l led specimens) versus aY/EAPV (or oy/Eo for filled speci
mens), we find that data of filled specimens of different filler concentra
tions and different amounts of sulfur, and data of poker-chip specimens 
can be condensed onto a narrow band (Figure 16). This finding provides 
strong evidence in support of our conclusions that the deformation and 
fracture processes in a highly filled elastomer can be simulated and repre
sented adequately by poker-chip specimens, and that the microcavitation 
plays a vital role in the deformation and fracture processes of both systems. 

If we plot σ&/Ε& ρ ρ for both filled-elastomer and poker-chip specimens 
against φ and D / L , respectively, we obtain Figures 17 and 18, respectively. 
They both show a linear relationship, indicating again that the mechanism 
of failure is similar. A n increase in filler concentration, according to our 
argument, is represented by an increase in the aspect ratio, D / L , in the 

1.8 

1.6 

1.4 

1.2 

POKER 
CHIPS'" 

& 1.01 
σ 

ι 0.8 

0.6 

0.4 

0.2 

.FILLED RUBBER 
(6 phr sulfur) 

^FILLED RUBBER 

(2 phr sulfur) 

L d ι ι ι ι ι ι 1 1 
0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 

° y / E a p p . 

Figure 16. Stress at break normalized by the apparent modulus as a func
tion of yield stress normalized by the apparent modulus for both carbon 
black filled nitrile elastomers ana for poker-chip specimens. Key: Δ , filled 
rubber (2 phr sulfur); O, filled rubber (6 phr sulfur) and •, poker chips. 
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256 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

D/L 

Figure 17. Stress at break of poker-chip experiments normalized by the ap
parent modulus as a function of the aspect ratio D/L. 

poker-chip experiments. Although they behave similarly, a rigorous, theo
retical relationship between the aspect ratio D/L and φ is not available. 

Summary 

The relative initial modulus of carbon black filled nitrile elastomers can be 
represented by equations derived from elastic or hydrodynamic theory. For 
MT-f i l l ed elastomers Frankel's equation based on lubrication approxima
tion successfully represents data for φ > 0.2. A stress-concentration equiv
alence principle is applicable to initial modulus and for strain up to an in i 
tial value, which depends on the concentration of the filler. The shift factor 
can be estimated from the structure of the filler as determined by the D B P 
24M4 test. The strain amplification concept and Smith's scheme are work
able if the strain is less than a critical value, which depends on the concen
tration of the vulcanizate. Above the critical strain, affine deformation of 
the filler particles is not val id. Energy dissipation in a filled elastomer is 
much larger than that of the unfilled gum. Almost all the dissipation oc
curred in the elastomer phase. Stress softening can not be adequately de
scribed by the existing mechanisms such as Bueche's theory. A model speci
men based on the lubrication theory shows similar mechanical behavior to 
that of highly filled elastomers. O n the basis of the results of mechanical 
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15. CHANG ET A L . Reinforcement of Filled Nitrile Elastomers 257 

Φ 
Figure 18. Stress at break normalized by the apparent modulus of highly 

filled vulcanizate as a function of the volume fraction of the filler. 

tests, fractography, and stress analysis, microcavitation is concluded as the 
main cause of stress softening and as responsible for the fracture behavior 
of highly filled elastomers. 

List of Symbols 

a Length of a freely orienting segment i n the chain 
Structure concentration equivalence shift factor 

b Separation of neighboring filler particles 
m Slope of logarithmic relaxation modulus as a function of logarith

mic time 
k Boltzmann's constant 
s Average filler surface area per elastomer-filler bond 
t Time 
A 0 

D B P 24M4 value of the subject black 
A D B P 24M4 value of the reference black 
D Diameter of a poker chip specimen 
Eo Initial (zero time) Young's modulus 
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258 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Relative Young's modulus, i .e. , the ratio of the Young's modulus of 
a filled system to that of an unfilled system 

E.(t) The secant Young's modulus 
ER(t) The relaxation Young's modulus 
E m Young's modulus of elastomer in a poker chip specimen 
^app The apparent modulus (also referred as spring stiffness) 
Fc Tension in a chain when it breaks 
Hb Hysteresis at break 
L Thickness of elastomer disk in a poker-chip specimen 
ub Total energy input at break 
y Strength of chemical bonds 
e Strain 
^mic Microscopic strain, i .e. , strain of the elastomer phase in a filled 

system 
emac Macroscopic strain 
vr Relative viscosity, i .e. , the ratio of the viscosity of a filled system to 

that of the unfilled system 
Κ Crit ical stretch ratio beyond which affine deformation of filler 

particles cannot exist 
λ Stretch rate or deformation rate 
σ Stress 
Ob Stress at break 

°y Yield stress 
Φ Filler volume concentration 
Φ m Maximum filler volume concentration 
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16 
Fatigue Crack Propagation in Short-Fiber 
Reinforced Plastics 
R. W. LANG, J. A. MANSON, and R. W. HERTZBERG 
Materials Research Center, Lehigh University, Bethlehem, PA 18015 

Some of the problems and limitations associated with the ap
plication of linear elastic fracture mechanics (LEFM) tech
niques, as well as the usefulness of this approach to study fa
tigue crack propagation (FCP) behavior in short-fiber 
composites, are discussed. Recent work on the influence of 
several material parameters on the FCP resistance of these 
materials is reviewed, and various aspects related to the mi-
cromechanisms of failure are addressed. On the basis of exist
ing data and considerations of the various energy-absorbing 
mechanisms involved in the micro-modes of crack advance, a 
qualitative model is presented to describe the effects of such 
material variables as fiber orientation, fiber content and as
pect ratio, and matrix and interfacial properties. 

SHORT-FIBER REINFORCED (SFR) PLASTICS are of increasing technological in
terest because of improvements i n properties relative to those of the unrein-
forced materials. In addition, these materials can be processed into finished 
parts of complex shapes by injection molding, compression molding, or ex
trusion, techniques generally similar to those used for unreinforced poly
mers. Because many of these materials are being used for structural compo
nents that are subjected to fatigue loading, the behavior of these materials 
under this condition is of prime interest. The purposes of this chapter are to 
discuss some limitations in the linear elastic fracture mechanics ( L E F M ) 
approach to fatigue crack propagation (FCP) in sfr plastics, and to analyze 
the effects of several material variables on F C P resistance to obtain a better 
understanding of the failure process. 

General Considerations 

In spite of the need to understand fatigue in short-fiber (sf) composites, the 
state of the art is not nearly as advanced as it is for unreinforced polymers 

0065-2393/84/0206-0261$06.00/0 
© 1984 American Chemical Society 
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262 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

(1) or metals (2). Although the S - N response (stress amplitude versus num
ber of cycles to failure) has received some attention (1, 3-6), studies of this 
type generally do not distinguish between the initiation of cracks and their 
propagation to catastrophic failure. A n d yet, as a result of the stress con
centrations introduced by the discontinuities associated wi th the presence 
of short fibers, failures may easily initiate (6). Therefore, the total fatigue 
life of these materials may wel l be dominated by the kinetics of crack and 
damage propagation in many applications. 

Because of the limitations of the S - N approach, many efforts have 
concentrated on describing the kinetics of F C P in metals and polymers by 
using the concepts of fracture mechanics (1, 2). Crack growth rates per 
cycle, da/dN, are most commonly related to the prevailing stress intensity 
factor range, ΔΚ, according to a relationship proposed by Paris (7) 

where A and m depend on the material and test conditions. The applied 
A K r r a n g e (subscript J stands for opening mode conditions) is given by the 
cyclic load range, ΔΡ, the crack length, a, the width , W, and the thickness, 
B, of the specimen, and a geometrical factor, Y, as 

Solutions for Y(a/W) are available from the literature for many specimen 
configurations (8). 

Materials and Fatigue Testing 

To obtain a more generalized understanding of F C P i n sf composites, pre
vious results w i l l be cited throughout this chapter. The thermoplastic ma
trix materials i n the composites investigated so far include various types of 
nylon (9-14), polyethylene terephthalate) (PET) (15-17), polysulfone 
(PSF) (18), and polystyrene (PS) (19)1; short fibers include glass and carbon 
fibers and Kevlar. In addition, discontinuous fibers of glass and aluminum 
have been used i n F C P studies of reinforced polyester (20) and epoxy resins 
(21), respectively. 

A l l materials included in this study for illustrative purposes were ob
tained in the form of injection-molded plaques. A list of these materials 

(2) 

IIn Reference 19, the polymer material was mislabeled as a styrene-acrylonitrile copoly
mer (SAN) instead of polystyrene (PS). However, this error does not alter any of the conclu
sions in the publication. 
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16. LANG ET AL . Fatigue Crack Propagation 263 

along with their designations and sources is given in Table I. Compact type 
specimens were machined to be loaded either longitudinally (L) or trans
versely (T) to the main processing direction. Although the material charac
teristics and testing variables pertinent to the discussion w i l l be mentioned, 
more detailed information is available from the references listed in Table I. 

The LEFM Approach to FCP in SF Composites 

Whether or not F C P in sf composites can be characterized and accurately 
modeled by using L E F M techniques developed for isotropic materials w i l l 
depend on several factors. One problem noted previously (J, 20, 22) is that 
in general with a fiber composite the "crack" is not a simple entity that can 
be readily characterized in terms of length. Even in cases where a crack is 
intentionally grown from a notch, one cannot always unambiguously de
fine the position of the crack tip in an analogous simple way as in homoge
neous materials. Rather, fatigue failure in notched sf composites occurs by 
propagation of a main crack surrounded by innumerable side cracks divert
ing from the plane of the main crack. Instead of a clear-cut crack t ip, a 
diffuse damage zone consisting of many microcracks exists. Thus, the accu
mulation of damage in notched sf composites occurs by a damage propaga
tion process rather than by a well-defined crack propagation mechanism. 
Of course this situation also implies that the term "crack growth rate" 
should be replaced by the physically more meaningful term "damage 
growth rate." Although both expressions are commonly used, this distinc
tion should be kept in mind. 

Whereas the crack-tip damage zone may be conceived as being much 
like a plastic zone in an elastic-plastic material (23), local areas may occur 
along the main crack where single fibers or fiber bundles bridge the crack 

Table I. Materials and Specimen Designation 

Glass Fiberb 

Material Commercial Matrix Content, 
Designation" Designation Type Vol (wt) % Ref. 
A-N66 Zytel 101 N66 — 13 
A-N66/18G Zytel 70G33 N66 18(33) 13 
B-N66 R-1000 N66 — 13,14 
B-N66/16G RF-1006 N66 16(30) 13,14 
B-N66/31G RF-10010 N66 31(50) 13,14 
B-PS C-1000 PS — 19 
B-PS/18GC CF-1007 PS 18(35) 19 

°Series A (Du Pont) and Β (LNP-Corporation) were supplied as end-gated and side-gated 
injection molded plaques, respectively; symbols L and Τ added to the material designation 
refer to the direction of applied load relative to the major flow direction. 

bE-glass. 
Supplied with fibers 3.2, 6.4, and 12.7 mm long before processing. 
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264 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

surfaces. In this manner stresses w i l l be transferred across the cracked sur
faces by either frictional forces or, as long as it is not already destroyed, by 
the interfacial bond between fiber and matrix itself. This condition cer
tainly violates the conventional assumption in L E F M of the integrity of a 
crack. 

Other complicating factors encountered in some sf composites are re
lated to the anisotropy resulting from fiber orientation, which develops un
der some processing conditions. Although solutions for stress intensity fac
tors exist for some special cases (24, 25), fiber orientation and, therefore the 
degree of anisotropy, may be difficult to predict or to determine and may 
well vary with position within a component or even within a test specimen. 
Such factors make an accurate determination of Κ difficult, if not impos
sible. 

Another problem experienced in some cases is the departure of the 
propagating crack from the desired horizontal fracture plane because of 
fiber orientation. Figure 1 shows characteristic examples of failed speci
mens of short glass-fiber reinforced (sgfr) Nylon 66 (N66) and of sgfr PS. 
Although the crack in sgfr N66 essentially grew in the desired plane perpen
dicular to the loading direction, excessive departure from this plane is evi
dent in the PS composite. Crack growth i n the latter case occurs under 
combined Mode I/Mode II (opening/in-plane shear) conditions and Equa
tion 1 is no longer applicable. 

This discussion implies that an interpretation of Κ for sf composites 
(based on calculations that assume a uniform, isotropic, elastic material) as 
a parameter that provides an accurate description of the stress field in the 
vicinity of the crack tip is by no means self-evident. Hence the results of an 
F C P test may not always provide a quantitative and specimen-independent 
description of the material behavior that ultimately could be used for com
ponent design. In such cases the significance of AK is restricted to that of a 

Figure 1. Typical examples of failed FCP specimens: (a) sgfr N66 (B-N66/ 
16G-T), (b) sgfr PS (B-PS/18G-L). 
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16. LANG ET AL . Fatigue Crack Propagation 265 

convenient parameter to describe the combined conditions of loading and 
specimen geometry. Nevertheless, F C P experiments are still extremely use
ful for comparative purposes (if specimen geometry and loading conditions 
are kept the same) as an aid for the material selection for both notched and 
unnotched components. Valuable information on the micromechanisms of 
fatigue failure can be obtained; this information may ultimately lead to the 
development of materials wi th improved F C P resistance through a better 
understanding of the various energy-absorbing mechanisms associated 
with the fracture process. 

Effects of Material Variables 

The material parameters can be related to the three main elements present 
in an sf composite, namely the fibers, the matrix, and the fiber-matrix in
terface. Variables associated with the reinforcing fibers include the fiber 
content, fiber orientation, fiber aspect ratio (length-to-diameter ratio, l/d), 
and the kind of fiber used. 

Effect of Fiber Content. Analogous to the substantial improvements 
in other mechanical properties (6, 26, 27), F C P resistance generally in
creases with fiber content at least over the range investigated (9,12-14,16, 
19). For example, a significant increase in F C P resistance resulting from 
the addition of glass fibers is clearly visible in the comparison of A-N66/ 18G 
with pure N66 in Figure 2. The value of AK necessary to drive a crack at a 
given growth rate is about twice as high for the composite than for the 
unreinforced matrix. Similar behavior is shown i n Figure 3 for Nylon 66 of 
Series Β (see Table I) in an alternative representation of F C P data. Crack 
growth rates at constant values of AK decrease continuously wi th an in
crease in fiber volume fraction, ty, at least up to ty = 0.31. 

The improvement in behavior can be interpreted in terms of (1) the 
stress transfer from the matrix to the much stronger fibers along with the 
overall increase in specimen stiffness; (2) the additional energy dissipation 
mechanisms associated with debonding, fiber breakage and pullout, and 
local plastic deformation in the matrix around fibers; and (3) crack blunt
ing due to the complex damage zone that acts to reduce the stress intensity 
level (i.e., lower effective AK) and hence to decrease the severity of the 
crack tip stress field. 

Effects of Fiber Orientation. The fiber orientation i n any sf compos
ite w i l l depend primarily on the melt flow characteristics as affected by the 
processing technique and the processing conditions (27). For example, 
parts wi th a high degree of orientation in the processing direction may be 
obtained by extrusion, whereas more or less random fiber orientation could 
be achieved by compression molding. In the case of injection molding, f i -
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266 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Δ Κ . MPfl V F 
Figure 2. Fatigue crack propagation behavior of Nylon 66 (A-N66) and sgfr 
Nylon 66 (A-N66/18G) at 10 Hz and a minimum/maximum load ratio of 0.1. 

Key: DO, A-N66; A, A-N66/18G-T; and +, A-N66/18G-L. 

ber orientation w i l l depend on injection speed, mold geometry, and geome
try and position of the gate. In addition, the nature of the matrix, fiber 
content and aspect ratio, and fiber-matrix bond strength may be impor
tant. Indeed, several different observations have been made for injection 
molded materials. 
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16. LANG ET AL. Fatigue Crack Propagation 267 

Although no effects or only minor effects of specimen orientation have 
been reported in some cases (12, 13), pronounced effects have been found 
in others (15-17). For example, macroscopic growth rates i n Figure 2 are 
essentially the same for specimens tested longitudinally and transversely to 
the mold f i l l direction. O n the other hand, Figure 3 reveals that the inf lu
ence of orientation may well vary with fiber content at least to some de
gree. Although no effect of orientation was found for B-N66 and B-N66/ 
16G, some dependence on orientation was observed for the composite wi th 
the highest fiber content. A n even more significant effect of orientation has 
been reported by Friedrich (15-17) for sgfr P E T . 

In all these instances, the influence of specimen orientation on F C P 
behavior has been related directly to the fiber orientation distribution 

10-2 η 1 1 1 —I r 

S 

ce 

ΙΟ" 5 J 1 · 1 1 1 . ι-
ο .2 .4 .6 

fiber content, Vf 

Figure 3. Effect of fiber volume fraction, Vf, on fatigue crack growth rates 
in sgfr Nylon 66 (B-N66) at various levels of Alt for two specimen orientations 
(frequency = 10 Hz, minimum /maximum loadratio = 0.1). Key (AK = 4.5 
MPa \fm): ·, L direction; and Ο, Τ direction; (AK = 4.0 MrVra~) A, 
L direction; and Δ , Τ direction; (AK = 3.5 MPa-Jm) •, L direction; and 

•, Τ direction. 
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268 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

within the specimens. In this context (27, 28) the fiber orientation in end-
gated injection molded plaques varies over the plaque thickness, as shown 
schematically in Figure 4. Close to the mold surfaces where the shear gradi
ent is high while f i l l ing the mold, skin layers w i l l develop with fibers pre
dominantly oriented in flow direction. In sharp contrast, fibers w i l l be 
aligned transversely to the major flow axis in the core region because of 
divergent flow, which occurs when the melt stream passes from the narrow 
gate into the much wider mold. 

This model might be somewhat oversimplified (28), however, it is suf
ficient for the purpose of our discussion and consistent wi th observations of 
fracture surfaces (12, 13). A n example of the appearance of fracture sur
faces is shown in Figure 5 for A-N66/18G-L. Indeed, the fiber orientation 
in skin and core layer corresponds roughly to what has been shown in F ig
ure 4. That is, fibers for this specimen orientation are oriented mainly per
pendicular to the fracture surface in the skin layer (Figure 5a) and are 
aligned predominantly in or at small angles to the fracture surface plane i n 
the core layer (Figure 5b). Because the two skin layers together appeared to 
be approximately equal in size to the core layer, the orientation indepen
dent behavior of A-N66/18G in Figure 2 can be explained in terms of a 
quasi-isotropic fiber array, even though the specimens can be considered as 
laminates of plies having distinctly different fiber orientations. 

As expected, microscopy (16, 29) and dynamic mechanical spectros
copy (19) have shown that a higher F C P resistance in a given direction is a 

Figure 4. Schematic representation of an end-gated injection molded 
plaque showing (a) the layer" structure in fiber orientation across the 
plaque thickness, and (b) the orientation of FCP specimens. Key: S, skin 
layer; C, core layer; and L, T, direction of applied load with respect to the 

mold fill direction. 
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16. LANG ET AL. Fatigue Crack Propagation 269 

Figure 5. Scanning electron micrographs from the fast fracture region of an 
L specimen of sgfr Nylon 66 (A-N66/18G-L): (a) skin layer with fiber orien
tation at high angles to fracture surface and (b) core layer with main fiber 
orientation at small angles to fracture surface (fiber diameter « JO μm). 

result of a smaller average angle between fibers and the loading axis. 
Again, this smaller angle increases the load bearing capability of the fibers 
and results in a more energy-consuming path of the crack. 

One more aspect of the combined effects of fiber orientation and spec
imen thickness in injection molded plaques such as shown in Figure 4 de
serves further comment. From simple rheological considerations one would 
expect that overall fiber orientation should be dominated by the effects of 
shear flow for small plaque thicknesses, whereas the relative contribution 
of orientation development associated with divergent flow should be prev
alent at higher thicknesses. Accordingly one might speculate that L speci
mens should be more F C P resistant at low thicknesses and Τ specimens 
should be more F C P resistant at high thicknesses. Such conditions have in
deed been verified experimentally by Fr iedr ich . 2 Moreover, the differences 
in the results on the orientation effects i n sgfr N66 (Series A) and sgfr P E T 
(15-17) discussed are in agreement with studies on fiber orientation by 
Menges and Geisbusch (28). From these considerations it follows that the 
F C P resistance in the L and Τ directions should decrease and increase, re
spectively, as the plaque thickness increases. However, this thickness de
pendence is solely a result of changes in the overall fiber orientation distri
bution and therefore must not be mistaken for a transition i n stress state 
(from plane stress to plane strain) as has been observed i n unreinforced 
polymers (30). 

Other Effects Related to the Fibers. In sharp contrast to other me
chanical properties (6, 26, 27) and to the fatigue resistance in unnotched 

2Friedrich, K., personal communication, 1982. 
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270 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

specimens of boron-fiber reinforced epoxies (31), essentially no effect of f i 
ber aspect ratio (before processing) on F C P resistance was found for sgfr 
PS. A modified testing procedure had to be used (19) because of excessive 
crack curvature (Figure 1). In a manner analogous to that of an S - N test for 
unnotched specimens, the initial stress intensity factor range, AK0 (given 
by the applied load range for specimens of constant geometry and initial 
crack length), is plotted in Figure 6 versus the number of cycles to failure, 
Nj, for compositions containing fibers of various length before processing. 
The lack of any noticeable effect of the fourfold change in fiber length (and 
hence aspect ratio) is somewhat surprising, but certainly related, at least i n 
part, to the more severe reduction in fiber length by fiber breakage during 
processing in the composites prepared from the longer fibers. However, 
more work remains to be done to clearly establish the effect of fiber length 
and distribution. O n the other hand, consistent wi th the results in Figure 3 
for sgfr N66 (same plaque and specimen geometry) and with the findings 
from dynamic mechanical tests (19), the longer fatigue lives of the L speci-

10" 1 I 1 1 1 \ ι \ \ I 
10° 102 104 106 

Nj (cycles) 

Figure 6. Plot of initial stress intensity factor range, AK0, versus the num
ber of cycles to failure, N f , for PS (B-PS) and sgfr PS (B-PS/18G with differ
ent fiber length before processing). The limiting values K m ^ x and AK a corres
pond to a measure of quasi-static fracture toughness, and the value of ΔΚσ 

below which the damage propagation rate became vanishingly small. Key 
(3.2-mm fibers): M, L direction; and •, Τ direction; (6A-mm fibers) L 
direction; andÇ>, Τ direction; (12.7-mm fibers) A, L direction; and A, Τ 

direction. 
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16. LANG ET AL . Fatigue Crack Propagation 271 

mens are again believed to be related to the smaller average angle of fiber 
orientation with respect to the loading axis. 

W i t h regard to the kind of fiber used, Mandell et a l . (18) have shown 
for PSF that the incorporation of carbon fibers yields a more FCP-resistant 
material than is obtained by using glass fibers. This comparison was based 
on composites wi th equal fiber weight content (40 % ); however, because of 
the lower density of carbon fibers, the difference in behavior should de
crease when the physically more meaningful fiber volume content is used as 
the comparative parameter. 

Another study using a total fiber content of 20 v o l % of carbon fibers, 
polyaramid fibers (Kevlar), and a hybrid system of these two i n a Nylon 66 
matrix was performed by DiBenedetto and Salee (11). Whereas the hybrid 
and the polyaramid composite were approximately equal in F C P resis
tance, both were superior to the carbon reinforced material. Thus the i m 
provement i n overall properties of sf composites by using hybrid systems 
(32) may apply to F C P as well and offers many opportunities in the devel
opment of materials for specific needs. 

Effects of Matrix and Interfacial Properties. Although hardly any 
information is available as to the influence of variations i n matrix and in
terfacial properties, an increase in matrix ductility and interfacial bond 
strength leads to a decrease in F C P rates, at least for sgf-PET (16). Consis
tent with this observation is the higher F C P resistance of sgfr composites of 
the more ductile N66 in comparison to the rather brittle PS revealed in the 
course of this investigation for specimens cut from plaques of identical ge
ometry. W i t h regard to interfacial characteristics, a comparison between 
the sgfr versions of A-N66 and B-N66 suggested that the superiority in F C P 
behavior of the composite wi th the less fatigue resistant neat matrix (i.e., 
A-N66) was a result of a higher degree of fiber-matrix adhesion (13). F i 
nally, for the ductile materials neat and short carbon-fiber reinforced poly
ethylene) (PE), crack growth rates may in fact increase when fibers are 
added; this f inding is i n agreement wi th studies on the impact resistance of 
sgfr P E (34). A l l these observations clearly indicate the importance of ma
trix and interfacial properties on the F C P process. 

Generalized Model 

Clearly, all of these material parameters can be important i n determining 
the overall F C P response in an sf composite. Although a rigorous and quan
titative treatment of each variable is not yet possible, several conclusions 
may be drawn and predictions may be made that should aid research ef
forts in the future. The basis of this analysis is the combination of existing 
data with considerations on the various energy-absorbing mechanisms that 
may ultimately determine the fracture resistance in these materials. 
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272 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Similarly to static or impact loading conditions (6, 26, 27), the crack 
propagation process may involve many energy-absorbing mechanisms such 
as fiber breakage, fiber debonding and pullout, cavitation, matrix frac
ture, microcrack development and coalescence, and crack branching. In 
this context, fracture of brittle fibers such as glass and carbon w i l l contrib
ute little to the overall fracture energy, whereas fiber debonding and pul l -
out w i l l have a high energy-absorbing tendency. In addition, the energy 
dissipated in matrix fracture may be quite significant whenever consider
able plastic deformation (i.e., matrix drawing, craze and void formation 
along with void coalescence) is involved. Finally a high density of micro-
cracks or secondary cracks around the main crack (including crack branch
ing) w i l l also act as an energy sink and blunt the crack by relaxation of the 
stresses at the crack tip. 

O n the basis of this information, the following qualitative model may 
provide some valuable insight as to the potential contributions of several 
material parameters to the F C P resistance of sf composites. By using the 
relative growth rate at a given value of AK 

(subscripts c and m stand for composite and neat matrix, respectively) as 
the relevant normalization parameter, the upper and lower bounds i n be
havior may be defined as a function of the fiber volume fraction, ty, as 
shown in Figure 7. The letters along wi th the arrows in this schematic 
graph indicate the expected shifts in behavior for an increase in matrix duc
tility, D, for improved fiber-matrix adhesion, A , and for an increase i n 
fiber aspect ratio, F. 

Lower Bound Behavior. A lower bound for the relative growth rate 
w i l l exist for the case of good adhesion with fibers mainly oriented i n load 
direction, that is perpendicular to the crack plane. In this case a maximum 
of the applied load w i l l be transferred to the fibers and (da/dN)Te\ w i l l in i 
tially decrease with an increase in fiber content for the reasons we have 
presented. A minimum in the relative growth rate may be expected at a 
fiber content of about 50 % because of fabrication difficulties in obtaining a 
good quality composite at fiber concentrations above this value (6, 16). 

Possibly a slight but random misorientation of the fibers from load 
direction might be beneficial. According to the maximum stress criterion 
proposed by Stowell and L i u (35), the dominant failure mode w i l l change 
under these conditions from fiber failure to shear failure parallel to the f i 
bers. Failure may then occur either in the matrix or along the fiber-matrix 
interface depending on the strength of the matrix relative to the interfacial 
bond. Although the loss in overall stiffness and strength of the composite by 

rel mJAK — const 
(3) 
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Figure 7. Schematic representation of the effect of fiber volume fraction, 
Vf, on the relative crack-growth rate under upper bound and lower bound 
conditions. Key: D , matrix ductility; A, fiber-matrix adhesion; and F, fiber 

aspect ratio. 

slight fiber misalignment might still be rather insignificant (36,37), one 
might expect a larger damage zone at the crack tip because of an enhanced 
tendency for shear failure by debonding, fiber pullout, plastic deformation 
of the matrix, microcracking and crack branching, all mechanisms that in
crease energy absorption and crack-tip blunting. 

A n increase in matrix ductility should shift the lower bound behavior 
in Figure 7 toward higher relative growth rates. Thus, although an sf com
posite with a more ductile matrix may still be more FCP-resistant than 
one with a brittle matrix in an absolute sense, the relative improvement 
due to the incorporation of fibers w i l l decrease as the matrix ductility 
increases. This decrease is consistent with the experimental observations on 
PS (brittle; strong improvement) (19), N66 (more ductile; less relative 
improvement) (13), and carbon-fiber reinforced P E (33) (very ductile; 
(da/dN)m\ > 1) discussed and also with results from fracture toughness (16, 
38) and impact tests (6). The increase in the relative growth rate with matrix 
ductility may be explained as a result of (1) the generally higher F C P resis
tance of ductile versus brittle polymers in the unreinforced condition and (2) 
a relatively larger effect on toughness reduction in ductile matrices because 
of the triaxial constraint caused by the presence of the rigid fibers. 

As mentioned, comparing the effects of two different fiber treatments 
showed, at least for sgfr P E T , that improvement in the fiber-matrix bond 
strength was beneficial from the standpoint of fatigue crack propagation 
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274 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

(16). However, it is not clear yet whether the strongest possible interface w i l l 
also yield a material with the highest F C P resistance. Excellent adhesion w i l l 
certainly maximize the load transfer from the matrix to the fibers, but the 
presence of a somewhat weaker interface w i l l tend to favor some of the im
portant energy-dissipating mechanisms (i.e., debonding, fiber pullout, en
hanced matrix deformability) and increase the degree of crack blunting by 
formation of shear cracks parallel to the fibers. Thus some intermediate 
value in adhesion may well lead to the highest F C P resistance, especially for 
brittle matrices in which the latter mechanisms are of utmost importance in 
improving toughness (6). 

Fiber aspect ratio (before processing) did not seem to have any signifi
cant effect over the range investigated in PS composites (Figure 6). H o w 
ever, because of the detrimental effects on F C P reported for particulate 
fillers and glass spheres (corresponding to l/d ~ 1) (13, 39), we may expect 
that an increase in fiber aspect ratio w i l l certainly decrease (da/dN)m\ un
der lower bound conditions at least as long as the l/d ratio remains below 
some critical value. Thus, whereas stiffness and strength in sf composites 
continuously increase wi th an increase in fiber aspect ratio and approach 
an asymptotic value, energy considerations predict a maximum for frac
ture energy when the fiber length is equal to the minimum fiber length 
(also referred to as critical fiber length, lc) i n which the maximum allow
able fiber stress can be achieved (6, 27). These contradictory trends indi
cate again, of course, that some intermediate value in l/d (or better, a cer
tain l/d distribution) might exist for optimum performance. 

Upper Bound Behavior. In sharp contrast to the lower bound condi
tions, an upper bound i n behavior w i l l exist for the case of poor (or no) 
adhesion with fibers predominantly oriented perpendicular to the load di 
rection (Figure 7). Under these conditions the fibers cannot carry any of the 
load, and the relative growth rate can be expected to increase progressively 
with fiber content. This increase is a result of the additional stress concen
trations introduced by the presence of the fibers and the increased contri
bution of weak interfaces over which crack growth can occur. A n increase 
in fiber matrix adhesion w i l l decrease relative growth rates by creating a 
more fatigue resistant path over the stronger interface or through the ma
trix itself. However, in some cases (40) the detrimental effect of a weak 
interface on the F C P resistance even under upper bound conditions may 
again be offset by the tendency to form a larger crack-tip damage zone, 
which enhances energy dissipation and acts to blunt the crack. 

O n the contrary, the relative effects of matrix ductility and fiber as
pect ratio are much less obvious under these conditions. Although an sf 
composite wi th a ductile matrix may again be expected to be more F C P 
resistant than one with a brittle matrix in an absolute sense, a prediction of 
the relative growth rates is difficult and may well depend on the specific 
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16. LANG ET AL. Fatigue Crack Propagation 275 

systems used. Similarly, whereas the influence of fiber length is somewhat 
uncertain, we might anticipate that (da/dN)m\ w i l l increase wi th an in 
crease in aspect ratio, at least to some extent, because of the decrease i n the 
average number of fiber ends at a given fiber volume content. In contrast 
to high-aspect ratio fibers where crack advance is facilitated and less dis
turbed over longer distances along the weak interface, the increased num
ber of fiber ends associated with a lower l/d ratio w i l l force the crack more 
frequently to take a more fracture- and fatigue-resistant path through the 
matrix. This expectation is, of course, consistent with the general concept 
of toughness enhancement by the presence of short fibers in continuous f i 
ber composites (27,41). In any case, the contradictory effects of fiber aspect 
ratio on the improvement of upper and lower bound behavior are impor
tant considerations. Although an increase in l/d ratio may be beneficial 
under lower bound conditions, it w i l l be detrimental under upper bound 
conditions. 

Of course, the perfectly aligned model composite depicted in Figure 7 
w i l l be inappropriate for practical applications where multiaxial stress 
fields act on a component. In addition, the idealized, uniform fiber orien
tation assumed for the l imit ing conditions w i l l be difficult if not impossible 
to achieve, depending on the processing conditions. Thus, extrusion tech
niques may yield components with fiber orientation approaching these ide
alized cases in and transverse to the extrusion direction. O n the other hand, 
a "layer" structure is more characteristic for injection molded parts, and 
generally, isotropic composites wi th randomly oriented short fibers may be 
produced by compression molding. Hence, components produced by the 
latter two techniques should more or less approach the lower bound behav
ior in Figure 7 depending on the actual fiber orientation distribution. H o w 
ever, the fact that in many cases component failure may initiate where the 
local orientation is unfavorable with respect to the applied loads should 
emphasize the necessity to also study upper bound properties because they 
may well become the service-life determining factors. 

Summary 

In view of our discussion, it seems difficult to predict service performance 
and life times of sfr plastic components under fatigue loading conditions 
from simple molded test specimens by using conventional fracture mechan
ics techniques. Nevertheless F C P studies are extremely valuable to increase 
our knowledge of the mechanisms involved in the fatigue failure process. 
Although the problem of fatigue crack or damage propagation in sf com
posites is evidently rather complex, the large number of possible variations 
in material parameters offers great potential in the tailoring of materials 
with improved fatigue resistance. Our purpose was to outline some of the 
important variables involved in the crack and damage propagation process 
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276 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

and to stimulate further efforts i n the development of a better understand
ing of the principles governing fatigue failure in these materials. 
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17 
Prediction and Control of Fiber 
Orientation in Molded Parts 
WILLIAM C. JACKSON, FRANCISCO FOLGAR, and 
CHARLES L. TUCKER III 
Department of Mechanical and Industrial Engineering, University of Illinois at 
Urbana-Champaign, Urbana, IL 61801 

The problem of predicting the fiber orientation pattern in a 
part molded from a short-fiber reinforced polymer is formu
lated. The solution requires that a governing equation for the 
fiber orientation distribution function be integrated along 
the paths of fluid particles during mold filling. A set of sim
plifying assumptions is presented for thin compression
-molded parts with fibers much longer than the part thick
ness. Example calculations agree with familiar qualitative 
rules for fiber orientation and with quantitative experiments 
on sheet molding compounds. 

POLYMERS WITH DISCONTINUOUS FIBER REINFORCEMENT are attractive mate
rials because they combine stiffness, strength, and light weight. In addi
tion, they can be manufactured by low labor content processes such as 
injection molding, compression molding, and extrusion. Virtual ly all pro
cessing techniques for these materials can orient the fibers preferentially, a 
feature that controls many physical properties of the resulting composite. 
Stiffness, strength, thermal expansion, and thermal conductivity are 
among the many properties of a composite that change with fiber orienta
tion. In many cases the changes are major. For example, the elastic modu
lus of a typical glass fiber-polyester matrix composite more than doubles in 
one direction and drops by a factor of four in the perpendicular direction as 
the fiber orientation changes from planar random to fully aligned ( i ) . 

Mechanical property variations of this order have significant impact 
on the performance of the materials, but this fact has largely been ignored 
by designers and processors. In many instances, fiber orientation has been 
treated as an undesirable source of mechanical property variation, and 
processors have sought to minimize any preferential orientation. A much 
more fruitful approach would be to control the fiber orientation to improve 
material performance. When this approach can be taken by judicious de-

0065-2393/84/0206-0279$06.25/0 
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280 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

sign of the part and careful choice of processing conditions, these improve
ments can be had with no increased costs. Even the ability to predict how 
fibers w i l l be oriented in a part would be useful, because, otherwise, one 
must make a mold, manufacture prototype parts, and test them to be sure 
that they w i l l work. 

In fact, we currently have the ability to predict mechanical properties 
of short-fiber composites once the fiber orientation distribution is known. 
Elastic constants (1-5), thermal expansion coefficients (1-3), and tensile 
strength (5, 6) can be accurately predicted. Even the nonlinear stress-
strain curve of a brittle matrix composite can be predicted (7). Other prop
erties such as notch sensitivity and viscoelastic response have been shown 
experimentally to depend on fiber orientation (I, 8). Even a simple quanti
tative approach to account for the orientation distribution would improve 
design. 

In this chapter, we consider the problem of predicting fiber orienta
tion distributions as a function of processing variables for molded parts. 
We first present a general approach to the problem and then discuss its 
application to compression molding. The goal of the calculation is to pre
dict the entire fiber orientation distribution at every point in the finished 
part. The suggestion has been made that one should try to predict or corre
late two particular weighted integrals of the orientation distribution as a 
function of processing conditions, because, under certain symmetry condi
tions, one can predict stiffness constants and thermal expansion coefficients 
by knowing only the values of the two integrals (I). However, not all prop
erties can be predicted from this information. We have chosen the more 
general approach of calculating the entire orientation distribution func
tion. 

Background 

The motion of a single rigid ellipsoidal particle i n a deforming viscous f luid 
was originally derived by Jeffrey (9). His equations have been shown (10) 
to apply to rigid particles wi th other shapes as well (e.g., cylinders). A l 
though the particle motion is affected somewhat by viscoelasticity in the 
f luid (II), these equations can be applied with some confidence to polymer 
processing problems where few fibers are present. Certainly the high vis
cosity of polymer melts and resins and the small diameter of reinforcing 
fibers validate the assumption of negligible inertia. 

Consider the simplified case of a rigid cylindrical particle whose axis 
lies in the x-y plane and a f low field for which the unperturbed flow is 
planar in the x-y plane. The fiber orientation is described by the single 
angle φ, as shown in Figure 1. Jeffrey's equations give the motion of this 
particle as 
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17. JACKSON ET AL. Prediction and Control of Fiber Orientation 281 

φ = [t*l(fZ + 1)] { - sin φ cos φ (dvjdx) - s in 2 φ (dvjdy) 

+ cos 2 φ (dVy/dx) + sin φ cos φ (dvyldy)} 

- [II(ίξ + 1)] { - sin φ cos φ(3νχΙ3χ) + cos 2 φ (dvjdy) 

- s in 2 φ(οννΙ3χ) + sin φ cos φ (dvy/dy)} (1) 

where φ is the angular velocity of the particle, and vx and vy are the f luid 
velocity components. The quantity re is the equivalent ellipsoidal aspect 
ratio (10) and is on the order of the length-to-diameter ratio of the cylinder. 

This equation shows that fiber motions are controlled by the kine
matics of the f low. In simple and planar extensional flows, the fiber rotates 
toward the direction of stretching; when the fiber is aligned in that direc
tion it is in stable equilibrium. In simple shear flow, the fiber rotates wi th a 
periodic motion, but spends much more time oriented i n the direction of 
the flow than in other directions. Hence, we have the familiar rules of 
thumb: (1) shear flows orient fibers in the direction of f low, and (2) exten
sional flows orient fibers in the direction of extension. 

These equations of fiber motion have been used by Harris and Pittman 
(12) to analyze the fiber orientation of a dilute suspension of fibers i n a 
converging nozzle. They solved for the velocity distribution in the nozzle, 
then used the deformation field from the solution to calculate fiber orienta
tion changes. Their calculations were i n excellent agreement w i t h 
experiments. 

Some calculations of fiber orientation in processing were also per-

y 

Figure 1. Definition of the angle φ that describes the orientation of a fiber 
lying in the x-y plane. 
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282 POLYMER RLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

formed by Modlen (13), for fibers i n a plastically deforming matrix, and by 
Nicolais et al . (14), for postextrusion drawing of a glass fiber/polystyrene 
composite. Both works involved primarily extensional strains of dilute sus
pensions, and both used a simple theory of fiber motion that assumes a fiber 
rotates like a f luid line. Their simple theory is in fact identical to Equation 
1 as re -» oo. This theory does not predict the observed periodic motion of 
fibers in simple shear f low, but is very close to the real motion of fibers in 
extensional flows. Hence, the agreement between theory and experiment in 
these two works is not surprising. 

These works provide the pattern for predicting fiber orientation dur
ing processing: first f ind the deformation kinematics, then apply the laws 
of fiber motion. There are two problems wi th applying this pattern to 
molding of composite materials. One is that the well-known equations for 
the motion of a single fiber cease to apply once the concentration of fibers 
exceeds a very low level. A t concentrations on the order of (1/f/)2 and 
above, ry being the ratio of fiber length to diameter, fibers interact wi th one 
another, and each interaction causes a rapid change i n fiber orientation 
(15). Although some information about interactions is available (16), no 
theory of the mechanics of interactions capable of solving fiber orientation 
problems is yet available. 

The second problem is solving for the deformations accumulated by 
molding a part into a complex shape. In the most general case, the solution 
of the mold fi l l ing pattern is coupled with the fiber orientation problem, 
because the rheological properties of a fiber suspension are a function of 
fiber orientation. For example, sheet molding compound, which has nearly 
a planar random orientation distribution, has anisotropic viscosity. The ex
tensional viscosity i n the plane of the sheet can be 100 times greater than 
the shear viscosity across the thickness of the sheet (17). A detailed rheologi
cal model describing this phenomenon has been formulated by D i n h and 
Armstrong (18). Their model provides insight into the rheology of concen
trated fiber suspensions. It does use a fiber orientation law that is in conflict 
with our recent experimental data. The solution of f luid mechanics prob
lems using this type of model is very difficult. 

Various experimental observations of fiber orientation in processing 
situations have been made (19-28). Notably, no conflicts occur between 
experimentally observed fiber orientations and qualitative predictions 
based on the ideas discussed so far. Where the overall f low is converging, 
such as at the entrance to an extrusion die or an injection mold gate, fibers 
align in the direction of flow in response to the stretching motion of the 
flow. Where the f low is diverging, such as where the f low enters an injec
tion or transfer mold, fibers align transverse to the f low, i n the direction of 
stretching. For simple shearing flows, such as flow in capillary tubes and in 
parts of mold cavities, fibers align in the direction of flow in response to the 
shearing deformation. 
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17. JACKSON ET AL. Prediction and Control of Fiber Orientation 283 

Fiber orientation was reported to have some dependence on the flow 
rate (and hence the strain rate). For instance, Crowson et al . (29) report 
that the degree of fiber orientation in a capillary tube increases as the flow 
rate increases. Changes in fiber orientation with f i l l ing rate in thermoplas
tic injection molding have also been reported by Bright et al . (25). A t first 
this evidence might seem in conflict with the previous observation that 
changes in fiber orientation should depend on the strain accumulated by 
the material but not on the strain rate at which it occurs. However, these 
workers only observe a rate dependence of fiber orientation under condi
tions where changes in the flow rate also change the kinematics of the flow 
and cause different parts of the material to undergo different strains. For 
instance, in their capillary die equipment, Crowson et al . (29) report that 
the fiber orientation in the capillary changes as the flow moves from the 
Newtonian region to the power-law region and changes the velocity profile 
and the distribution of strain rate across the tube. The extensional flow at 
the capillary entrance produces more highly aligned fibers than a steady 
state shearing flow. The shear flow in the capillary tube actually disorients 
the fibers somewhat, and the flatter velocity profile at high flow rate causes 
less shear strain and has better orientation. For injection moldings, the ve
locity profile changes because of rheological properties that change with 
strain rate and temperature. As the flow rate is decreased, heat transfer 
becomes proportionally more important, and more orientation is "frozen 
i n " near the mold walls. The differences in velocity profiles serve to explain 
the observed differences in fiber orientation. Thus, no conflict exists be
tween this type of experimental evidence and the idea of a strain-dependent 
orientation pattern. 

Although some rules for predicting orientation patterns based on the 
preceding ideas do exist (26), we need the ability to make quantitative pre
dictions of fiber orientation; to predict the entire orientation distribution, 
not just the principal direction; and to do so on a f i rm fundamental basis. 
We present a method for these predictions, beginning wi th an appropriate 
model for fiber orientation behavior in concentrated suspensions. The spe
cific application of this model to the compression molding of thin parts is 
then shown as an example of how this type of calculation can be done. 

Theory 

Basic Fiber Orientation L a w . Experiments reveal that, in a concen
trated suspension of fibers, the motion of an individual fiber is not deter
mined, as in the dilute case (Equation 1), simply by its angle and by the 
flow field. Presumably the surrounding fibers also play a role through some 
type of interaction. In the absence of a detailed theory of interactions, we 
have chosen a probabilistic model that gives not the individual fiber orien
tations but the probability density function of fiber orientation. The sus-
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284 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

pension is viewed as a continuum, and the probability density function is 
taken to be a continuous function of space and time. For the case of a pla
nar fiber orientation distribution, one can define the density function φ (φ) 
such that φ (φ) άφ is the probability that a fiber w i l l be oriented between 
the angles φ and φ + άφ. 

This definition is consistent with the usual definition of a probability 
density function; the probability of a fiber lying between angles φχ and φ 2 

(or the expected fraction of fibers oriented between φχ and φ 2 ) is 

Ρ(φλ <φ<φ2) = φ(φ)άφ (2) 
J Φι 

We w i l l restrict this discussion to the case of planar fiber orientations for 
the sake of simplicity. A more complete discussion of this model and devel
opment of the three-dimensional equations has been given elsewhere (30). 

The function φ (φ) must meet several conditions. As a probability den
sity function it must be non-negative. Because a fiber at angle φ is indistin
guishable from one at angle (φ + π) then φ must be periodic wi th period π: 

φ(φ) = φ(φ + 7Γ) (3) 

Also, each fiber must have an orientation in the range (0, 7r), so 

{ 7Γ 
Φ(Φ)άφ = 1 (4) 

ο 

A suspension with uniform orientation has φ (φ) = constant = 1/ττ. 
This constant provides a convenient reference value when interpreting ori
entation functions. 

When fibers are rotating, φ is a function of time as wel l as φ. H o w 
ever, Equation 4 must always hold, so φ is also subject to a conservation or 
continuity condition, (i.e., the area under the curve is constant). The aver
age angular velocity of fibers is denoted by φ, which may be a function of φ 
and time, and the continuity equation is derived by considering a small 
angle increment, άφ, and balancing the rate of change of the fraction of 
fibers i n that increment against the motion of fibers into and out of that 
angle. The result, 

is a form familiar from heat and mass transfer balance equations. Equation 
3 provides the boundary conditions in φ for Equation 5. 

Equations 3-5 are obvious consequences of the physical situation, but 
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17. JACKSON ET AL. Prediction and Control of Fiber Orientation 285 

one still needs a particular form of φ to solve for φ. W e have used the phe-
nomenological theory suggested by Fol gar (30, 31), which was developed 
for rigid fibers of uniform length and diameter. The fiber motion, φ is as
sumed to be the sum of two terms. The first term is identical to the motion 
of a fiber in a dilute suspension and is controlled by the bulk deformation of 
the suspension. The second term models the effect of interactions between 
fibers and is stochastic in origin. A n interaction is presumed to occur when 
the centers of two fibers pass within one fiber length of each other. Each 
interaction causes a random reorientation of the interacting fibers and this 
reorientation causes a net motion of fibers from angles of high orientation 
toward angles of low orientation. That is, interactions tend to randomize 
the fiber orientation by eroding orientation peaks. The rate of interactions 
is controlled by the strain rate, so fiber orientation still depends on the 
strain experienced by the suspension just as in the dilute case. No detailed 
model of interactions is available, so individual fiber reorientations result
ing from interactions are assumed to be independent, identically distrib
uted random variables with zero mean. The net motion of fibers resulting 
from interactions φ{, can then be derived (30) by using the same type of 
arguments that relate diffusion to Brownian motion (32, 33). The motion 
resulting from interactions is 

. - C / 7 3φ . 

Here, 7 is the magnitude of the strain rate tensor, and C j is a coefficient 
related to the frequency and strength (i.e., mean angle change) of interac
tions. This interaction coefficient C j is hypothesized to be an intrinsic prop
erty of any given suspension, and to depend on quantities such as fiber vol
ume fraction and fiber aspect ratio. It must be measured experimentally, 
because no theory for its prediction yet exists. 

The total angular velocity for fibers in a concentrated suspension may 
then be written as the sum of the contribution from interactions (Equation 
6) and the orienting effect of f low (Equation 1). Normally one is interested 
in fibers with large aspect ratios (ry > 10). For these fibers, re » 1, and the 
contribution from Equation 1 is wel l approximated by taking the l imit ing 
case as re approaches infinity. The total angular velocity of the fibers then 
becomes 

. - C / 7 θφ dvx . 2 dvx 

φ = — - sin φ cos φ —— - s m z φ —— 
φ σφ ox oy 

+ cos z φ + sin φ cos φ —Ζ- (7) 
ox oy 
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286 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

W i t h the addition of an equation for φ, one can now write a complete 
equation for the changes in the distribution function φ as a function of de
formation by substituting Equation 7 into Equation 5. Individual fibers are 
convected with the f luid , so φ is also a convected quantity. Thus, for sys
tems in which φ is also a function of χ and t/, we replace the left side of 
Equation 5 by the material derivative. For the case of two-dimensional f i 
ber orientation, the governing equation becomes 

, / dvx . 0 ( dvx 

φ sin φ cos φ —— + s m z φ —— 
\ οχ ου 

ΌΦ_ = dH_ _a_ 
Dt 1 7 θ ό 2 + αφ 

cos z φ — - - sin φ cos φ — - 1 
dx dy I 

(8) 

A l l fibers are assumed to lie in the x-y plane, and φ is the angle between the 
fiber axis and the χ axis. In the strict sense, this equation applies only to 
flows that are two-dimensional, i n the sense that there are no variations of 
velocity in the ^-direction. 

One interesting consequence of this theory of fiber motion is that there 
is a limit to the degree of orientation that can be achieved by deforming a 
suspension. For any steady homogeneous f low (simple shear, extensional, 
etc.) a corresponding steady state distribution function can be found by 
solving Equation 8 wi th Όφ/Dt = 0. This steady state is dynamic because 
individual fibers continue to rotate as long as the deformation continues, 
though φ(φ) remains constant. The steady state distribution is dependent 
on the value of C j because it represents a balance between the orienting 
effects of flow and the randomizing effects of interactions. Figure 2 shows 
the steady state distributions predicted for simple shear f low for several val
ues of C j . As Cj increases, the steady state condition becomes less oriented. 
The same is true of extensional flows, though the orientation distributions 
are slightly different. 

In practice, C j can be measured experimentally by subjecting a sus
pension to a large deformation so as to achieve the steady state distribution, 
then measuring the distribution function and finding the value of C j that 
best fits the measured function. Figure 3 shows an example of an experi
mental distribution function fit this way. In this experiment, orientation 
angles of 1800 tracer fibers are measured to create a histogram of the orien
tation distribution. When normalized according to Equation 4, the histo
gram is an experimental measure of ψ(φ). Note how well the single choice 
of C j fits both the height of the orientation peak and its location. Experi
mentally, C/ has been found to increase wi th both the fiber volume fraction 
and the fiber aspect ratio. As the suspension becomes more crowded, less 
perfect orientation results. This kind of evidence gives strong credence to 
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C x = 0.100 
C x= 0.025 
C x =0.011 
q =0.006 

Orientation Angle, Φ 

Figure 2. Theoretical steady state fiber orientation distributions in simple 
shear flow as a function of the interaction coefficient, C\. The velocity field is 

v x = yy. 

the theory. More experiments and discussion may be found in Reference 
30. 

The existence of steady state orientation distribution functions has sev
eral interesting implications i n processing. First, the steady state orienta
tion for extensional f low is the state of maximal orientation for any given 
material; if the theory is correct, then greater orientation wi th more polar
ization of mechanical properties is not possible in a f low molding process. 
Any increases in orientation beyond this level can only be achieved by ori
enting the fibers before combining them wi th the resin and not disturbing 
that orientation subsequently. (There are processes for manufacturing 
short-fiber composites that do prepare aligned fiber mats and add the ma
trix resin in a subsequent step, e.g., Ref 34.) Second, analysis of orientation 
problems may be simplified when the material reaches steady state at some 
point during the process. For example, i n many injection molding situa
tions the flow into the gate might have enough extensional deformation to 
reach the corresponding steady state orientation. If so, one could begin the 
orientation analysis from that point and wi th that init ial condition, and 
ignore the previous history of the material in the screw and runner system. 
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288 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Application to Molding Processes. The general procedure for calcu
lating the fiber orientation distribution for a specific process is to start wi th 
the known (statistical) orientation distribution function of the molding 
compound, \j/(t = 0), integrate it forward in time with Equation 8 and 
boundary conditions derived from Equation 2, and arrive at the orienta
tion distribution. Obviously, the entire velocity history in the material dur
ing processing must be known to do this procedure. As mentioned, if the 
rheology of the molding compound depends on fiber orientation, the two 
problems may be coupled. Even without this complexity, the general case 
leaves one with a complicated differential equation for the variable φ i n 
four space variables, x, y, z, and φ (plus an additional orientation variable 
for nonplanar distributions) and in time. The solution of such an equation 
is clearly a difficult task. Any simplification that can be gained when ana
lyzing a specific problem would be welcome. 

As an example of the method we show calculations for compression 
molded parts that are thin and sheet-like, similar to the part shown in F ig
ure 4, and that have fibers much longer than the part thickness. These con
ditions are typical of parts made from sheet molding compound (SMC). 

3D 

2,5 

^ ~ 

cf 2D ο 
ο 
C 
13 

L L 

c 1.5 
Ο 
13 

- Q 

? ID 
b 

0.5 

0 
-IT/2 0 TT/2 

Orientation Angle, Φ 

Figure 3. Comparison between experimental (Π) and theoretical (—) 
steady state fiber orientation distributions in simple shear flow. The experi
ments use 8% by volume of nylon monofilaments with an aspect ratio of 16 

in 12,500-cs silicone oil. 
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17. JACKSON ET AL . Prediction and Control of Fiber Orientation 289 

Figure 4. Coordinate system used for mold filling and fiber orientation 
analysis of thin compression molded parts. The true shape is "laid flat" in the 

x-y plane. 

M o l d F i l l ing Model . To solve the fiber orientation problem, one 
must know the velocity distribution during mold f i l l ing. For compression 
molding of thin parts, the Generalized Hele-Shaw flow model has proven 
appropriate. Details of the theoretical development and a finite element 
scheme for solving compression molding problems have been given else
where (35, 36). Some important features of the model are given here for 
clarity. 

The part is modeled (Figure 4) by "unfolding" or " laying flat" in the 
x-y plane, so that ζ is everywhere the thickness direction. The Generalized 
Hele-Shaw model is appropriate for parts wi th h « L , where h is the 
characteristic thickness, and L is the characteristic lateral dimension. 

During compression molding, a charge of molding compound some
what smaller than the part i n its χ and y dimensions and larger than the 
part in its ζ dimension is placed i n the mold. The two mold halves are then 
brought together and squeeze the charge so that it flows laterally to f i l l the 
mold. In thin parts, the vertical component of velocity vz is much smaller 
than the horizontal components υχ and vy and can be neglected. In many 
cases, the stresses that arise from in-plane stretching, τχχ, τχψ and Tyy, are 
small compared to the cross-thickness shearing stresses τχζ and ryZ9 so the 
former can be neglected i n the equations of motion. When this case is true, 
the Generalized Hele-Shaw flow model is val id. 

One important feature of Hele-Shaw flows is that, at any location in 
the x-y plane, the direction of the velocity vector is not a function of z. The 
magnitude of velocity does change; it is zero at the surfaces of the upper 
and lower mold and has a single maximum i n between. For non-Newto
nian fluids and for the nonisothermal conditions typical of S M C molding 
(cold molding compound i n a hot mold), the velocity profiles tend to be 
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290 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

very flat in the ζ direction wi th thin regions of high velocity gradient near 
the upper and lower mold surfaces. 

A n interesting consequence of the Generalized Hele-Shaw model is 
that the rheological response of the molding compound to stretching defor
mations in the x-y plane has no effect on the f i l l ing pattern, which is in 
stead dominated by shearing stresses across the thickness direction. S M C 
has anisotropic rheological properties wi th much greater resistance to 
stretching than to shearing (17). These properties are a consequence of the 
planar orientation of the fibers and would be expected to change as the 
fibers became preferentially oriented during f low. To account for this ex
pectation in the mold f i l l ing model would greatly increase the difficulty of 
the problem. For our case, however, this effect should be negligible be
cause fiber orientation primarily affects the in-plane stretching response 
and has little affect on the dominant cross-plane shearing properties. 

Fiber Orientation Calculations. To calculate the fiber orientation in 
compression molded thin S M C parts like those shown i n Figure 4, we make 
the following assumptions: 

1. The fiber orientation distribution is planar in the x-y plane. 
2. The mold f i l l ing pattern is independent of the fiber orienta

tion distribution and is governed by the Generalized Hele -
Shaw flow model. 

3. The χ and y velocity distributions across the ζ direction of the 
mold are nearly flat, showing plug flow. 

4. The fiber orientation distribution does not vary in the ζ d i 
rection, and its rate of change is determined by the velocities 
in the x-y plane. 

The first assumption is excellent because in S M C the fibers are typi
cally 1 i n . long and the parts are seldom more than Vs i n . thick. This condi
tion constrains all the fibers to lie very nearly in the plane of the part. 

The second and third assumptions have been discussed. The fourth 
assumption is reasonable if the fiber orientation in the initial charge is inde
pendent of ζ and if the first and third assumptions are satisfied. Significant 
variations in orientation across the thickness of the part exist in injection 
molded thermoplastics (22, 23,27), and are thought to arise from the foun
tain effect at the flow front and become frozen in as the mold fills. This 
variation does not seem to occur in S M C because the fibers are too long to 
rotate out of the plane of the part and cannot respond to the fountain effect 
at the flow front. 

The effects of these assumptions are to decouple the mold f i l l ing prob
lem from the fiber orientation problem and to reduce the number of space 
dimensions in the problem. 

The finite element mold f i l l ing solution starts with a definition of the 
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17. JACKSON ET AL. Prediction and Control of Fiber Orientation 291 

shape of the charge that is placed in the mold and the shape of the mold. 
Subsequent charge shapes are stepped out in time by imposing a finite ele
ment mesh on the current charge, solving for the current pressure and ve
locity distributions subject to the current boundary conditions, and using 
the velocities to predict the charge shape a short time later. This process is 
repeated until the mold has been filled. Because our assumptions decouple 
the filling and fiber orientation problems, we run the entire mold filling 
simulation first, and write the appropriate results to an output file that is 
subsequently used for fiber orientation calculations. 

Rather than solve for φ as a function of χ and y everywhere within the 
charge at every time step, we solve for it only at specific points. This step is 
done by integrating Equation 8 along the paths of fluid particles, so that 
the convective terms vx (θφ/θχ) and vy (θφ/dy) on the left side of Equation 8 
do not come into play. One is left with a partial differential equation of φ in 
φ and t. This equation is solved numerically with a commercially available 
routine that uses Galerkin's method with B-splines in space and a variable 
order, variable time-step extrapolation procedure in time (37, 38). Stable 
solutions to Equation 8 were obtained by using k = 4, where k is the order 
of the B-spline used to fit φ(φ). 

In practice, the solution begins by specifying an initial condition for 
φ(φ, t = 0) in the charge. A random orientation would be a reasonable first 
guess for SMC, though the SMC machine can introduce some fiber orienta
tion, usually in the machine direction (28). One then chooses a point of 
interest in the original charge. The solution proceeds by evaluating the ve
locities and velocity gradients at that point from the finite element results, 
solving Equation 8 over the interval of the first time step, and computing 
the position of the point at the end of the time step. From that position, the 
velocities and velocity gradients at the next time step are computed, and 
the process is repeated. The cycle continues until the end of the final time 
step. The result is the complete fiber orientation distribution at a given 
point in the final part. The entire process can be repeated as many times as 
desired with different starting points. 

This approach is chosen to reduce computational effort, because one 
would seldom require the orientation distribution as a complete function of 
space. For example, when doing a finite element structural analysis the 
part would be divided into many elements, each of which could have dif
ferent mechanical properties. These could be calculated from the fiber ori
entation distribution at a single representative point in each element. One 
could easily calculate the initial positions of these points in the charge from 
the results of the mold filling simulation, and then solve for the orientation 
distributions. 

One inherent deficiency in this model lies in the way it handles the 
edges of the part. The Generalized Hele-Shaw flow model cannot account 
for the no-slip boundary conditions on the vertical edge boundaries of the 
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292 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

mold. This deficiency does not usually disturb the mold f i l l ing calculations, 
because this boundary condition only affects the flow over a region about 
one part thickness wide in the x-y plane. However, the strong x-y velocity 
gradients in this region can and do affect fiber orientation, and, because 
the velocity gradients change over a distance less than the fiber length, the 
effect is complex. Accordingly, one would not expect this model to provide 
accurate results within one to two fiber lengths of the edge of the part. This 
condition is not particularly restrictive for S M C parts, which are often sev
eral feet in width . 

Example Calculations 

Some compression molding experiments that provide a convenient test for 
this model have been performed by Chen and Tucker (7). They molded a 
special sheet molding compound with 65% by weight of 1-in. long glass 
fibers and no filler into plaques 18 i n . X 12 i n . X Vs i n . Different charges, 
occupying 100, 67, 50, and 33% of the mold, were used in the configura
tion shown in Figure 5. The 100 % charge plaques have almost no deforma
tion, but the other charges experience an extensional strain in the direction 
of flow that increases as the charge size decreases. About 1.5% of fibers 
made from a high lead content glass were included in the special S M C so 
that the fiber orientation distribution could be observed by radiography. 
Portions of two of the radiographs are shown in Figure 6. Fiber orientation 
in the region within about one fiber length of the edge of the part is very 

Figure 5. Shape and location of SMC charge in mold used to produce the 
data shown in Figures 6-10. 
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17. JACKSON ET AL . Prediction and Control of Fiber Orientation 293 

Figure 6. Radiographs of fiber orientation patterns in compression molded 
specimens. Left: 100 % charge, nearly random orientation. Right: 33% 

charge, highly aligned fibers. 

different from the rest, because of the edge effects just mentioned. H o w 
ever, the rest of the piece appears to have a uniform orientation field (φ not 
dependent on χ or y) as is predicted by our model. Hence, the fiber orienta
tion distributions were compiled from samples taken over the entire central 
region of the plaques. Totals of 500 fibers were sampled for each distribu
tion. 

Two other unknowns exist i n this experiment: the initial orientation 
distribution and the interaction coefficient C j . Measurements of the 100 % 
charge samples, which underwent no deformation during molding, pro
vided the initial distribution function. The data and a smooth curve used to 
fit it are shown in Figure 7. The slight preferential orientation is presum
ably a result of the S M C machine, so all charges were cut wi th the same 
orientation relative to the S M C machine direction. (The machine direction 
corresponds to φ = 0 i n Figure 7.) W i t h the 100 % charge data as an init ial 
condition, trial computations were made by varying the value of Cj until 
good agreement wi th the 33% charge data was obtained. This value and 
the initial conditions were then used to predict the orientation distributions 
for the 50% and 67% charges to test the model. The predictions are com
pared with the experimental results in Figures 8-10, where it is seen that 
the predictions are quite accurate in spite of the simplifying assumptions. 

In the preceding example the mold f i l l ing flow is very simple, because 
the flow fronts simply move outward as straight lines and every point i n the 
charge experiences the same strain. Figure 11 shows a slightly more compli
cated geometry. Although comparisons with experiments are not yet avail
able, this geometry was selected to demonstrate the effects of converging 
and diverging flow. Fiber orientation distributions were calculated for the 
three points indicated in Figure 11; the results are shown in Figure 12. This 
charge undergoes a large stretching deformation along the right-hand diag-
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294 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

onal, similar to the previous example, so that primary orientation is along 
φ = π/4 everywhere. However, other features of the flow affect the orien
tation as well . The point labeled 1 in Figure 11 experiences a converging 
flow in the x-y plane that accentuates the stretching and produces a highly 
aligned state. Point 2, on the other hand, experiences a diverging flow in 
the x-y plane that reduces the degree of alignment, though it is not strong 
enough to alter the direction of principal orientation. The tendency for 
flow fronts to become round in compression molding causes the principal 
orientation direction at Point 3 to be deflected somewhat counterclock
wise. 

These results are in accord with the empirical rule of thumb about the 
effects of converging and diverging f low. However, it is not possible to test 
the rule of thumb about shear f low under the assumptions we have made. 
A Hele-Shaw flow in a gap of uniform thickness is irrotational. That is, 
dvjdy equals dvyldx everywhere, so there can be no location where the f low 
in the x-y plane is simple shear f low. The shearing across the thickness (z) 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
17
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Figure 8. Fit of theory to data for 33 % charge, Q = 0.0185. 

Figure 9. Comparison of predicted and experimental orientations for 67 % 
initial mold coverage, Cj = 0.0185. 
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Figure 10. Comparison of predicted and experimental orientations for 
50% initial mold coverage, Q = 0.0185. 

direction that does occur i n Hele-Shaw flow has been assumed not to affect 
orientation because the fiber length far exceeds the gap width. 

Discussion 

We have showed that for a given set of molding conditions and a given 
initial condition, the final fiber orientation pattern can be predicted. But 
how may the orientation pattern be controlled? According to the model, 
fiber orientation depends only on the strain experienced by the molding 
compound. Thus, factors such as mold temperature and f i l l rate do not 
affect orientation directly. Instead, they affect fiber orientation only in 
that they can affect the kinematics of the mold f i l l ing flow. The primary 
variables controlling mold f i l l ing kinematics include cavity shape, gate lo
cation and shape (for injection molding), and charge location and shape 
(for compression molding). Not surprisingly, these factors have long been 
identified as the primary variables affecting fiber orientation in molded 
parts. No new techniques for controlling orientation have been revealed by 
our theoretical development. However, by knowing how to deal wi th fiber 
orientation in a quantitative and predictive fashion one can make much 
better use of the available techniques. 
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17. JACKSON ET AL . Prediction and Control of Fiber Orientation 297 

Figure 11. Mold and charge shape for example calculation of fiber orienta
tion. The solid lines represent locations of the charge front during filling. 
Initial locations (O) path lines and final locations (Π) of three points at 

which the fiber orientation distribution was calculated are shown. 

Summary 

The problem of predicting the fiber orientation pattern i n a part molded 
from a short fiber reinforced polymer has been formulated. The solution 
requires a governing equation for the fiber orientation distribution func
tion to be integrated along the paths of f luid particles during mold f i l l ing. 
Hence, a solution to the mold f i l l ing flow is also needed. A set of simplify
ing assumptions for the case of thin compression molded parts wi th fibers 
much longer than the part thickness has been presented and shown to pro
vide useful results. Example predictions are in accord wi th well-known 
qualitative rules for fiber orientation. The ability to make quantitative pre
dictions of fiber orientation can enhance the reliability and usefulness of 
short-fiber reinforced composite parts. 

Nomenclature 

CI Interaction coefficient describing a fiber suspension 
t Time 
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1.5 

-7Γ/2 0 7Γ/2 
Orientation Angle, φ 

Figure 12. Calculated final fiber orientation distributions for the part 
shown in Figure 11. Numbers refer to the points indicated in Figure 11. 

vx>vy,vz Bulk velocity components 
x,y,z Cartesian coordinates 
γ Bulk strain rate 
φ Angular coordinate for fiber in the x-y plane 
φ Average angular velocity of fibers 
Φι Angular velocity component due to interactions between fibers 
φ Fiber orientation distribution function 
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18 
Pulling Force and Its Variation in 
Composite Materials Pultrusion 

HOWARD L. PRICE 
Bendix Advanced Technology Center, Columbia, MD 21045 

STEPHEN G. CUPSCHALK 
Old Dominion University, Norfolk, VA 23508 

The pulling force in a prototype pultrusion operation was af
fected by the volume of resin and fiber compacted into and 
pulled through the die, by the die temperature both below 
and in the resin reaction range, and by the pulling speed. For 
a constant temperature and pulling speed, the force in
creased exponentially with volume of material. For a given 
material volume and die temperature in the reaction range, 
the best quality composite material was obtained at the pull
ing speed that provided the highest pulling force. These find
ings were obtained by using epoxy resin and carbon fiber pre-
preg tape and a laboratory-scale pultruder constructed for 
this investigation. 

FIBROUS COMPOSITE MATERIALS for mechanical and structural applications 
often are expensive because of high labor costs. One economical way of 
making composites, a way less labor intensive than press molding or auto
clave technology, is pultrusion (1 ) . Pultrusion is a manufacturing process i n 
which polymeric resin-impregnated fibers are pulled at a constant speed 
through a heated die (Figure 1) . The die shapes and compacts the resin-
fiber mass into a predetermined constant cross section and cures the resin. 
Pultruded stock has been used in structural, electrical, and chemical pro
cessing applications. 

Most of the published work on pultrusion (2-59) has been of an empir
ical nature, used full-scale (production) pultruders, and required large 
amounts of material (typically polyester resins and glass fibers). In the few 
cases in which process parameters have been investigated, the emphasis has 
been on the control variables of die temperature and pull ing speed. The 
force required to maintain a constant pull ing speed has been either ignored 
or treated as some upper bound that must not be exceeded. Although such 

0065-2393/84/0206-0301$06.50/0 
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302 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

an approach may be useful for pultruder design, it does little to elucidate 
the pultrusion process itself. A more fundamental understanding of the 
process is needed if the inherent economies of pultrusion are to be realized. 

Therefore, we investigated the pull ing force and its variation in a pro
totype pultrusion operation. The objectives were to determine the origin 
and magnitude of the pulling force and to use the changes in that force to 
obtain a better understanding of the pultrusion process. A laboratory-scale 
pultruder was constructed to make thin, rectangular cross-section pul-
truded stock representative of the plates, angles, channels, and beams often 
made by pultrusion. The thin section minimized heat transfer problems so 
a short, economical die could be used to study the process. Epoxy resin-
impregnated carbon fibers (prepreg tape) were pulled through the pultru
der at constant speed while the die temperature and pulling force were 
measured. The volume of tape compacted into and pulled through the die, 
the die temperature both below and in the epoxy reaction range, and the 
pull ing speed affected the pull ing force. 

Pultrusion Process Analysis 

Pultrusion Technology. The process now called pultrusion can be 
traced to a way of making better fishing rods (2). The argument in favor of 
the process was that bamboo fly rods had variable flexibility and that the 
process of tying together bamboo splits to obtain the right flexibility was 
costly. Such an argument reflects a valuable composite material concept 
(tailor properties as needed) and a pultrusion process advantage (reduced 
manufacturing costs). Another advantage of pultrusion, which was recog
nized early (4), is that of having the fibers under tension as the resin cures. 
Then, when the composite material is put under a mechanical load, the 
load is taken immediately by the high strength fibers, not by the low 
strength matrix. This concept is similar to that used in prestressed concrete 
in which the steel reinforcing bars are loaded in tension while the concrete 
member is still in the mold. 

The pultrusion process is shown in schematic form in Figure 1. In the 
simplest terms, fibers pass through a bath of (typically) thermosetting 
resin, some of which adheres to the fibers. The resin-impregnated fibers 
continue through a heated die that shapes and compacts the resin-fiber 
mass into a predetermined cross section and cures the resin. The pultruded 
stock that emerges from the die is a composite material wi th a polymeric 
matrix and fibrous reinforcement. A traction mechanism applies a pull ing 
force (which may vary) to the pultruded stock to keep the resin-fiber mass 
moving at a constant speed through the die. Generally, the highest speeds, 
consistent with the cure requirements of the resin, are sought to maximize 
output. The length of the stock is l imited only by material supply, han
dling, and transportation considerations. 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 303 

Figure 1. Schematic of pultrusion process showing reference axes for the 
heated die. (Reproduced with permission from Ref. 57. Copyright 1980, 1st 

Intl. Conf. on Reactive Processing of Polym.) 

Pulling Force. A review of the published work on pultrusion (1-59) 
yielded little specific or unambiguous information on the origin and mag
nitude of the pulling force. In most investigations, the pull ing force was 
either ignored or else thought of in terms of an upper bound: the force must 
not exceed the capacity of the pultruder, the tensile strength of the 
pultruded stock, or the shearing strength of the resin-fiber mass within the 
die (I J , 30, 34). By contrast, the pultruder capacity may be so large [in the 
meganewton range (9)], or the required force so small [stock pulled through 
the die manually (6)], that the pultrusion force is of little concern. Even if 
the pulling force is small, high hydrostatic pressures generated by excess 
resin at the die entrance may cause fiber displacement (14), a condition 
that can compromise the composite mechanical properties (60). However, 
Garnett et al . (12) pointed out that such die entrance resistance can be use
ful in maintaining fiber tension and reported a pressure there of 140-310 
kPa for a 0.5-fiber fraction. This work, done on a laboratory-scale pultru
der, was carried further and included the construction of a pilot-scale 
pultruder described in Reference 23. This later pultruder had electrically 
heated aluminum dies 150 m m long. The die mount had a strain gauge so 
the total friction between the die and the resin-fiber mass could be mea
sured. Actual force values were not reported, but several observations were 
made. Shorter dies developed less friction, but, for a given die length, the 
friction was higher if the resin cured early. Friction was higher at the 
higher carbon fiber loadings, and a fiber fraction above 0.6 was not practi
cal. By contrast, glass fiber fractions may approach 0.75 (33). 

In another pultrusion investigation (22) a full-scale (production) 
pultruder was fitted with strain gauges on the die and central mandrel 
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304 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

mount. A 25-mm diameter tube with a 1.6-mm wal l was pultruded at 
pull ing speeds up to 30 mm/s. The total force (on die and mandrel) in
creased with pulling speed up to about 25 mm/s (1 in./s) and reached a 
value of about 1 k N . By using the dimensions given in Reference 22, the 
estimated average shear stress (between resin-fiber mass and the die and 
mandrel) was found to be a low 26 kPa. A special apparatus was con
structed (22) to measure the shear stress between a curing resin-fiber mass 
and a steel die. The stress generally was low for most of the curing time and 
seldom exceeded 10 kPa. However, the stress showed two peaks during cur
ing and reached values as high as 56 kPa for a few seconds. The investiga
tion showed that, although the average pull ing force on a full-scale pultru
der might be quite low, the force could undergo some very large changes. 

Resisting Forces. The review of pultrusion publications was useful 
in suggesting how and under what circumstances the resisting forces arise. 
The resisting forces are those that the pull ing force must exceed to move the 
resin-fiber mass through the heated die at a constant speed. O n the basis of 
that review, these resisting forces are identified as the collimation force, the 
bulk compaction force, and the temperature-induced force. 

The collimation force results from the gathering and alignment of the 
fibers before they enter the die and from the viscous drag as the fibers pass 
through the resin bath. Such forces are strongly dependent on the physical 
arrangement of the pultruder, so few generalizations can be made about 
them. In an attempt to obtain a constant collimation force and reduce it as 
much as possible, we used prepreg tapes (discussed later). 

The other two components of the pull ing force, the bulk compaction 
and temperature-induced forces, are associated with the pultruder die. 
The bulk compaction force arises from the compaction of the resin-fiber 
mass from an unrestrained condition (high volume, low density) outside 
the die, to a highly restrained condition (lower volume, higher density) in
side the die. Such forces are strongly dependent on the relative volumes of 
the die cavity and on the resin-fiber mass that is compacted into and passes 
through the die. These forces result from constraint normal to the fiber axis 
but are manifested parallel to that axis. The bulk compaction force is essen
tially a mechanically induced force, and although it is temperature sensi
tive, it is not primarily temperature induced. 

Like the bulk compaction force, the temperature-induced force is as
sociated with the heated die. This force arises from the heating and resul
tant chemical reaction of the resin during its passage through the die (54). 
Part of this force is a result of the increasing resin viscosity (a shear force), 
and part is a result of the attempted resin thermal expansion as the resin is 
initially heated. Some of the expansion is relieved by backflow toward the 
die entrance. Chemical expansion and contraction takes place i n associa
tion with the resin-curing reaction. These actions generate normal forces 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 305 

on the die and thus influence the force required to move the resin-fiber 
mass at a constant speed. Shear forces arising from resin viscosity changes 
first decrease as resin temperature rises, then increase as the resin curing 
reaction takes place. 

The three forces (collimation, bulk compaction, and temperature in
duced) act as resisting forces. Thus they are, in some respects, the origins of 
the pulling force in a pultruder. As conditions i n the pultruder change, the 
pulling force would be expected to change also. Such changes might pro
vide an indication of the characteristics of the process as the resin-fiber 
mass moves through the heated die. 

Experimental 

Materials. The materials used were commercially available epoxy resins and 
carbon fibers. The epoxy resins, which were tacky semisolids at room temperature, 
were based on diglycidyl ether of bisphenol A. The carbon fibers, made from poly-
acrylonitrile precursor, were 6000-filament tows. To minimize collimation forces 
and avoid problems associated with the resin bath (Figure 1), the tows were melt 
impregnated with the resin. These preimpregnated eollimated fibers, or prepreg 
tapes, were prepared by two different manufacturers. Some properties of the pre
preg tapes, designated A and B, are given in Table I. 

Tests. A laboratory-scale pultruder, shown in Figure 2, was constructed. 
The two-piece, aluminum die was mounted in the movable crosshead of a mechan
ical testing machine that could measure loads to 900 N. Die temperatures to 550 Κ 
were provided by two thermocouple-controlled, quartz tube, radiant heaters. The 
die had five thermocouple wells so thermocouple beads could be located along the 
centerline within 0.5 mm of the die cavity wall. The cavity was 20 mm wide and 
2 mm high (for an aspect ratio of 10), and the die was 50 mm long. The resulting 
maximum contact area between the die and the resin-fiber mass was 2200 mm2. 
The die halves were secured by four bolts along each edge (Figure 2), but most of 
the tests were run with the entrance end bolts not tightened. This method allowed 
the die to open slightly so that, with the 0.8-mm radius on the cavity entrance 
edges, the transition of the tape from outside to inside the die was moderated to 
some extent. Indeed, some pultruder dies will have a slight taper at the entrance to 
facilitate this transition. The testing machine had specific cross-head speeds of 
which three, 12.5, 25, and 50 mm/min, were used. Thus, with a die length of 50 
mm, the tape residence times were 4, 2, or 1 min, in the range of residence times 
used in full-scale pultrusion. 

The test procedure was to load the required number of plies of prepreg tape 
(each ply being 20 mm wide) into the room temperature die, and to secure the 
upper end of the plies in the load cell grip. The die temperature was stabilized at 

Table I. Properties of Epoxy Resin, Carbon Fiber Prepreg Tape 
Property Tape A Tape Β 

Nominal ply thickness, mm 0.17 0.14 
Fiber areal weight, kg/m 2 0.178 0.146 
Resin content, weight percent 25 32 
Volatiles, percent 1 1 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 307 

300 K, or in the 375-400 Κ range, and cross head and die were traversed down
ward at one selected speed. The die temperature was raised at a rate of 0.3-0.5 K/s 
to temperatures in the 400-525 Κ range. This procedure provided 0.25-m length 
pultruded stock with a nominal 2 χ 20 mm cross section. 

The test procedures show the differences between laboratory-scale and full-
scale pultruders. In a full-scale pultruder, the die is fixed in space and the resin-
fiber mass moves through it. To establish process parameters, the die temperature 
is fixed and the pulling speed is varied in a known way, but no measurements are 
made of the pulling force. By contrast, in the laboratory-scale pultruder, the die 
moves and the resin-fiber mass is fixed in space. The pulling speed is constant and 
the temperature is varied. In addition, the pulling force, a dependent variable, is 
measured. Although different, the two procedures are assumed to give equivalent 
results. 

Results and Discussion 

The pulling force in a pultruder must exceed the resisting forces resulting 
from collimation, bulk compaction, and temperature. Because strips of 
prepreg tape were used in this investigation, the collimation forces were 
effectively eliminated. The other resisting forces were then examined. 
First, the general procedure used was to hold the die temperature constant, 
to increase the volume of material being compacted into the die, and to 
measure the bulk compaction force. Then, with the material volume held 
constant, the die temperature was changed and the temperature-induced 
force was measured. 

Bulk Compaction Force. The bulk compaction force arises from the 
volume change of the resin-fiber mass from outside to inside the die. A 
direct way of increasing the material volume (and hence the force) was to 
add plies to the prepreg tape as it entered the die. As additional plies were 
introduced into the die, the pull ing force would be expected to increase. 
W e increased the force by stacking the prepreg tape so that an additional 
ply was introduced in the center of the stack at 75-mm intervals that were 
equivalent to one and one-half die lengths. The thinnest end of the tape 
was fed into the die first. The die temperature was set at 375 K , a tempera
ture high enough to melt the resin and low enough so the resin would not 
cure during the residence time (240 s at a speed of 12.5 mm/min) i n the die. 
Measurements on resin samples with a cone-and-plate rheometer showed 
that, at a strain rate of 1 s ~ A , viscosity began to increase only after 1700-
2000 s at 375 K . Hence, any force increase in the compaction tests would be 
a result of the additional volume of material in the die. 

The force measurements are listed in Table II and shown in Figure 3. 
Figure 3 also includes a representation of a longitudinal section of the tape 
entering the die. As the additional ply entered the die, the pull ing force 
increased until the leading edge of that ply had passed through the die. 
Once the ply was through, the force remained constant (as listed in Table 
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308 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table II. Bulk Compaction Forces of Epoxy Resin, Carbon Fiber 
Prepreg Tape 

Tape A Tape Β 
Pulling Pulling 

Number of Normalized Force, Normalized Force, 
Plies Thickness Ν Thickness Ν 

13 1.11 17.8, 19.6 — — 
14 1.19 57.8, 80.1 — — 
15 1.28 276, 316 1.04 11.6, 14.7 
16 1.36 792, 947α 1.11 44.5, 48.9 
17 — — 1.18 129, 147 
18 — — 1.25 280, 343 

NOTE: Measurements were made with die temperature of 375 Κ and pulling speed of 12.5 
mm/min. 

estimated 

II) until the next additional ply entered the die. Each tape had a different 
thickness per ply (see Table I). The measurements were normalized by d i 
viding the thickness of all the plies in the die by the nominal cavity height 
(2 mm) of the die. W i t h the thickness normalized and the constant pull ing 
force plotted on a logarithmic scale (Figure 3), the data fell along two 
straight lines. In other words, for a linear increase i n prepreg thickness (or 
volume) the pul l ing force increased exponentially. Indeed, the pul l ing 
force for tape A at the highest relative thickness value approached or ex
ceeded the 900-N l imit of the pultruder. The data also showed that 14 plies 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 309 

of tape A required roughly the same pulling force (~ 70 N) as 16 plies of 
tape Β ( ~ 59 N) . These numbers of plies (except as noted below) were used 
in subsequent tests. 

FORCE-MATERIAL V O L U M E . The bulk compaction results (Table II 
and Figure 3) showed that the pull ing force could be related to the prepreg 
thickness (or volume) by the expression 

In Equation 1, F is the pull ing force for tape of any thickness t, and F x is the 
force for thickness t = h (i.e., t/h = 1). When t equals h, the tape is not 
being compacted and the pull ing force presumably would be a measure of 
the resin viscosity (see Appendix A ) . The empirically determined constant 
Κ is the slope of the straight lines in Figure 3. From the data in Table II, the 
values of the constants fell in the following range (with 95% confidence): 
Tape A , F x = 2.5-5.0 Ν, Κ = 15.1-15.8; and tape Β, Fx = 5.3-12.0 N , 
Κ = 14.7-15.6. Thus, although tape A had a lower resin content (Table I) 
and a lower reference force F x , the force increased slightly more with in
creasing volume (higher K) than the force for tape B. Even so, for a value of 
tlh = 1.5 (tape entering the die was 50% thicker than the die cavity 
height), the estimated pull ing force for tape Β would still be nearly twice 
that for tape A (15.4 k N vs 8.1 kN) . Both values are high and far in excess of 
the pulling capacity of the laboratory-scale pultruder used in this investiga
tion. More important, however, is the wide range of pull ing forces that we 
measured or estimated. The amount of material compacted into the die 
and, apparently, the resin content as well affect the pull ing force. This ma
terial volume effect may help explain why previously reported values of 
pulling force have varied over such a wide range. 

Other force-volume relationships, similar to Equation 1, have been 
used in connection with the compaction of polymer powders and granules 
(61, 62). These relationships have the form 

where Fa is the force applied at one end, and Ft < Fa is the force transmit
ted at the other end of powder confined in a cylinder of diameter D. The 
length I represents the displacement of the end of the powder when force is 
applied at that end, and C is an empirically determined constant. Thus, 
the applied force and the resulting displacement in the same direction have 
an exponential relationship. In the bulk compaction tests, wi th the tape 
displacement i n the y direction and the force measurement i n the χ direc
tion (see Figure 1), the force-displacement relationship also was exponen-

(1) 

(2) 
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310 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

tial. Apparently, the pultruder die performs a i/-force to x-force transfor
mation that retains the exponential nature of the force-displacement 
relationship. 

F O R C E - D I E L E N G T H . The data listed in Table I I and plotted in Fig
ure 3 are the constant force values obtained when a given number of plies 
(or a given amount of compressed material) was passing through the die. 
This situation is shown schematically in Figure 4 for two material thick
nesses ti and tj. These two thicknesses extend over the entire length I of the 
die and have pulling forces of and F ;-. N o w , consider an intermediate 
situation in which the thicker material (tj) extends a distance χ into the die. 
The pulling force in this case can be expressed by adapting Equation 1 to 
obtain 

The pulling force measurement would not indicate where the thicker mate
rial was located, although its location was known because the location 
along the prepreg tape and the pull ing speed were known. The measured 
force was the sum of the pull ing force for each thickness, weighted accord
ing to the relative length of each thickness in the die. 

The importance of this pull ing force-relative length effect can be illus-

(3) 

t ; t ; 

χ ( l - x ) 

log F 

t; 

t i 

h h 

Figure 4. Representative pulling force-normalized thickness curve. 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 311 

trated as follows: Consider the material to be initially the same thickness t 
throughout (same number of plies). Presumably the force on the die wal l 
would be uniform and the pul l ing force constant. If that w a l l force 
changed (e.g., as a result of a chemical reaction) over part of the die length, 
then the pull ing force also would change. This situation is shown schemati
cally at the bottom of Figure 4 for a force increase over part of the die 
length. The greater the affected length, the greater w i l l be the pulling force 
change. 

As the pultruder die integrates rather than differentiates forces, the 
force distribution could have a variety of shapes that would result in the 
same pulling force. This situation is analogous to that found in a capillary 
rheometer that provides a force measurement but cannot, without addi
tional information, indicate the velocity profile across the capillary. Even 
so, both the capillary rheometer and the pultruder die indicate, through 
force changes, that a change is taking place in the material. 

The bulk compaction tests, then, showed the following results: (i) the 
pulling force increased exponentially with a linear increase in the volume 
of material fed into the die; (ii) the die transformed the forces normal to the 
die wal l such that changes in these forces would be indicated by a change in 
the pulling force; and (iii) the die integrated the wal l forces such that the 
greater the affected length along the die, the greater would be the pull ing 
force change. 

Temperature-Induced Force. Representative curves of the varia
tion of pulling force with temperature are shown in Figure 5 for tape A and 
in Figure 6 for tape B, where a logarithmic axis is used for the force. These 
figures show the force variation for three pull ing speeds of 12.5, 25, and 50 

200 ρ 
PULLING SPEED, mm/min 

loo Ëzzzr-
25 
12.5 
50 

50 
FORCE, 

Ν 

20 

1.28 
10 

5 
350 400 450 500 

TEMPERATURE, Κ 

Figure 5. Pulling force as a function of die temperature for tape A. 
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PULLING SPEED, mm/min 

350 400 4S0 500 
TEMPERATURE, Κ 

Figure 6. Pulling force as a function of die temperature for tape B. 

mm/min. The dashed curves show the force variation at a pull ing speed of 
50 mm/min with the addition of one ply of prepreg tape to obtain a higher 
tlh ratio. 

A l l of the force-temperature curves, whatever the differences i n mate
rials or testing, had a characteristic shape. A t temperatures above the 350-
K reference temperature, the pull ing force decreased as the temperature 
increased. The force reduction continued and accelerated as the tempera
ture approached the 430-450-K range. In this range, the force passed 
through a minimum value that was approximately 10-25 % that of the 350-
K pulling force. Once through the minimum, the pull ing force increased 
sharply, approaching or exceeding the 350-Κ pulling force within the next 
25° -50° . 

A n important operational parameter i n pultrusion is the pul l ing 
speed. Some effects of pull ing speed on pull ing force are shown in Figures 5 
and 6. A t temperatures below the minimum force temperature, the most 
noticeable effect of speed was an increase in pulling force for tape A (Figure 
5). Whereas the other curves (tapes A and B) started in the 50-60-N range, 
those for tape A , at speeds of 25 and 50 mm/min, began in the 80-90-N 
range. Part of the difference may be a result of the lower resin content (Ta
ble I) and, hence, the reduced lubrication of tape A . In the case of tape Β 
(Figure 6), pull ing speed had very little effect. The force curves essentially 
superimposed until the temperature approached the minimum force tem
perature. For temperatures above the minimum force temperature, how
ever, the pull ing speed had a noticeable effect on the pull ing force for both 
tapes. For a given temperature, the 25-mm/min speed resulted in the high
est force, the 50-mm/min speed resulted i n the lowest force and the 12.5-
mm/min speed provided an intermediate force. 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
18



18. PRICE AND CUPSCHALK Composite Materials Pultrusion 313 

The effect of adding an additional ply of prepreg tape is shown by the 
dashed curves in Figures 5 and 6. The results were obtained at a pull ing 
speed of 50 mm/min. Additional plies would be of benefit in the use of the 
pultruded stock because a high fiber content should produce a strong part. 
However, the additional ply also increased the pull ing force (by roughly 
50 % ) over the entire temperature range. The increase i n force was slightly 
larger at temperatures above the min imum force temperature than at 
lower temperatures. Consequently, a steady, even, pull ing force for high 
fiber volume fraction stock would require an even die temperature and 
minimum variation from the set point. 

The pulling force shown in Figures 5 and 6 can easily be changed to 
the average shear stress at the interface between the die w a l l and the resin-
fiber mass. One size die wi th a cavity w a l l area of 2200 m m 2 was used 
throughout this investigation. W i t h pull ing forces ranging from 5 to 250 N , 
the calculated average shear stress ranged from 2 to 115 kPa. In another 
investigation in which the pull ing force was measured (22), the average 
shear stress (not reported but estimated in this investigation) ranged from 
very low values such as those reported here up to 56 kPa. The pull ing force 
was much larger ( ~ 1 kN) because the contact area between the die and 
resin-fiber mass was larger. Thus, the interface shear stresses appear to be 
fairly low so that fiber breakage or distortion ordinarily would not be a 
problem. The pull ing stresses, i .e. , pull ing force divided by stock cross sec
tion, were higher than the shear stresses because of the difference i n the 
respective areas. In this investigation, the shear area was 2200 m m 2 and the 
cross section area was 40 m m 2 , a ratio of 55:1. Hence, the pull ing stress 
ranged up to ~ 60 M P a , a value far below the 800 M P a or more that such a 
composite would be expected to sustain. 

Characteristic Force-Temperature Curve. The curves of the varia
tion in pull ing force wi th temperature, shown in Figures 5 and 6, all had a 
characteristic shape (Figure 7). A t temperatures above the 350-Κ reference 
temperature, the pulling force decreased as the temperature increased and 
passed through a minimum value that was approximately 10-25 % that of 
the 350-Κ pull ing force. The force then increased sharply and approached 
or exceeded the 350-K pull ing force within the next 25° -50° . These large 
changes in the pull ing force can be interpreted with the aid of data on the 
exothermic reaction that the resins undergo. 

D I E TEMPERATURE EFFECTS . The rate and temperature range of the 
exothermic reaction of the epoxy resins was reported by Price et al. (57). At a 
temperature rise rate of 80 K/min, the reaction was initiated i n the 430-
440-K range, reached a maximum rate i n the 470-480-K range, and was 
essentially completed in the 500-510-K range. The temperature range for 
reaction initiation corresponds very closely wi th that of the minimum i n 
the force-temperature curves (Figure 7). Hence, the force data obtained at 
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PULLING SPEED 

INTERMEDIATE 

LOW 
HIGH 
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REACTION 
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Figure 7. Characteristic pulling force-die temperature curve. 

temperatures above that of the force minimum were affected by the resin 
reaction. The effect, of course, is an increase in resin viscosity and pull ing 
force. At temperatures below the force minimum, the resin reaction and 
associated viscosity increase was much slower than the viscosity decrease 
resulting from the temperature increase. Consequently, the pull ing force 
decreased with temperature increase. 

The reduction in pull ing force as the temperature increased toward 
the reaction initiation temperature range can be attributed to two causes. 
One cause, typical of all nonreacting polymers, is the reduction in viscosity 
as the temperature rises. The other cause, peculiar to the pultrusion pro
cess, is resin backflow at the die entrance. As the resin-fiber mass enters the 
die, the mechanical compaction and the attempted thermal expansion of 
the mass (mainly of the resin) generate pressure against the die w a l l . Under 
these pressures, the resin (the more mobile phase) w i l l tend to flow from a 
higher to a lower pressure. The lowest pressure (atmospheric) is upstream, 
or outside the die, and results in the resin backflow. Although the resin 
backflow can be significant, as explained in the Appendix B, it was not in 
this investigation. 

PULLING SPEED EFFECTS. The pulling speed had the most noticeable ef
fect on pull ing force in the reaction temperature range (Figure 7). In that 
range, the intermediate pull ing speed (25 mm/min) gave the highest pul l 
ing force and the highest pull ing speed (50 mm/min) gave the lowest pul l 
ing force at a given temperature. The pulling force obtained with the low
est speed (12.5 mm/min) fell between the two extremes. These results 
indicate that the highest pull ing speed is the best one to use because it pro
vides the highest throughput and the lowest force and associated stress. 
However, the pultruded stock made in this investigation was evaluated by 
specific gravity (an indication of material compaction) and short beam 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 315 

shear strength (an indication of resin cure). Good quality material would 
have high values of both properties. The room temperature measurements 
of these properties for stock made from both tapes are shown in Figure 8. 
The temperature axis refers to the pultruder die temperature. Each data 
point is the average of two or three tests except the filled symbol for tape A 
stock. This point is a 15-test average data point. Different symbols indicate 
the three different pull ing speeds, and the trend for the 50-mm/min speed 
is shown by the dashed lines. The values in all cases for the high speed 
pultruded stock were less than or at most equal to those of the stock made at 
the lower speeds. Although there was little to indicate that either of the 
lower speeds provided especially better values, the high speed clearly pro
vided lower quality material. 

The pull ing speed effect can be explained with the aid of Figure 9. 
This figure shows, for a given temperature, the general relationship be
tween the logarithm of pull ing force and pulling speed. This relationship is 
consistent with the results obtained in this investigation. Also shown in Fig
ure 9 is a general pressure-time curve adapted from results reported by 
McGlone and Keller (63). The pressure is that exerted by a thermosetting 
molding compound on a constant volume die wal l during compression 
molding as a function of time i n the die. The pressure peak is associated 
with the heating and curing of the molding compound. A time θ ' has been 
indicated at which a large part of the reaction seems to have been com
pleted. Thus θ ' may be thought of as a cure time. 

In the case of a pultruder die, time in the die and distance along the 
die are directly related through the pull ing speed by s = χ/θ. Then the resi-

SPECIFIC 
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Figure 8. Room temperature specific gravity and short beam shear strength 
of pultruded stock made from tapes A and Β at three different pulling speeds 

for a range of die temperatures. 
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316 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 9. Representative force-speed curve obtained in this investigation, 
and representative pressure-time curve for constant volume compression 
molding as adapted from results reported by McGlone and Keller (63). The 

cure time-residence time ratio is shown as a function of pulling speed. 

dence time in the die, the time available for compacting the resin-fiber 
mass and for reacting the thermosetting resin, is simply 0 r = lis. Each 
molding material at a given temperature w i l l have a "cure t ime" θ ' associ
ated with the resin exothermic reaction, viscosity increase, and gellation. 
(This time is much shorter than the hours-long time often used for thermo
setting resins.) If the pull ing speed is high (Figure 9), the residence time θτ is 
small relative to the cure time 0' and the ratio ΘΊΘΤ is greater than unity. 
The material passes through the die before the heating- and curing-associ
ated pressure can develop and the pull ing force is relatively low. If the pul l 
ing speed is very low, the residence time is larger than the cure time and the 
ratio ΘΊΘΤ is less than unity. Sufficient time is available for good compac
tion and curing, but throughput is reduced and die use is inefficient. In 
addition, making the time-to-distance transformation in Figure 9, the pres
sure peak occurs over a relatively short length of die. Thus the x-distance in 
Equation 3 and Figure 4 is small, and the pulling force is not as high as it 
might be. By contrast, if the pull ing speed is adjusted so that the residence 
time is nearly the same as the cure time (ΘΊΘΤ « 1), then the highest 
throughput that produces good quality material is obtained. The pressure 
peak w i l l then be spread out over most of the die length and, because of the 
force integrating action of a pultruder die discussed earlier, the pull ing 
force w i l l then be high. In other words, for a given material at a given 
temperature, the maximum quantity and the maximum quality are 
achieved at the maximum force. 

Appendix A: Pultruder Die as a Band Viscometer 

The pultruder die used in this investigation was similar to the band viscom
eter that has been used to measure the viscosity of printing inks (64, 65). 
The band viscometer consists of a vertically mounted, thermostatted die 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 317 

with a rectangular cavity through which a strip of metal foil or plastic f i lm 
is pulled. The foil/film substrate is the same width as the cavity, but has a 
known thickness t that is smaller than the cavity height h. Therefore, a 
clearance c exists between the die walls and substrate such that h = t + 2c. 
As the substrate enters the die, it passes through a reservoir of the test l i q 
uid, some of which adheres to the substrate surface. The adhering l iquid is 
sheared in the clearance between the die walls and the substrate. A dead 
weight load supplies a constant substrate pull ing force. The time required 
for the passage of the substrate through the die is a measure of the test l iq 
uid viscosity. This viscosity can be found from (65) 

Fx0rc 
η = ~^Γ 

where the expression has been cast i n pultrusion die terms. 
In a pultruder die containing resin-coated fiber bundles, the clearance 

c is not well defined. If tlh = 1 (which is associated wi th pull ing force F x ) , 
then the clearance should be zero. However, some virtual or equivalent 
clearance w i l l exist in which the resin is sheared and produces a resisting 
force and a nonzero pulling force. A n estimate of the equivalent clearance c 
was obtained using the viscosity value of a neat D G E B A resin obtained 
over a strain rate range of 100-1000 s - 1 on a cone-and-plate rheometer. 
The measurements, made for another purpose, were taken at 350 and 
400 K , and interpolated to the 375 Κ used i n the bulk compaction tests. The 
interpolated value was found to be 0.03 Pa-s. Then, using the range of F x 

values given above, the range of estimated clearances and strain rates was 
as follows: Tape A , c = 3-6 μπι, y = 38-74 s ~ 1 ; and tape B, c = 1-3 μπι, 
7 = 80-174 s - 1 . Interestingly enough, tape A , which had the lower resin 
content, had a higher equivalent clearance. 

Appendix B: Resin Backflow 

Resin backflow at the pultruder die entrance is important for processing 
and composite properties. W e observed very little backflow in this investi
gation because the prepreg tape was relatively dry. However, when a fiber 
bundle passes through a resin bath, as is typical of full-scale pultrusion, an 
excess of resin w i l l cling to the fibers. M u c h of this excess w i l l be mechani
cally stripped off as the fiber bundle enters the die. Resin backflow from 
within the die may take place as the resin attempts to expand on heating. 
When the thermally induced pressure (in the y direction) exceeds the resin 
flow pressure (in the χ direction), the backflow w i l l occur. 

The conditions under which thermally induced backflow occurs can 
be found as follows: The pressure gradient i n the y direction (Apy) (see 
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318 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 1), taken as the axis along which temperature moves into the resin-
fiber mass, is 

apy = ΚαάΤ (Bl) 

For a given material (specified Κ and a), the thermal pressure gradient is 
proportional to the temperature gradient (Δ T). In the negative χ direction, 
the direction of backflow, the pressure gradient can be expressed (66) 

APx = ^ (B2) 

The resin flow speed u is taken relative to the fiber bundle that is moving 
with speed 5 in the positive χ direction. Thus, backflow w i l l not occur until 
u exceeds s thereby setting an upper l imit on Apx when u = s. In addition, 
the distance χ over which resin at a level y must flow back to reach the die 
entrance is 

χ = s0y (B3) 

where 6y is the time required for the wal l temperature to diffuse i n to level 
y. This time can be estimated from the Fourier number (NF) 

N F = -4^— 1 (B4) 
y*ID Τ 

Therefore, Equation B2 becomes 

^-ë&=Uk)*v <B5) 

The ratio of the two pressure gradients is 

Apy \Kam2DTeJ AT 
(B6) 

Besin backflow w i l l take place when and where this ratio is less than unity, 
that is, the x-direction pressure gradient is less than the indirection pressure 
gradient. 

The pressure gradient ratio (Equation B6) is useful i n assessing operat
ing conditions and backflow. For example, the Apx establishes an upper 
limit for Apy and thus an upper l imit on the resisting force generated at the 
die entrance. The values enclosed in parentheses are characteristics of a 
given material; those values following the parentheses are operational or 
geometric variables. Thus, for a given material, a higher die-material tem
perature difference at a fixed pull ing speed w i l l produce backflow. Simi-
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 319 

larly, at a fixed temperature a lower speed w i l l also produce backflow. For 
a fixed speed and temperature, backflow w i l l begin at the heated w a l l 
(t/ = 0). H o w far into the resin-fiber mass the backflow w i l l extend de
pends on both material and operational values. Resin backflow does not 
necessarily take place over the entire cross section. 

The results of backflow were observed i n a commercially available 
puitruded rod that was large (higher temperature difference) and made at 
a low speed (provide time for die temperature to diffuse inward). The rod 
(Figure 10) was 38 m m i n diameter and was made wi th unidirectional glass 
roving and a polyester resin that did not contain a filler. This rod had a 
nearly circular resin rich area i n the center that extended over roughly two-
thirds the diameter. The outer portion of the rod appeared to have a resin 
deficiency, presumably as a result of backflow. These observations were 
corroborated by specific gravity and fiber fraction measurements, listed i n 
Table III, of the total cross section and the central core. The core was ob
tained by machining rod specimens to one-half the original diameter, 
which left the center one-fourth of the rod. The central core had a lower 
specific gravity and fiber content (and thus a higher resin content) than did 
the total cross section. From these measurements, the outer ring was esti
mated to have an even higher specific gravity and fiber content (and a 
lower resin content) probably a result of resin backflow. 

Figure 10. A cross section of the puitruded polyester unidirectional glass 
fiber rod showing the location of the central core. Also shown are the loca
tions and micrographs of the resin rich center and the "drier" outer ring that 

were produced as a result of resin backflow. 
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320 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Table III. Room Temperature Properties of Pultruded Circular Rod 

Total Central Outer 
Property Cross Section Core Ring (est) 

Specific gravity 2.04 1.94 2.07 
Fiber volume fraction 0.634 0.559 0.659 
Diametral strength 

Number of tests 5 11 — 
Mean, M P a 11.3 14.8 — 
Coeff. of variation 0.24 0.06 — 

Notched shear strength 
Number of tests 6 12 — 
Mean, M P a 36.7 38.5 — 
Coeff. of variation 0.05 0.12 — 

As expected in a composite material in which the proportions of the 
resin and fiber change, the mechanical properties changed as wel l . Me
chanical properties generally increase wi th an increase in fiber content. 
However, the composite must contain sufficient resin to bond the fibers 
together or else the properties w i l l degrade. The rod specimens were evalu
ated by the diametral test, which generates a tensile load perpendicular to 
the fibers (37, 44), and by the notched shear test, which applies a shear 
load parallel to the fibers (37, 38, 67). The results, listed in Table III, 
showed that the diametral strength of the core was significantly higher 
than the diametral strength of the total cross section. Likewise, the notched 
shear strength of the core was marginally higher as wel l . If the strength of 
the total cross section represented some average over that section, the i m 
plication is that the strength of the outer portion of the rod was lower than 
that of the core. That is, the "dr ier , " lower resin content outer portion was 
not as strong. The strength varied over the cross section as did the resin 
content, the latter variation was probably a result of resin backflow. Thus, 
resin backflow is important not only in the processing but also in the prop
erties of the composite as wel l . 

Nomenclature 

A Area, m 2 

c Clearance, m 
C Constant 
D Diameter, m ; diffusivity, m2/s 
F Pull ing force, Ν 
h Cavity height, m 
k Constant 
Κ Bulk modulus, Pa; constant 
I Die length, m ; displacement distance, m 
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18. PRICE AND CUPSCHALK Composite Materials Pultrusion 321 

m Function of fiber radius and porosity, m 
ρ Pressure, Pa 
s Pull ing speed, m/s 
t Material thickness, m 
Τ Die temperature, Κ 
u F l o w speed, m/s 
χ Distance, m 
y Distance into resin-fiber bundle from heated wal l , m 
a Thermal expansion, 1/K 
e Porosity 
η Resin viscosity, Pa-s 
θ Time, s 
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19 
The Effect of Hygrothermal Fatigue on 
Physical-Mechanical Properties and 
Morphology of Graphite/Epoxy Laminates 

JOVAN MIJOVIĆ and KING FU LIN 
Department of Chemical Engineering, Polytechnic Institute of New York, 
Brooklyn, NY 11201 

Changes in physical-mechanical properties of a unidirec
tional graphite/epoxy composite were evaluated during expo
sure to both static and cyclic hygrothermal fatigue. The 
moisture absorption process was adequately represented by 
Fick's law. Variations in glass transition and elastic modulus 
during absorption and desorption of moisture were ac
counted for by a diffusion concept on the morphological 
level. A permanent change in properties of the composite was 
recorded after one absorption-desorption cycle. The magni
tude of the effect of thermal spikes on the composite proper
ties was a function of the upper temperature of the spike and 
the number of spikes. Considerable microcracking was ob
served when the upper temperature of the spike was within 
the glass transition region. Microcracks appear to originate 
within the reinforcement-matrix boundary region. 

CJRAPHITE FIBER-REINFORCED EPOXY RESINS have undoubtedly become, 
within the past decade, the most widely used polymer-matrix structural 
composites in the aircraft and spacecraft industries. In actual service, these 
composites encounter various combinations of moist environments and 
temperatures. Hence, it is crucial to evaluate their performance, that is, 
changes in thermomechanical properties and dimensional stability under 
different hygrothermal conditions. This necessity has been recognized, 
and, consequently, studies on the influence of aggressive environments on 
properties of neat epoxy resins and their composites have been conducted. 

The exposure of samples to an aggressive environment typically as
sumes the form of either static or cyclic hygrothermal fatigue. Static hygro
thermal fatigue is defined by the conditions of preset constant temperature 
and relative humidity, whereas cyclic hygrothermal fatigue involves appli-

0065-2393/84/0206-0323$12.00/0 
© 1984 American Chemical Society 
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324 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

cation of various cyclic patterns as a function of time. However, because 
the exact duplication of actual service conditions requires impractically 
long times, accelerated testing methods are commonly used. They typically 
consist of shorter treatment times during which specimens are exposed to 
harsher environmental conditions than those encountered in service. Such 
hygrothermal fatigue treatments, either static and/or cyclic, are projected 
to be equivalent to a prolonged specimen exposure to milder conditions. 
During the hygrothermal fatigue, samples are periodically removed from 
the aggressive environment, and the ensuing changes in their physical/me
chanical properties are evaluated as a function of time. 

Most of the reported work, both experimental and theoretical, on the 
effect of hygrothermal fatigue on graphite/epoxy composites has been com
piled in several recently published monographs (1-4). Nonetheless, a care
ful examination of published findings clearly reveals the lack of under
standing of the effect of hygrothermal fatigue on composite properties on 
the morphological level. To overcome this lack one must develop a concept 
(model) of the morphology of highly cross-linked thermosets, and use ex
perimental techniques capable of monitoring the hygrothermal fatigue-
induced changes in physical-mechanical properties of composites in terms 
of the changes in composite morphology. 

In general, a hygrothermal fatigue treatment involves diffusion of 
moisture in (absorption) and/or out (desorption) of the composite. Assum
ing that the moisture diffusion i n the bulk graphite fibers is negligible, one 
is left with two regions in the composite material whose morphology must 
be elucidated: (1) the bulk resin matrix and (2) the reinforcement-matrix 
boundary region. Unlike graphite fibers, glass fiber surfaces are susceptible 
to degradation in the presence of moisture. The effect of moisture on the 
interactions in the reinforcement-matrix boundary region in glass-rein
forced thermoset matrix composites has been studied (5-13), and two excel
lent reviews were published (14, 15). 

The concept of a homogeneous thermosetting network has been used 
to describe the morphology of highly cross-linked neat thermosets. H o w 
ever, an apparent inadequacy of such a model i n explaining various prop
erties of thermosets and the ample experimental evidence collected within 
the last two decades have led to a formulation of the concept of inhomoge-
neous thermoset morphology. The model of coexisting regions of higher 
and lower cross-link density most adequately describes the morphology of 
highly cross-linked thermosets (16). The origin, size, and distribution of 
inhomogeneities depend on the type of the resin(s)/curing agent(s)/cata-
lyst(s) formulation and the curing conditions. The likelihood of formation 
of inhomogeneous morphology is particularly pronounced in the commer
cially available high temperature epoxy formulations that are based on the 
tetraglycidyl molecules and contain various impurities (17). The most i m 
portant consequence of an inhomogeneous morphology from the stand-
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 325 

point of hygrothermal fatigue would be the difference in the rate of mois
ture diffusion in the regions of different cross-link density. 

A n additional difficulty in the studies on composite materials arises 
from the fact that every treatment of diffusion in composites should con
sider the presence of an "interphase." The latter term, although clearly 
much more pragmatic than the two dimensional "interface," is nonetheless 
a misnomer, from the standpoint that the "interphase" is not a "phase" in 
the thermodynamic sense. Instead, this region includes and extends from 
the outer layer of the reinforcement to some distance into the thermoset 
matrix. The characteristics of this region depend on many factors: the mor
phology and surface energy of the fiber surface layer, the type of the fiber 
surface treatment and its interactions wi th the fiber and the matrix, the 
difference in the coefficients of thermal expansion of fibers and matrix, the 
state of residual stresses, and the morphological gradient in the matrix. The 
presence of fibers (loosely analogous to the presence of the mold surface 
during crystallization of semicrystalline polymers) during cure, is believed 
to play an important role in the formation of the morphological gradient in 
the resin and the subsequent response of the resin to various aggressive envi
ronments. The term reinforcement-matrix boundary region describes this 
unique and complex region more adequately than the term "interphase." 
The most prominent, but least understood, aspect of significance of this 
boundary region is its response to an aggressive environment and, hence, its 
role in determination of the long-term durability of composite materials. In 
the light of the complexity of the boundary region, one must be particularly 
careful when considering the theoretical predictions of mechanical behav
ior of composites. The main drawback of the great majority of such analyt
ical models is the assumption of the presence of a two-dimensional inter
face. This interface is envisioned as an infinitely thin surface between the 
fibers and the matrix across which there exists a "perfect" adhesion be
tween the phases. 

Once the concept of the composite morphology is established, at least 
qualitatively, experimental work should be performed to detect and corre
late the composite morphology to the hygrothermal fatigue-induced 
changes in the composite physical-mechanical properties. The majority of 
the reported investigations on the mechanical properties of hygrothermally 
fatigued composites have been conducted by comparing dry and wet static 
tensile and bending moduli , or dry and wet tensile, flexural, and creep 
strength. Although such measurements undoubtedly provide an indication 
of the overall effect of moisture, they reveal very little about the morpholog
ical aspects of absorption and desorption. 

Therefore, our objectives were to investigate the effects of static and 
cyclic hygrothermal fatigue on the physical-mechanical properties of com
posites via optical and electron microscopy and to conduct thermomechani
cal measurements by using differential scanning calorimetry (DSC), ther-
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326 POLYMER BLENDS AND COMPOSITE IN MULTIPHASE SYSTEMS 

mogravimetric analysis (TGA), and dynamic mechanical analysis (DMA). 
DMA offers a distinct advantage over the other mechanical property tests. It 
provides the most sensitive response to various physical and chemical transi
tions and relaxations over a wide temperature range, to changes in the glass 
transition and dynamic moduli, and to morphological inhomogeneities. 

Experimental 

All specimens investigated were from the same batch of an eight-ply unidirectional 
graphite/epoxy (AS4/3502) composite. Curing of this material was typically done 
according to the following schedule: The minimum vacuum was set at 20 in. (508 
mm), and the sample was placed in the autoclave. The temperature was raised to 
275 °F (135 °C) at 3-5 °F/min (2-3 °C/min). The temperature was held for 15 min 
at 275 °F under vacuum pressure only, then the autoclave was pressurized to 85 psi 
(586 kPa). The temperature was held at 275 °F and 85 psi, and vacuum was main
tained for 45 min. The temperature was then raised to 350 °F (177 °C) at 3-5 °F/ 
min, and maintained for 2 h. The sample was then cooled to 150 °F (66 °C) in not 
less than 45 min, with pressure and vacuum maintained. Finally, the sample was 
removed from the autoclave and postcured at 400 °F (204 °C) for 4 h. This final 
step is recommended to develop optimum properties at 350 °F. 

In addition to this curing schedule, two samples were given a second postcure 
at 240 °C for 30 and 60 min, but no further increase in glass transition was 
observed. 

Samples for DMA were cut from the cured composite and had the following 
dimensions: 30 X 11 X 1.2 mm. Sample edges were lightly polished to remove 
occasional surface irregularities. All samples were maintained at room tempera
ture for 60 days prior to the initiation of experiments. The specimens were then 
dried to a constant weight in a desiccator at 90 °C. For the absorption study, the 
dried specimens were placed into an aggressive environment at 90 °C and 100% 
relative humidity (RH). At chosen time intervals the samples were removed from 
the aggressive environment, and their properties were analyzed. 

Desorption experiments were carried out by placing the moisture saturated 
samples in a desiccator at 90 °C. Again, the samples were removed from the desic
cator and their properties evaluated at chosen time intervals. 

For the cyclic hygrothermal fatigue (thermal spiking) study, the dried speci
mens were placed into an aggressive environment at 90 °C and 100% RH and 
maintained there for 2 weeks. Samples treated in this manner were assumed to be 
moisture saturated. Upon moisture saturation, the samples were exposed to a vari
ous number of thermal spikes. Each thermal spike cycle was composed of the fol
lowing steps: The moisture-saturated samples were weighed and placed in pre
heated ovens at 180, 160, and 130 °C for the three sets of experiments for 10 min. 
The specimens were then placed in precooled tubes at - 80 °C (the tubes had been 
immersed in dry ice/acetone). After 10 min, the samples were removed and 
weighed. Then the samples were placed into the aggressive environment at 90 °C 
and 100 % RH for 1 week to resaturate them with water. Finally, the samples were 
removed and weighed. An analytical balance (Mettler) was used. 

Dynamic mechanical analysis (DMA) was performed in the Du Pont 981 
model DMA connected to the 1090 thermal analyzer. Tests were run at a heating 
rate of 10 °C/min and at an oscillation amplitude of 0.2 mm peak-to-peak. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 327 

Thermogravimetric analysis (TGA) was performed in the Du Pont 951 model 
TGA connected to the 1090 thermal analyzer. Tests were run at a heating rate of 10 
°C/min. 

Differential scanning calorimetry (DSC) was performed in the Du Pont 910 
model DSC connected to the 1090 thermal analyzer. Tests were run at a heating 
rate of 10 °C/min. 

Samples for the microscopic investigations were first embedded in an amine-
cured diglycidyl ether of bisphenol A (DGEBA) epoxy resin. The samples were then 
polished, etched with acetone for 90 min at 20 °C, and dried. Selective etching 
enhances the clarity of morphological features on the polymeric surfaces (18). A 
Bausch and Lomb bench metallographer Model 32 was used for light microscopy. 
Samples for scanning electron microscopy (SEM) were then gold shadowed and an 
AMR-1200 scanning electron microscope was used to investigate various composite 
surfaces. 

Results and Discussion 

Static Hygrothermal Fatigue. ABSORPTION. The dynamic mechan
ical spectrum of a dried (and not previously exposed to moisture) unidirec
tional (eight-ply) graphite/epoxy laminate is shown in Figure 1. The elastic 

Λ 1 1 · » 1 « 1 · · · · · · « » f 

Temperature (°C) 

Figure 1. Dynamic mechanical spectrum of an untreated, dry eight-ply 
unidirectional AS/3502 graphite/epoxy composite. 
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328 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

modulus (E ') of the dried composite decreases by only 2.6% in the temper
ature range from 20 to 200 °C. The first signs of an abrupt drop in elastic 
modulus, at approximately 230 °C, correspond to the onset of molecular 
motions in the resin, which eventually lead to the transformation from 
glassy into rubbery state. The glass transition (T g) of this sample (and of all 
samples hereafter), defined by the location of the loss modulus (E " ) peak in 
the dynamic mechanical spectrum, was 275 °C. 

To immediately emphasize the effect of absorbed moisture, a dynamic 
mechanical spectrum of the moisture saturated unidirectional (eight-ply) 
graphite/epoxy laminate is shown in Figure 2. Over the entire temperature 
range, the Ε ' of the moisture-saturated sample is noticeably lower than 
that of the dried specimen, as clearly seen by comparing Figures 1 and 2. 
The onset of molecular motions leading to the glass-to-rubber transforma
tion, as determined by the beginning of an abrupt drop in Ε ', was observed 
at approximately 140 °C. The T g of the moisture-saturated sample was re
corded at 210 °C. A n additional peak was observed i n the loss modulus 
curve at 280 °C, approximately 70 °C above the apparent T g of the mois
ture-saturated sample. 

Before beginning our discussion of results, we offer a brief qualitative 
description of the molecular mechanism of moisture penetration in cross-
linked thermosets and their composites. A somewhat more detailed dis
course is given elsewhere (19). To understand completely the process of ab
sorption of water (or other small molecules) in cross-linked thermosets 
and their composites, one must correlate the ensuing changes i n physical-

+ , , , , 1 1 ( 1 , . » » 1-

TEMPERATURE (fc) 

Figure 2. Dynamic mechanical spectrum of a moisture-saturated (90 °C/ 
100% RH) eight-ply unidirectional AS/3502 graphite/epoxy composite. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 329 

mechanical properties to the composite morphology. In general, three pos
sible sites of moisture absorption occur in thermoset-matrix composites: 

First, regardless of the degree of sophistication of a particular process
ing technique, imperfections exist in every material and represent possible 
sites of moisture absorption. However, the identical thermal history (opti
mum curing conditions) of all samples is assumed to minimize the number 
of imperfections, as well as their variation from one sample to another. 

Second, every study of diffusion i n composites i n terms of their mor
phology must consider the presence of the reinforcement-matrix boundary 
region. Although the thickness of that region is approximately several thou
sand Angstroms, its importance is paramount. Particularly important is its 
response to an aggressive environment and, hence, its role i n the determi
nation of the long-term durability of composite materials. 

Third , the mechanism of moisture absorption in the thermosetting 
resin network should be clarified. If, in general, the phenomenon of diffu
sion in thermosets and thermoset-matrix composites is to be elucidated i n 
terms of their morphology, the inhomogeneous character of thermosets 
should be considered. 

Bearing in mind this qualitative concept of different sites of moisture 
penetration in cross-linked thermosets and their composites, we return to 
the discussion of our results. The increase in moisture content (weight gain) 
as a function of the square root of time of exposure to the aggressive envi
ronment (90 °C and 100% RH) is shown in Figure 3. The moisture content 
(M), a parameter of practical interest, was calculated from the following 
equation: 

M = M w " M d X 100 (%) 
Md (1) 

where, Mw is the weight of moist sample, and is the weight of dry sam
ple. A thorough literature survey shows that, for the majority of graphite 
fiber-reinforced epoxy resins as well as for the neat resin, the mechanism of 
moisture diffusion is "F i ck ian" ; that is, the mass transfer process is ade
quately described by the Fick's law (3, 20-24, 28). Nonetheless, the depar
ture from Fickian behavior also has been reported (24-26). In one such case 
(24), good agreement was obtained between the experimental data and 
Fick's law for the neat 3501-5 resin and the unidirectional composite, 
whereas the bidirectional laminate displayed non-Fickian behavior. H o w 
ever, at long exposure times, a deviation from Fick's law has also been ob
served (26) in the neat resins and unidirectional composites. A n apparent 
two-stage diffusion process has also been reported (27) in neat and rein
forced D G E B A - t y p e epoxies exposed to acetone. The majority of investiga
tions, however, have reported Fickian behavior. 

In the case of Fickian diffusion, the apparent composite diffusivity (D) 
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330 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 3. Moisture content as a function of square root of time of exposure 
to 90 °C/100% RH. Note four (1-4) stages of moisture absorption. 

can be experimentally determined from the initial (linear) portion of the 
weight-gain vs. square-root-of-time curve. The D describes the overall dif
fusion into the bulk resin network, the reinforcement-matrix boundary re
gion, and the imperfections. A value of D = 3.78 X 10 " 7 mm2/s was calcu
lated from Figure 3. Furthermore, because unidirectional fiber composites 
are anisotropic materials, it is always important to calculate the values of 
diffusivities in the direction parallel ( D n ) and normal (D 2 2 ) to the fiber in 
the composite. The solution to Fick's law using the corresponding set of 
boundary conditions for three-dimensional diffusion into a rectangular 
plate, has been given in the literature (24). The final form of that solution, 
used in our study, is given by Equation 2: 

G = 
M , - M, 
Μ α - Μη 

°- = 1 \ π Λ/ τ 

Χ Σ 1 
e x p [ - ( 2 i + 1) 2ιτί*] 

where 

ί=ο (2t + iy 
(2) 

Z 2D 22 h2 

and I, η, and h are the specimen length, width , and thickness, respectively. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 331 

A good agreement between Fick's law (Equation 2) and the experi
mental data was obtained, as clearly seen in Figure 3. For the determina
tion of Dn and D 2 2 , however, the diffusivity of the resin (Dr) had to be 
determined first. The value of Dr was then used to calculate Du and D22 
(Equations 4 and 5) and to plot the theoretical curve in Figure 3. The diffu
sivity of the neat resin (Dn) and the diffusivity of that resin in the composite 
(Dr) are not the same even when the two systems are prepared under identi
cal curing conditions. This discrepancy is caused by the difference in resin 
morphology (neat resin versus composite) that results from the existence of 
the reinforcement-matrix boundary region in the composite system. The 
apparent composite diffusivity follows the classical Arrhenius relationship 
from which the activation energy for diffusion can be determined (20, 22). 
Interestingly, the activation energies for the neat 3501-5 resin and the cor
responding AS 3501-5 composite differ significantly (24). Clearly, the 
mechanism of moisture diffusion differs on the morphological level. Con
sidering the identical thermal history for the neat resin and the composite, 
the difference is explained by the existence of the reinforcement-matrix 
boundary region in the composite. Hence the correct value of the resin dif
fusivity (Dr), which accounts for the presence of the boundary region, must 
be obtained from the experimentally determined diffusivity of the compos
ite (D). A n equation for D from which Dr can be calculated for unidirec
tional composites is given as Equation 3: 

D = D r [ ( l - vf) cos* a + (1 - 2^/φπ) s in 2 a] 

χ \i + A / (1 - vf) cos 2 β + (1 - Vt j f lr) s in 2 β 
I (1 - vf) cos 2 a + (1 - y/vflw) s in 2 a 

h I (1 - vf) cos 2 7 + (1 - ^lvf/π) s in 2 7 
n'y (1 - vf) cos 2 a + (1 - VU//π) s in 2 a 

where vf is the volume fraction of the fibers, and α, β, and 7 are the angles 
between the fiber axis and the x, y and ζ axes (in our case a = 7 = 90° and 
β = 0°) . From the experimentally obtained value of D and Equation 3, the 
diffusivity of the resin i n the composite was calculated to be Dr = 2.86 X 
1 0 " 6 mm2/s. The diffusivity of a similar neat resin was studied by other 
researchers (29). From a plot of their values of Dn versus temperature for 
100% R H we found, by interpolation, the diffusivity of the neat resin at 
90 °C to be Dn = 1.35 X 10 " 6 mm 2/s. This value, Dm is significantly lower 
than our calculated value for the diffusivity of the resin in the composite 
(Dr). This difference is at least partially a result of the presence of the rein
forcement-matrix boundary region in composite. The applicability of this 
morphological concept can be further checked against the findings re
ported. For instance, this concept can account for the lower value of the 
diffusivity of the neat resin and the discrepancy between calculated and 

2 

(3) 
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332 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

experimentally obtained diffusivities of graphite/epoxy composites exposed 
to water (30). Using the value of D r , one can calculate the values of Dn and 
D 2 2 from the following equations: 

D n = (1 - vf)Dr (4) 

D 2 2 = (1 - 24φκ)Όγ (5) 

where 

Dx - Dn c o s 2 a _|_ £> 2 2 s in 2 a (6) 

Dy = Dn cos 2 β + D 2 2 s in 2 β (7) 

and 

Dz = D n cos 2 γ + D 2 2 s in 2 γ (8) 

The values calculated from Equations 4 and 5 (Dn = 10.9 X 10~ 7 mm 2 /s 
and D 2 2 = 3.19 X 10 ~ 7 mm2/s) show that the diffusivity in the direction 
parallel to the fibers is higher than the diffusivity normal to the fibers. A 
similar ratio of D n / D 2 2 was also reported for a 1-mm thick AS 3501-5 com
posite after immersion in water at 75 °G (31-33). However, an accurate 
comparison of absolute diffusion rates in the directions parallel and per
pendicular to the fibers must also specify the effect of tortuosity on the k i 
netics of moisture diffusion in the transverse direction. Only then can the 
preferential path of moisture absorption in the composite be defined. 

Further examination of Figure 3 indicates that the entire weight-gain 
curve could be divided into four different stages (regions). A consideration 
of several stages in the weight-gain curve clarifies the molecular mecha
nism of moisture penetration into the composite. Simultaneously wi th the 
measurement of changes in moisture content, the changes in Tg were moni
tored. These changes in Tg are plotted i n Figure 4 as a function of moisture 
content. The solid line represents the best fit to data, and the value of T g at 
any given moisture content can be calculated from Equation 9, which is 
obtained by the least squares analysis: 

T g = 284.73 - 7.27(M) - 100.26(M) 2 + 48.22(M) 3 (9) 

In the first part of the curve, up to a moisture content of approximately 
0.4 % that corresponds to the first stage in the weight-gain curve in Figure 
3, the T g of the composite decreases only slightly. W e believe that, during 
this stage, moisture penetrates into the reinforcement-matrix boundary re
gion, the imperfections, and, to some extent, the less highly cross-linked 
regions in the resin. As a result of thermally induced longitudinal shrinkage 
during cooling, tensile stresses are formed in the reinforcement-matrix 
boundary region. The origin and nature of residual stresses in composites 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
19



19. M I J O V I C A N D L I N Effect of Hygrothermal Fatigue 333 

ο UJ 
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MOISTURE CONTENT, M% 

Figure 4. Glass transition temperature of the composite as a function of 
moisture content during absorption. Key: —, Kelly-Bueche equation. 

w i l l be considered later. The tensile stresses are of interest because they 
contribute to an increase in free volume. This increase, i n turn, enhances 
moisture absorption (34). A buildup of high osmotic pressure in voids and 
imperfections facilitates the absorption of moisture in these regions (5). Si
multaneously, with initial absorption of moisture, the observed insignifi
cant reduction i n T g (up to 0.4% moisture absorption) indicates the ab
sence of considerable intramolecular plasticization of the resin network. 
Qualitatively, this observation is in excellent agreement wi th the reported 
results on the moisture-induced swelling strains in composites (35). The 
swelling strains are said to become detectable only above a certain thresh
old value of moisture concentration. More specifically, for an AS 3501-5 
[0] 8 T graphite/epoxy composite, the threshold value of moisture gain above 
which the swelling strains start to increase linearly with moisture was ap
proximately 0.4%?. For several other graphite/epoxy composites (23), the 
threshold value of the moisture content below which no in-plane transverse 
swelling is observed was between 0.3 and 0.4%?. In another instance (30), 
an abrupt initial moisture absorption was found to precede the classical 
Fickian diffusion mechanism. We therefore believe that the absence of de
tectable swelling strains in the early stages of absorption is indicative of 
moisture penetration into the reinforcement-matrix boundary region, the 
imperfections, and the parts of the less highly cross-linked resin character
ized by relatively large free volume. 

Dur ing the second stage of moisture absorption, the Tg decreases 
steadily. This decrease i n Tg indicates that the moisture continues to pene
trate into the resin network. The more highly cross-linked the parts of the 
resin, the slower the moisture penetration. Above the moisture content of 
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approximately 1.0 %, the T g decreases very little and finally levels off. The 
dotted line in Figure 4 represents the glass transition of the composite as a 
function of moisture content, calculated from the Kelly-Bueche equation. 
In this equation we assume that all absorbed moisture acts as an intramo
lecular plasticizer (36). The following parameters were used in the K e l l y -
Bueche equation: T g dry composite = 285 °C; T g water = 4 °C; am = 
3.78 x 10- 4 /°C; a n d o ^ = 4 x 10 - 3 /°C; where am and aw are thermal 
expansion coefficients of the resin and water, respectively. The K e l l y -
Bueche equation has been derived for the saturation moisture content and 
thus should not be used for direct quantitative comparison with the data in 
this study. Nevertheless, the Kelly-Bueche line is qualitatively similar (par
allel) to our experimental results in the region between 0.4 and 1.0 % mois
ture content, where moisture is assumed to be absorbed within the resin 
network. Therefore, we maintain that the moisture absorbed i n this stage 
(the second stage, Figure 3) directly determines the extent of intramolecu
lar plasticization of the resin network and, hence, the T g of the composite. 
A good agreement between the prediction of the Kelly-Bueche equation 
has been reported for the AS 3501-5 composite (21), although the small 
number of experimental points weakens the argument. A decrease in the T g 

for carbon/epoxy composites was reported (30) after 11 years of exposure to 
water. A n irreversible degradation of matrix was suggested but no explana
tion was given of the molecular mechanism by which such degradation 
causes a decrease in T g . However, the observed good correlation between 
the experiment and the Kelly-Bueche equation for two neat resins (21, 37, 
38) was questioned. Peyser and Bascom suggested (39) that the experimen
tal techniques applied in the previous studies led to erroneous results. Of 
course, the results obtained with neat resins should not at all be used to 
directly characterize the behavior of composites, unless the presence of the 
reinforcement-matrix boundary region is accounted for. The presence of 
larger water clusters in our samples is unlikely because no physical transi
tion due to water has been observed by thermal analysis. 

Of primary concern in experimentally determining the effect of mois
ture on T g of highly cross-linked thermosets and their composites is the loss 
(evaporation) of moisture at higher temperatures. Therefore, a question 
exists about whether the measured Tg is indeed representative of the glass 
transition of the wet specimen. To resolve this problem, two moisture-
saturated samples were preheated at 180 °C for 20 and 40 min, and then 
tested in the D M A . Although the moisture content of the samples after the 
heat treatment dropped to 0.75 % (20 min) and 0.55 % (40 min), their glass 
transitions appeared at the same temperature. A n explanation of this result 
is offered in terms of the diffusion mechanism on the morphological level. 
In fully saturated samples the moisture has penetrated the regions of high 
cross-link density in the resin network. The rate of moisture diffusion out of 
those regions is slow. The moisture that is rapidly lost during heating does 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 335 

not play the role of an intramolecular plasticizer and, therefore, should not 
affect the T g . Because this heat treatment represents a more severe thermal 
environment than the one typically encountered during a dynamic me
chanical test, we maintain that the moisture contained within the regions 
of higher cross-link density in the resin network w i l l remain i n the sample 
during the test and w i l l exert a plasticizing effect on the composite. The 
initial rapid loss of moisture was also seen in an isothermal (180 °C) T G A 
thermogram of the weight loss of a moisture-saturated sample. The appar
ent abrupt moisture loss was followed by no detectable weight changes 
over a period of 1 h . Hence, once again, the rapidly lost moisture is not 
instrumental in the determination of Tg and w i l l not invalidate the mea
surements of T g of treated samples by D M A . 

The elastic (storage) modulus at 20 °C (£20) is shown as a function of 
moisture content in Figure 5. A pronounced decrease in E20 is observed 
during the first stage of moisture absorption (up to 0.4% moisture con
tent). Simultaneously, an increase in weight gain (Figure 3) and insignifi
cant changes in T g (Figure 4) are observed. This moisture, initially ab
sorbed in the reinforcement-matrix boundary region and less highly 
cross-linked regions in the resin, reduces the stiffness (hence the modulus). 
This moisture does not penetrate the bulk of the resin network and, hence, 
affects the T g only slightly. Apparently, the observed reduction in stiffness 
at that moisture level is a consequence of some form of facilitated molecu
lar motions between the fibers and the bulk resin (i.e., within the reinforce-

,6 ,8 1.0 1.2 

MOISTURE CONTENT, M % 

Figure 5. Dynamic elastic modulus at20°C as a function of moisture con
tent during absorption. 
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ment-matrix boundary region). Most of the experimental data reported (3) 
show no dependence of elastic moduli on moisture content for 0° and, in 
some instances, for ± 45° laminates. As expected, however, a strong de
pendence of elastic moduli on the moisture content was observed i n various 
90° laminates. The inability to detect moisture-induced changes in moduli 
is partly caused by the fact that the classical stress-strain measurements 
(e.g., in an Instron tensile tester) are not sensitive to subtle changes in poly
meric materials on the morphological level. In that respect, D M A measure
ments are far superior. In another interesting report (21), the room temper
ature longitudinal elastic modulus (Ej) of a dry unidirectional AS/3501-5 
composite was found to be higher than that of the sample wi th 1.6% mois
ture content but, surprisingly, lower than the modulus of the sample con
taining 1.05% moisture. It is difficult, however, to further explore this ob
servation because only two data points were given and no mention was 
made of the time factor. In general, an unspecified time factor precludes 
the consideration of the effect of time-dependent rearrangements in com
posite morphology on changes in their physical-mechanical properties. W e 
w i l l consider this phenomenon later. 

Figure 5 shows that beyond the moisture content of 0.4%, E20 levels 
off and then slightly increases as the moisture content is further increased. 
A slight increase in E20 could be possibly caused by the antiplasticization 
effect that the absorbed moisture exerts onto the room temperature Ε '. As 
moisture continues to penetrate into the resin network (above 0.4% mois
ture content), water molecules possibly flank the glycidyl ether groups 
thereby restricting their motion. This restriction, in turn, causes a decrease 
in the intensity of the low temperature relaxation (secondary transition -
Τ β) and, simultaneously, the observed increase in stiffness ( £ ' ) at 20 °C. 
However, at higher temperatures where the chain mobility is enhanced, an 
increased amount of moisture w i l l provide more intramolecular plasticiza-
tion and lead to the observed decrease in T g . Hence, in a certain range of 
moisture content, an increase in E 2 o does not preclude a simultaneous de
crease i n T g . 

The third stage of moisture absorption (Figure 3) corresponds to the 
moisture content in the range between 1.0 and 1.4%. The glass transition 
of the composite decreases very slightly i n this stage and then reaches an 
asymptotic value of approximately 210 °C. Similarly, the elastic modulus 
increases only slightly above the value of 60 G P a . O n the other hand, the 
continuing increase in weight gain clearly indicates that moisture is still 
being absorbed, although apparently without a strong effect on either E20 
or T g . We could give an explanation of this observation by considering the 
effect of static hygrothermal fatigue that the 90 °C/100% R H aggressive 
environment exerts on the composite. To elucidate that effect, however, 
we w i l l first consider the existence of various nonmechanical stresses that 
could form in the composite materials i n the absence of an externally ap
plied mechanical stress field. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 337 

Residual stresses form in graphite/epoxy composites in the final stage 
of processing, i.e. during cooling from the postcure temperature to room 
temperature (I, 2, 40, 42). The formation of residual stresses is a direct 
consequence of the difference in the coefficients of thermal expansion of the 
fibers (aj) and the matrix (am). Even in a single ply (lamina), stresses are 
formed as a result of thermally induced longitudinal shrinkage (in the d i 
rection of fiber axis) during cooling: tensile stresses are created in the ma
trix; compressive stresses, in the fibers; and shear stress, wi thin the rein
forcement-matrix boundary region. Furthermore, in the laminates wi th 
the same fiber orientation, both radial tensile and compressive stresses are 
believed to exist perpendicular to the fiber direction (41). Addit ional resid
ual stresses are encountered i n laminates made up of plies wi th different 
fiber orientation, whereby deformation of one ply is constrained by the 
other plies (2, 42). Finally, in unsymmetrical laminates, thermal stresses 
are also known to cause warping (1, 2). The last two types of residual 
stresses, however, were not dealt wi th in this study, for only eight-ply uni
directional, [0]gx laminates were investigated. 

Another type of nonmechanical stress, the swelling stress, is intro
duced into composite materials during their exposure to moisture. Theoret
ical analyses of the stresses in composites caused by hygrothermal fatigue 
have been reported (2, 42-44). The swelling coefficient of the composite 
(β0) is much larger in the transverse than in the longitudinal direction and 
consequently the latter is usually neglected (2). The magnitude and distri
bution of swelling stress are functions of the hygrothermal conditions of the 
environment and the duration of exposure. Because the swelling stresses are 
compressive in nature and the thermal stresses are primarily tensile, the 
two act in the opposite direction. Under certain conditions, a combination 
of these stresses would result in a zero net residual stress in the composite. 
Mathematically, this condition is expressed as Equation 10. 

4 + <i = 0 ( 1 0 ) 

where ej and are the transverse strains associated wi th thermal and 
swelling stresses, respectively (2). A temperature-relative humidity corre
lation for the residual stress-free state in AS3501-5 composites has been 
shown graphically (40). According to that correlation, the samples used at 
the conditions of our study (similar graphite/epoxy formulation) would ap
parently be far removed from the state of zero residual stress. A simple 
schematic representation of the coupling between residual curing stresses 
and swelling stresses has also been shown (23). Although the residual stress-
free state could be achieved in an aggressive environment under certain 
conditions, such a situation would not represent a permanent status quo, 
because the changes in the composite on the morphological and then mac
roscopic level (physical-mechanical properties) would continue to occur. 
The reason for this condition is twofold: First, during the static hygrother-
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mal fatigue chemical reactions such as gradual hydrolytic degradation 
could occur. Second, time-dependent molecular relaxations occur in rein
forced thermosets even at temperatures well below the glass transition of 
the resin (45-47). The long sample conditioning period in this study was 
designed to allow most of the time-dependent molecular rearrangements to 
occur prior to the exposure of samples to moisture. Hence, all samples were 
kept at 90 °C under dry conditions until no further changes in their dy
namic mechanical spectra were observed. 

Bearing in mind the presence of nonmechanical stresses, we believe 
that, as the resin network absorbs moisture and swells, the existing residual 
stresses are locally magnified to the point at which the microcracking oc
curs. Microcracking, of course, is preceded by an increase in free volume 
during the continuation of moisture absorption. The formation of micro-
cracks during the static hygrothermal fatigue of neat epoxies and graphite/ 
epoxy composites has been reported (24). For instance, surface cracks have 
been observed in the neat 3501-5 resin upon long-term exposure to 71 °C 
and 95% R H (24). The initial moisture absorption in virgin specimens of 
AS/3501-5 composite was reported to induce microcracking (35). Nonethe
less, the extent of microcracking was assumed to be small, because only a 
small additional weight gain was observed and the microcracks were not 
visible under 300 x magnification. Ashbee et al . (5) suggested that the dif
fusion of moisture in voids can cause locally high osmotic pressure that, in 
turn, could lead to the development of internal stresses and cracks. In other 
instances (48, 49), microcracking has been invoked to explain the observed 
increase in sorption rate (upon desorption and subsequent absorption) and 
the corresponding increase in the diffusion coefficient. Microstructural 
damage has also been postulated (23) for several graphite/epoxy composites 
subjected to absorption-desorption cycles although no supporting evidence 
was obtained from the microscopic investigation in that study. Severe 
swelling and delamination of plies are said to be responsible for the ob
served increase in the equilibrium moisture content after an absorption-
desorption cycle. The predicted value of the equilibrium moisture content 
in the composite was calculated on the basis of the equilibrium moisture 
content of the neat resin, which does not consider the presence of the rein
forcement-matrix boundary region. Also, the concentration gradients dur
ing moisture absorption could cause unequal swelling stresses within the 
composite, thus leading to the formation of microcracks (20). If micro
cracking indeed occurs in our study as a result of static hygrothermal fa
tigue, it would account for the observed weight gain above 1.0% moisture 
content, simply because of the moisture penetration into additionally 
formed voids in the composite. The glass transition and the Ε ' at 20 °C, at 
the conditions of this study, are apparently not influenced by the formation 
of microcracks during moisture absorption. Our absorption results suggest 
that, at 1.0% moisture content, the resin network becomes saturated with 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 339 

moisture. The higher observed "equi l ibr ium" moisture content (1.55%), 
achieved during the third and fourth stage of the weight-gain curve (Figure 
3), takes into account the additional moisture absorbed within the subse
quently formed microcracks. The term equilibrium is somewhat of a mis
nomer here; the absorption of moisture has been reported to continue as a 
function of time, albeit at a very slow rate. The phenomenon of micro-
cracking is very important and w i l l be further considered in the discussion 
of results of the cyclic hygrothermal fatigue. However, later we w i l l ad
vance a much more thorough description of the concept of initiation and 
propagation of microcracks on the morphological level. 

DESORPTION. In addition to absorption, desorption measurements 
are needed to understand completely the effect of moisture on the physical-
mechanical properties of composites. In actual service, the absorbed mois
ture is known to desorb at high temperature and in the space environment. 
Desorption studies reveal the rate and extent of reversibility and perma
nence of changes induced by the absorbed moisture. The absorption mea
surements in this study have indicated that the moisture absorbed during 
stages 1,3, and 4 contributes to the total weight gain but influences the Tg 

very slightly. O n the other hand, during the second stage of absorption, 
moisture gradually penetrates into the resin network, and acts as an intra
molecular plasticizer and thus decreases the T g . W i t h this concept of mois
ture absorption in mind, the desorption studies were undertaken. 

In Figure 6, the moisture content during desorption is shown to de
crease exponentially as a function of the square root of desorption time. 
The initial rate of desorption was high. The following relationship was 
found between the desorption time (t) and the weight percentage of mois
ture in the composite (Mt) over the entire range of the experiment: 

Mt = - 0.21 In ^ (11) 

for t < 176 h . 
Desorption studies by others have yielded interesting results. For ex

ample, in a [0] 8 τ AS/3501-5 composite, analogously to our observation, the 
rate of desorption was much faster than the rate of absorption (35). The 
faster rate of desorption was concluded to be a direct consequence of the 
existence of tensile residual stresses i n the first (in particular) and the second 
ply of the laminate. These stresses, in turn, facilitate and accelerate the 
moisture desorption. In other instances, however, the rates of absorption 
and desorption were roughly equivalent for several graphite/epoxy com
posites (3, 23). W e shall further address the question of relative rates of 
absorption and desorption, together with the effect of absorption-desorp-
tion cycles on the properties of composites, later in the chapter. 

A simultaneous change i n T g as a function of moisture content during 
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1.4 

(TIME)*, HR 2 

Figure 6. Moisture content as a function of square root of time during de-
sorption in the dry environment at 90 °C. 

desorption is shown in Figure 7. The solid line connects the experimentally 
obtained data points. Apparently, T g increases only slightly as desorption 
proceeds until the moisture content is reduced to approximately 0.4 %. De
sorption beyond that point, however, significantly increases the glass tran
sition. Figure 7 also shows that the experimental values of T g agree very 
well with those calculated from the Kelly-Bueche equation (dotted line) 
for the moisture content below 0.4%, whereas considerable deviation oc
curs above that value. The portion of the curve below 0.4 % moisture con
tent describes a slow desorption from the regions of higher cross-link den
sity in the resin network. As discussed previously, the amount of moisture 
absorbed within those regions directly determines the T g . Consequently, 
the removal of this moisture has a pronounced effect on the composite glass 
transition. Moisture absorbed during stages 1, 3, and 4 is relatively quickly 
desorbed and accounts for the observed high init ial rate of desorption. 

Changes of E' at 20 °C (E 2 0 ) a s a function of moisture content during 
desorption are shown in Figure 8. The value of £ 2 0 increases initially until 
the moisture content is reduced to approximately 0.55 % . The loss of mois
ture in this range probably reduces the extent of moisture-induced lubrica
tion within the reinforcement-matrix boundary region and hence contrib
utes to an increase i n stiffness. A slight decrease in E 2 0 * s noted as the 
moisture content is reduced below 0.55%. Possibly, in this stage (when the 
moisture is essentially located with in the resin network), the value of Ε ' is 
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,6 .8 1.0 

MOISTURE CONTENT, M % 

1,2 1.4 

Figure 7. Glass transition temperature of the composite as a function of 
moisture content during desorption. Key: , Kelly-Bueche equation. 
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Figure 8. Dynamic elastic modulus at20°C as a function of moisture con
tent during desorption. 
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affected by the extent of antiplasticization. The latter decreases as the 
moisture content is decreased, hence reducing the stiffness of the sample. 
The net effect on E ' of coupling between curing and swelling stresses 
within the reinforcement-matrix boundary region is difficult to assess. The 
preceding explanation of the mechanism of moisture diffusion on the mor
phological level is, at least qualitatively, consistent wi th the one used to 
explain the absorption process. 

Interestingly, after the completion of desorption, the glass transition 
and the elastic modulus at 20 °C of the dried sample were lower than those 
of the untreated dry sample (Figure 1). Hence the absorption-desorption 
process (one cycle) was not completely reversible because it produced a per
manent change in the composite properties. More specifically, the T g of the 
moisture-saturated and then dried sample was recorded at 271 °C. This 
value represents a 5 % decrease in comparison wi th the untreated dry sam
ple, or an 81.4% recovery when compared wi th the moisture saturated 
sample. The change in T g as a function of moisture content during absorp
tion and desorption is characterized by a pronounced hysteresis, as clearly 
seen in Figure 9. 

The observed permanent changes in the composite occur mostly dur
ing the absorption of moisture. O n the morphological level, they are the 
result of irreversible damage, which occurs primarily above 1.0 % moisture 
content, at the conditions of the study. This damage causes an increase in 
moisture content but yields no appreciable change in £20 a n d T g . The ex
tent of irreversible damage, of course, depends on the nature and number 

ο 

0 .2 .4 .6 .8 1.0 1.2 1.4 1.6 

MOISTURE CONTENT, M % 

Figure 9. Changes in the composite glass transition as a function of mois
ture content during absorption (—) and desorption ( ). 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
19



19. Mijovic AND LIN Effect of Hygrothermal Fatigue 343 

of fatigue cycles. This concept is further supported by other results wi th the 
AS/3501-5 composite (31, 32). After each of the three absorption-desorp-
tion cycles, a large effect on the rate of moisture absorption (Da) and no 
effect on the rate of moisture desorption (D^) from the equilibrated state 
were found. Comparable results have been reported by others. For in
stance, when a [0 4 ] T AS/3501-5 composite was exposed to an absorption-
desorption cycle at 71 °C and 75% R H , an increase i n the diffusion coeffi
cient during reabsorption led to the conclusion that some permanent 
internal damage had taken place (24). Hence, considering our findings and 
the reported results, we conclude that the mechanism responsible for the 
moisture uptake (during which permanent changes occur) differs from the 
one that governs the release of moisture from saturated samples. 

As the next step in the evaluation of the effect of one absorption-
desorption cycle on the composites' properties, T G A was performed to 
compare the total weight loss upon high temperature degradation of 
treated and untreated samples. W e speculated that an irreversible damage 
accrued during the absorption-desorption cycle and could have affected 
the thermal degradation characteristics of the composite. The measure
ments of the weight loss as a function of temperature for three different 
samples are shown in T G A thermograms i n Figure 10. Curve 1 represents 

0 100 200 300 400 500 600 700 
Temperature (°C) 

Figure 10. TGA thermogram of weight loss as a function of temperature 
for (1) untreated, dry composite, (2) saturated composite, and (3) saturated 

and dried composite. 
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the untreated dry sample; curve 2 is the moisture-saturated sample; and 
curve 3 is the moisture-saturated and then dried sample. A l l three samples 
have the same degradation temperature (Td = 370 °C) , which is defined as 
the temperature at which 5 % of the initial weight has been lost. The value 
of Td obtained from the T G A thermogram (Figure 10) agrees quite well 
wi th the results of D S C studies, shown in Figure 11. In the untreated dry 
sample (curve 1), the first signs of weight loss have been observed at ap
proximately 250 °C. The moisture-saturated sample (curve 2) starts to lose 
moisture quickly and, not surprisingly, exhibits a greater total weight loss 
at 600 °C. The moisture-saturated and then dried sample (curve 3) is char
acterized by a greater weight loss than the untreated dry sample. Hence, 
one absorption-desorption cycle appears to have enhanced the total weight 
loss at high temperature (approximately 600 °C) , as clearly seen in Figure 
10. 

A n explanation for this observation is again offered on the morpholog
ical level. Some chain segments (particularly those characterized by the 
highest residual stresses) act as precursors for the formation of microcracks. 
The latter are formed during absorption, and this process is likely to be 
enhanced by hydrolysis in the presence of aggressive environment. The per
manent changes in properties of graphite/epoxy composites may be caused 
by hydrolytic degradation (30). Also, commercially available tetraglycidyl 

101 1 1 1-

ε 

I20 220 320 420 520 620 720 
Temperature ?C) 

Figure 11. DSC thermogram for an untreated, dry eight-ply unidirectional 
AS/3502 graphite/epoxy composite. 
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methylene dianiline ( T G M D A ) resins have been shown to undergo consid
erable hydrolysis in a matter of days during exposure to 60 °C and 96% 
R H (I7). Therefore, partial hydrolysis of chain segments characterized by 
the highest residual stress could facilitate subsequent chain scissions during 
degradation at higher temperature. Thus, in the moisture-saturated and 
then dried sample (Figure 10, curve 3), some hydrolysis took place, and 
consequently that sample showed a larger weight loss than the untreated 
dry sample. If, prior to hydrolysis, the hydrolyzed chain segments had been 
in a highly strained state, a decrease in Tg would be expected as a result of 
hydrolysis. This decrease i n T g is envisioned as a result of the increase in 
ease (due to decrease in strain) that begins the molecular (chain) motion 
leading to the glass-to-rubber transition. The plasticizing effect of degrada
tion products is another possible cause for the drop in Tg. Hence, hydrolysis 
most likely contributes to the observed decrease in Tg of the moisture-satu
rated and then dried sample i n comparison to the untreated, dry sample. 
The magnitude of the additional weight loss recorded at 600 °C in T G A 
thermograms, becomes time-independent above a certain l imit of exposure 
to the aggressive environment. In our case the time l imit was approxi
mately 2 weeks, which corresponds to the "equi l ibr ium" of moisture satu
ration. Therefore, a particular aggressive environment appears to be char
acterized by an upper l imit of effect on the physical-mechanical properties 
of composites after one absorption-desorption cycle. A possibility of devia
tions at long exposure times should not be excluded, however. 

Cyclic Hygrothermal Fatigue. THERMAL SPIKING. Prior to expo
sure to thermal spikes, all samples were saturated wi th moisture. Hence, 
we begin this section by offering a brief morphological description of a 
moisture-saturated sample. 

Considerable interest has been generated i n understanding the origin 
and nature of the reinforcement-matrix boundary region in composite ma
terials. A n important factor that influences the character of the boundary 
region in multiphase systems is the difference between thermal expansion 
coefficients of the two phases. The effect of induced thermal stresses on the 
thermal expansion coefficient of filled polymers has been investigated (50). 
The thermal expansion coefficient of a glass fiber-reinforced styrene-acryl-
onitrile copolymer was studied as a function of the volume fraction of glass 
(51). A deviation from the rule of mixture relationship was found. This 
result may have been caused by the reduced frequency of conformational 
changes of polymeric chains i n the vicinity of the interface. In a study of 
polymer adhesion to various substrates (52), the emphasis was on the re
strictions of the vibrational motion of the polymeric segments on and near 
the surface of the substrate. In graphite/epoxy composites, because of the 
difference in thermal expansion coefficients between the fiber and the ma
trix, residual thermal stresses w i l l bui ld up preferentially wi th in the 
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boundary region during cooling from the postcure temperature. If the ad
hesion or cohesion forces at any point within the reinforcement-matrix 
boundary region are exceeded by the local contractive force of the epoxy 
resin, microcracks w i l l form. The latter could be initiated along the f iber-
matrix interface, or at some other location within the boundary region. 
Actually, the weakest part of the boundary region probably lies within the 
resin in the close proximity of the surface to which it is bonded (53). Micro
scopic investigations have also revealed that a visible amount of matrix re
mains on the reinforcement upon fracture. According to our concept of the 
character of composite morphology, the restrictions to the mobility of 
chain segments within the resin network decrease with the distance from 
the reinforcement-matrix boundary region. 

We have shown that the Tg of the composite decreases only when the 
absorbed moisture begins to penetrate the resin network and act as an in 
tramolecular plasticizer. Simultaneously wi th the observed increase i n the 
moisture content, the slope of the Ε ' curve in the glass transition region 
becomes less steep. This change i n Ε ' slope indicates that the moisture ab
sorption takes place to a different degree in different parts of the resin net
work. Because of the restricted molecular mobility within the reinforce
ment-matrix boundary region, the extent of intramolecular plasticization 
in moisture saturated samples is smaller in the boundary region than i n the 
bulk matrix. Consequently, in the moisture-saturated epoxy composites, 
the glass transition of the plasticized epoxy network outside the boundary 
region is lower than that of the epoxy network within the boundary region. 
This phenomenon has been detected by D M A (Figure 2). The peak at 
280 °C represents the Tg of the epoxy network in the reinforcement-matrix 
boundary region. Apparently, by preferential penetration, the absorbed 
moisture has enlarged the difference in the local mobility of chain segments 
in the different parts of the resin network, to a degree detectable by D M A . 

The Ε " peak observed at 280 °C in the dynamic mechanical spectrum 
is not caused by further curing or degradation. Some additional curing of 
the resin takes place prior to the T g , as evidenced by the D S C exotherm and 
the observed increase i n elastic modulus in D M A spectrum. However, the 
curing reactions occur at a temperature considerably lower than 280 °C. 
Any significant composite degradation, on the other hand, does not take 
place until a much higher temperature is reached as recorded by both D S C 
(Figure 11) and T G A (Figure 10) studies. 

The thermal spiking study was performed next. The application of 
thermal spikes was intended to simulate the repeated exposure to tempera
ture extremes encountered during the service of commercial and supersonic 
aircraft or the space shuttle. Three different thermal spikes were applied. 
Each spike differed from the other two by the upper temperature l imit . 
The upper temperature l imit was carefully chosen as a function of its rela
tion to the molecular mobility of the polymeric network. The highest tern-
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perature (180 °C) was well within the T g region, 160 °C was approxi
mately at the onset of the Tg region, and 130 °C was below the onset of the 
T g region. Upon exposure of moisture saturated samples to thermal spikes, 
numerous interesting observations were made. Figure 12 shows the change 
in moisture content as a function of the number of thermal spikes for 180°, 
160°, and 130 °C cycles. The moisture content increases initially for all 
cycles but the subsequent behavior is different. For instance, in the 180 °C 
cycle the moisture content reaches an apparent maximum after six cycles 
and then drops slightly before increasing again. Qualitatively, a similar 
trend was observed in the 160 °C cycle wi th an apparent maximum after 
eight spikes. In the 130 °C cycle, however, the increase in weight gain is 
slow and after 10 spikes it reaches approximately 1.5%. Furthermore, 
when the previously spiked sample in the 180 °C cycle was resaturated 
with moisture, its water content increased by 18.5%? i n comparison to the 
nonspiked water-saturated sample. Meanwhile, the same treatment in the 
130 °C cycle produced an increase of only 6%. 

Changes in T g as a function of the number of thermal spikes are plot
ted in Figure 13. A 20 °C drop in glass transition was recorded after three 
thermal spikes in 180 and 160 °C cycles. Because the glass transition is de
termined by the extent of intramolecular plasticization, the drop in Tg indi
cates that, as a consequence of thermal spiking, additional sites within the 
resin network have become accessible to moisture. The moisture could then 
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348 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

NUMBER OF THERMAL SPIKES 

Figure 13. Glass transition temperature of the composite as a function of 
number of thermal spikes at 180 °C (—) and 160 °C (—). 

act as an intramolecular plasticizer. Interestingly, with further spiking, the 
T g increases and then drops again. W e w i l l attempt to explain the observed 
changes in moisture content in conjunction wi th changes in the Tg and Ε ', 
with microscopic evidence. 

It was difficult to compare our results wi th the findings of other re
searchers. Only a very limited amount of information on the effect of ther
mal spikes on physical-mechanical properties of graphite/epoxy composites 
has been reported, and the nature of thermal spikes varies from one study 
to another. A tabulation of studies on thermal spiking of composites (3) 
clearly reveals that no fundamental investigation has been undertaken. 
Consequently, often contradictory conclusions have been made. A n in
crease in the rate of moisture absorption and the equilibrium moisture con
tent as a function of the number of thermal spikes for a series of T300/5208 
composites has been reported (54). Furthermore, although the additionally 
absorbed moisture was removed during desorption, permanent changes oc
curred in the composite. Nonetheless, an explanation of such changes on 
the molecular level has not been advanced. Several other studies (55) have 
also reported an increase in the rate of moisture absorption as a function of 
number of thermal spikes. O n the other hand, the moisture absorption 
characteristics and tensile properties of T300/1034 composites were re
ported to have changed insignificantly as a result of thermal spiking (3). 
Although the composite diffusivity did not change during spiking, it in
creased during the next remoisturization of the dried sample. Interestingly, 
no further changes in the composite diffusivity were observed upon subse-
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 349 

quent remoisturizations. Different results were reported (31) when a neat 
3501-5 resin and a series of AS/3501-5 composite samples were exposed to 
an increasing number of absorption-desorption cycles. Diffusion coeffi
cients of absorption, measured in various directions, increased upon each 
subsequent absorption-desorption cycle. O n the other hand, diffusion co
efficients for desorption had absolute values higher than those of absorp
tion coefficients, but remained almost unchanged over the three absorp
tion-desorption cycles. In partially saturated composites, the highest 
moisture concentration may exist in the form of a ridge or layer at some 
distance beneath the surface of the sample. As a consequence of such mois
ture distribution, different states of stress are encountered on either side of 
the high moisture content ridge. Furthermore, the nonuniformity of stress 
could cause microcracking during the application of thermal spikes. In an
other study (22), boron-graphite/epoxy hybrid composites were immersed 
in water at 23 and 77 °C and periodically exposed to thermal spikes. Only 
the samples at 23 °C showed an increase in moisture content over that of 
the control sample. 

In general, when moisture-saturated samples are exposed to thermal 
spikes, two phenomena could occur: an increase in free volume and a for
mation of microcracks. Both phenomena contribute to the experimentally 
observed additional moisture absorption. In that respect, however, the ef
fect of the change in free volume is believed to be less pronounced than the 
formation of microcracks, primarily for the following reasons. First, the 
highest upper temperature l imit of a thermal spike is 180 °C, which is still 
below the T g (measured by the E" peak) of all specimens. Hence, during 
the application of thermal spikes, although thermal equilibrium is quickly 
reached, the resin is never completely transferred into the rubbery state in 
which the thermal expansion coefficient is higher and the increase in free 
volume would be more pronounced. Second, upon quenching, the thermal 
spike-caused increase in free volume w i l l be gradually offset by the ensuing 
time-dependent decrease i n free volume. This phenomenon, as already 
mentioned, has been observed in many epoxy resins. Therefore, the ther
mal spikes primarily cause a relief i n the restrictions to local molecular mo
tions in the resin network. These motions are particularly pronounced 
within the reinforcement-matrix boundary region. As a result, micro-
cracking is induced within the boundary region. Because of the mismatch 
in the thermal expansion coefficients between the epoxy matrix and graph
ite fibers, the contractive force of the epoxy matrix during quenching may 
exceed either the local cohesive force within the boundary region (some 
distance from the fiber surface) or the adhesion force along the f iber-
matrix interface. Either case leads to the formation of microcracks. The 
latter case facilitates additional absorption of moisture into previously 
largely inaccessible regions of the network and, as a consequence, the Tg 

drops. Several observations can be easily made from the dynamic mechani-
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350 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

cal spectrum of the sample exposed to one thermal spike at 180 °. The slope 
of the E' curve in the T g region is steeper than in the nonspiked sample. 
This difference in slope indicates that the onset of molecular motions occurs 
over a narrower range. Moreover, the glass transition is lower, the T g peak 
is sharper, and the 280 °C transition (the T g of the epoxy network in the 
reinforcement-matrix boundary region) is reduced and less pronounced 
than in the nonspiked sample. A l l these observations point toward a de
crease in the molecular mobility restrictions and further intramolecular 
plasticization of the resin network. 

In the next step in the course of our investigation, both light and scan
ning electron microscopy were employed to elucidate the origin and char
acter of microcracks induced by thermal spiking. Photomicrographs of the 
cross section of an untreated composite are shown in Figure 14. Although 
some interpénétration of fibers between the adjacent plies and the presence 
of resin rich regions were clearly seen, no microcracks were detected. Upon 
exposure of samples to various thermal spikes, however, the following ob
servations have been made. The mildest thermal spike (130 °C) , had ap
parently induced very few microcracks in the samples after five cycles, as 
shown in Figures 15 and 16. In these figures, the maximum crack width 
was estimated at approximately 2.5 μπι. Also, the cracks initiate some
where in the region between two plies and then continue to propagate 
across one of the plies. The observation that the crack growth does not con
tinue through the resin-rich region indicates that the latter is less brittle and 
hence characterized by higher fracture energy. O n the other hand, in the 
fiber-rich areas, a significant proportion of the resin is contained within the 
reinforcement-matrix boundary regions. These regions are characterized 
by higher restrictions to molecular mobility and higher stiffness, but lower 
fracture energy (i.e., toughness). The temperature of 130 °C is wel l below 
the onset of the molecular motions in the glass transition region. This con
dition explains the observation that only a small number of cracks were 
produced and that no apparent effect of the number of thermal spikes on 
T g was seen. 

However, when the upper temperature of thermal spike was wi th in 
the T g region, much more pronounced microcracking was observed. As 
seen in Figure 17, a sample exposed to 10 cycles at 180 °C contains cracks 
about 10 times wider than those found upon exposure to 10 cycles at 
130 °C. Furthermore, after 10 cycles at 180 °C, the cracks were seen to 
traverse the resin rich regions and to enter the adjacent ply (Figure 18). 
Again, the highest temperature of the cycle (180 °C) , although with in the 
glass transition region, is still below the wet T g as defined by the Ε " peak i n 
dynamic mechanical spectra. In that respect, our findings are different 
from the results reported with a neat resin (56). In that study, microcracks 
were observed only at the thermal spike temperatures above the wet T g of 
the resin. There is, however, no contradiction i n the noted difference. Ac-
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 351 

Figure 14. Photomicrograph of a cross-sectional area of an untreated, dry 
specimen: (top) 100 x magnification; (bottom) 800 x magnification. 

cording to our morphological concept, the cracking in composites (vs. the 
neat resin) is expected to occur at lower thermal spike temperatures be
cause of the presence of additional restrictions to molecular mobility within 
the reinforcement-matrix boundary regions. These regions, of course, are 
absent in the neat resin. 

The size of a crack produced during thermal spiking is a function of 
the highest temperature of the spike and the number of spikes. Figure 19 
shows a small microcrack formed within the reinforcement-matrix bound-
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352 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 15. Photomicrograph of a cross-sectional area of a specimen after 
five cycles at 130 °C. Magnification 80 x . Note a small number of micro-

cracks. 

Figure 16. Photomicrograph of a cross-sectional area of a specimen after 
five cycles at 130 °C. Magnification 800 x . 

Pu
bl

is
he

d 
on

 M
ay

 1
, 1

98
4 

on
 h

ttp
://

pu
bs

.a
cs

.o
rg

 | 
do

i: 
10

.1
02

1/
ba

-1
98

4-
02

06
.c

h0
19



19. MIJOVIC AND LIN Effect of Hygrothermal Fatigue 353 

Figure 17. Photomicrograph of a cross-sectional area of a specimen after 10 
cycles at 180 °C. Magnification 800 x . Note the difference with Figure 16. 

ary region as a result of thermal spiking at 180 °C. The width of that micro-
crack is approximately 50 nm. The vast majority of microcracks initiate in 
the reinforcement-matrix boundary region and propagate through the 
resin toward an adjacent fiber, as shown in Figures 20 and 21. 

As the number of thermal spikes at 180 °C is increased, the Tg con-

Figure 18. Photomicrograph of a cross-sectional area of a specimen after 10 
cycles at 180 °C. Magnification 100 χ . Note how cra^ traverse several 

plies. 
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354 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 19. Scanning electron micrograph of a specimen after seven cycles 
atl80°C. Magnification 18,000 χ . Note a small microcrack in the reinforce

ment-matrix boundary region. 

Figure 20. Scanning electron micrograph of a specimen after 10 cycles at 
180 °C. Magnification 7500 χ . Note the crack propagation path. 

tinues to drop and eventually (after three or four cycles) approaches the 
highest temperature of the thermal spike, as clearly seen in Figure 13. Ac
tually, at this point the matrix is wel l above the temperature of the onset of 
glass-to-rubber transition and the likelihood of composite failure in service 
becomes high. Beyond what we refer to as "the first critical number of 
spikes" (three or four cycles) the Tg starts to increase again as also seen i n 
Figure 13. Dur ing the first three or four thermal spikes, various micro-
cracks were generated in the sample. After three or four cycles, the temper-
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 355 

Figure 21. Scanning electron micrograph of a specimen after seven cycles 
at 180 °C. Magnification 11,200 x . Note crack propagation path. 

ature of the onset of molecular motions in the epoxy network is wel l below 
the upper temperature l imit of the spike (180 °C) and the resin, at that 
temperature, can expand significantly. The latter phenomenon is a result 
of the well-known abrupt increase in the coefficient of thermal expansion 
in the vicinity of the glass transition. Hence, as it expands, the resin can 
close some smaller microcracks within the reinforcement-matrix boundary 
region. This closure does not proceed by the crack healing mechanism that 
has been observed in various thermoplastics (57). The resin first expands 
during the high temperature step of the thermal spike and closes some small 
microcracks. It then rapidly contracts during quenching and causes the for
mation of curing stresses, predominantly wi th in the boundary region. 
These nonmechanical stresses, i n turn, contribute to an increase in the re
strictions to molecular mobility in the resin and, hence, to the observed 
increase in Tg (Figure 13). Several small microcracks that appear to have 
been closed during thermal spiking, are shown i n Figures 22 and 23. Simul
taneously, some moisture is driven out of the sample, indicated by the 
sharp increase in the amount of moisture released during the duration of 
thermal spike (Figure 24) and by the small change in the total moisture 
content (Figure 12). Larger cracks, however, are not closed. Instead, they 
continue to propagate; the total moisture content of all spiked samples 
upon saturation is always higher than that of the nonspiked sample. 

Eventually, the Tg increases to almost the same level as in the non-
spiked specimens, that is, wel l above the highest temperature of thermal 
spike. The corresponding moisture content, however, remains above the 
original level of the nonspiked sample, because some large microcracks 
form and remain in the composite as a result of repeated thermal spiking 
and are filled with moisture during saturation. Simultaneously, some of the 
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356 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

microcracks grow into large cracks during the continuation of thermal 
spiking, as clearly seen in Figure 25. Once the T g is again above the highest 
temperature of the thermal spike, microcracking resumes. The moisture 
content increases and the T g starts to drop i n accordance with the molecu
lar mechanism analogous to the one that governs the behavior of compos
ites during the first three or four thermal spikes. Also, as a result of the 
static hygrothermal fatigue (samples are maintained at 90 °C and 100% 
R H between the spikes), moisture continues to penetrate the newly formed 

Figure 22. Scanning electron micrograph of a specimen after seven cycles 
at 180 °C. Magnification 5000 x . Arrows indicate microcrack closure. 

Figure 23. Scanning electron micrograph of a specimen after seven cycles 
at 180 °C. Magnification 11,300 x . Arrows indicate microcrack closure. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 357 

Number of thermal spikes 

Figure 24. Amount of moisture released during each spike as a function of 
number of thermal spikes at 180 °C (—), 160 °C ( ), and 130 °C (—). 

and enlarged cracks, and the total weight gain increases (Figure 12). Some 
very large cracks have been observed after 10 cycles at 180 °C as shown i n 
Figure 26. 

W i t h the upper temperature l imit of the thermal spike at 160 °C, the 
lowest glass transition was observed after six thermal spikes. Nonetheless, 

Figure 25. Scanning electron micrograph of a specimen after seven cycles 
at 180 °C. Magnification 1400χ . 
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358 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Figure 26. Scanning electron micrograph of a specimen after 10 cycles at 
180 °C. Magnification 1420 x . 

both the T g and the moisture content follow, at least qualitatively, the 
same patterns as those observed in the 180 °C spike. Experimental results 
obtained in the 160 °C cycle are represented by the dashed lines i n Figures 
12,13, and 24. The fact that six spikes are needed before the T g starts to rise 
again suggests that the effect of 160 °C cycle is milder and that it takes 
more thermal spikes to bring about the closure of some microcracks. F i 
nally, the 130 °C thermal spike was chosen because that temperature is 
well below the onset of the glass transition region for all specimens. Not 
surprisingly, the experimental results show a considerably different pattern 
from those of 160 and 180 °C cycles as clearly seen in Figures 12 and 24. 
Moreover, no appreciable difference in the equilibrium value of moisture 
content was observed between the samples spiked at 130 °C and those ex
posed to static hygrothermal fatigue only. The amount of moisture released 
during the 130 °C thermal spiking is small, as seen i n Figure 24. A l l these 
observations suggest that thermal spiking at temperatures below the onset 
of the Tg range does not produce severe microcracking. This statement has 
been corroborated by microscopic evidence. 

Another interesting observation was made in the dynamic mechanical 
spectra of samples thermally spiked at 180 °C. As the specimens passed 
through the glass transition region of the resin network in the reinforce
ment-matrix boundary region, an abrupt drop in Ε ' was observed (Figures 
27-29). The magnitude of that drop appears to increase as the number of 
thermal spikes is increased from 4 (Figure 27) to 6 (Figure 28) and then to 
10 (Figure 29). In the glass-to-rubber transition in moisture-saturated sam
ples, according to our concept of the composite morphology, the onset of 
molecular motion starts within the bulk resin and gradually encompasses 
the reinforcement-matrix boundary region. The latter is characterized by 
the more restricted molecular mobility. A t the point when the resin net-
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Figure 27. Dynamic mechanical spectrum of the moisture-saturated speci
men after four cycles at 180 °C. Note the characteristic drop in dynamic elas

tic modulus at the end of glass transition region 

work in the vicinity of larger microcracks within the boundary region be
comes rubbery, the microcracks actually become gaps across which the 
stress cannot be transferred from the matrix to the fibers. Simultaneously, 
the resonant frequency of the sample, which is directly proportional to the 
elastic modulus, drops abruptly to maintain a constant amplitude of oscil-

70 + 

0.124-5 

0.001-1 

" 8 0 " 4 0 0 4 0 80 120 160 2 0 0 240 2 8 0 320 380 

Temperature (°C) 

Figure 28. Same as Figure 27; six cycles at 180 °C. 
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-80 -40 0 40 80 120 160 200 240 280 320 360 

Temperature (°C) 

Figure 29. Same as Figure 27; 10 cycles at 180 °C. 

lation. As the number of thermal spikes increases, the size of larger micro-
cracks also increases (as clearly seen i n our micrographs), and, conse
quently, the magnitude of the observed drop in Ε ' increases, as shown in 
Figures 27-29. The temperature at which this abrupt drop in elastic modu
lus occurs is plotted in Figure 30 as a function of the number of thermal 

0 2 4 6 8 10 12 

NUMBER OF T H E R M A L SPIKES 

Figure 30. Temperature of the abrupt drop in dynamic elastic modulus as a 
function of the number of thermal spikes at 180 °C (—) and 160 °C ( ). 
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19. M i j o v i c AND LIN Effect of Hygrothermal Fatigue 361 

spikes for 160 and 180 °C cycles. After approximately seven cycles in the 
180 ° C spike, the temperature at which this abrupt drop in Ε ' takes place 
starts to decrease rapidly. Simultaneously, the amount of moisture released 
during the duration of the thermal spike shows an abrupt upward trend 
(Figure 24). Both of these observations indicate that, beyond approxi
mately seven thermal spikes, larger microcracks form rapidly and continue 
to grow during further spiking. No evidence of the drop i n Ε ' was observed 
in the 130 °C cycle. 

Changes in the 20 and 177 °C value of Ε ' as a function of the number 
of thermal spikes in the 180 °C cycle are shown in Figure 31. The tempera
ture of 177 °C was of interest as the highest thermal environment at which 
the resin can be used in service (58). Interestingly, this curve follows the 
same trend as the Tg curve of Figure 13. The initial decrease in the 20 °C 
elastic modulus, during the first three or four thermal spikes, is caused by 
the moisture absorbed i n microcracks i n the reinforcement-matrix bound
ary region. The absorbed moisture is believed to provide some form of " l u 
brication" in the boundary region, thus decreasing the stiffness. After the 
first critical number of thermal spikes (three or four), some smaller micro-
cracks had closed and some moisture had desorbed. Hence, the lubricating 
effects of the moisture were diminished. Consequently, a small increase in 
Ε ' was noted. At a higher number of thermal spikes, the modulus decreases 

0 2 4 6 8 10 12 

N U M B E R OF T H E R M A L S P I K E S 

Figure 31. Dynamic elastic moduli at 20° (A) and 180 °C (O) as a func
tion of the number of thermal spikes in the 180 °C cycle. 
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362 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

again according to the same molecular mechanism responsible for its initial 
drop. However, the total change in the value of £20 between the nonspiked 
sample and the sample spiked 10 times at 180 °C is only 8 %. The values of 
elastic moduli at 20 and 180 °C showed insignificant changes as a function 
of the number of thermal spikes at 130 °C, as clearly seen from Figure 32. 
Other researchers, using standard tensile testers, have not observed changes 
in the room temperature value of Ε ' as a function of the number of thermal 
spikes. 

In the final step, we dried a series of thermally spiked (180 °C speci
mens to a constant weight and then measured their T g values. The results of 
this experiment are shown in Figure 33. Clearly, upon drying the T g of 
thermally spiked samples decreases linearly as a function of the number of 
thermal spikes. The observed decrease in T g is believed to be a consequence 
of degradation (hydrolysis) of some chain segments during the application 
of thermal spikes. Most likely, the hydrolysis preferentially attacks the 
more highly strained chain segments, reduces the overall restrictions to mo
lecular mobility, and shifts the onset of glass-to-rubber transition to a lower 
temperature. 

Summary 

A thorough investigation was conducted on the effect of hygrothermal fa
tigue on physical-mechanical properties of an eight-ply unidirectional 

6 0 9 0 
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ι ι ι ι ι ι 
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2 4 6 8 1 0 1 2 
Number of thermal spikes 

Figure 32. Dynamic elastic moduli at 20° (O) and 180 °C (A) as a func
tion of the number of thermal spikes in the 130 °C cycle. 
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19. Mijovic AND LIN Effect of Hygrothermal Fatigue 363 

N U M B E R OF T H E R M A L SPIKES 

Figure 33. Glass transition of the dried composite as a function of the num
ber of thermal spikes in the 180 °C cycle. 

graphite/epoxy composite. Dur ing exposure to static hygrothermal fatigue 
(90 °C and 100% RH) the absorption of moisture was found to proceed 
according to Fick's law. Four stages were defined on the moisture absorp
tion curve, in terms of the diffusion process on the morphological level. 
Moisture desorption occurred at a faster rate than absorption, and a per
manent change i n the composite was detected after one absorption-desorp
tion cycle. The effect of various thermal spikes on physical-mechanical 
properties of the composite was also evaluated. A n increase in moisture 
content was noted after the application of thermal spikes. Also, during 
thermal spiking, numerous microcracks were introduced i n the composite. 
The initiation of microcracks occurred within the reinforcement-matrix 
boundary region that is characterized by highest restrictions to molecular 
mobility. The extent of the subsequent propagation of microcracks was a 
function of the type and number of thermal spikes. No significant micro-
cracking was observed when the upper temperature l imit of the thermal 
spike was below the onset of the glass transition region, as determined by 
the loss modulus trace i n dynamic mechanical spectra. 

Nomenclature 

D Apparent composite diffusivity, mm2/s 
Dn Diffusivity of the neat resin, mm2/s 
Dr Diffusivity of the resin i n the composite, mm2/s 
Dn Composite diffusivity in the direction of fibers, mm2/s 
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364 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

D22 Composite diffusivity in the direction normal to fibers, mm2/s 
E' Elastic modulus, Pa 
Ε" Loss modulus, Pa 
M Moisture content, % 
Mw Weight of the moist sample, g 
Md Weight of the dry sample, g 
M0 Initial sample weight, g 
M, Sample weight at time t, g 
Mœ Weight of the saturated sample, g 
Td Degradation temperature, °C 
T, Glass transition temperature, °C 
h Specimen thickness, m m 
l Specimen length, m m 
n Specimen width , m m 
t Time, s 

Volume fraction of fibers in composite 
a, β, y Angles between fiber axis and the X , Y, and Ζ axes, respectively 
(Xf Coefficient of thermal expansion of the fiber, cm 3 /cm 3 °C 
a m 

Coefficient of thermal expansion of the matrix, cm 3 /cm 3 °C 
« 1 0 Coefficient of thermal expansion of water, cm 3 /cm 3 °C 
βα Coefficient of swelling of composite, dimensionless 
eT 

V 
Transverse strain associated with thermal stress, dimensionless 
Transverse strain associated with swelling stress, dimensionless 
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Backflow, resin, composite materials 
pultrusion, 317-20 

Band viscometer, pultruder die as, 316 
Basic fiber orientation law, 283-88 
Benzene in polyisobutylene, interaction 

parameters, 54/ 
Benzene probe molecule, compatibility of a 

random copolymer, 158 
Binodal compositions, P2VN-PS blends, 

95/, 96/, 97/ 
Binodal curve, PS-PBD system, 10 
Bisphenol A polycarbonate blends, 

properties and morphology, 129-47 
Blend, various, 1 3 C NMR compatibility 

studies, 59-74 
Blend molecular weight and miscibility, 

relationship, 81-86 
Blend morphology, crack-growth resistance 

of rubber blends, 204/ 
Blend ratio 

vs. maximum draw-down ratio, 
nylon-CXA blends, 182/ 

vs. normal stress difference, nylon-CXA 
blend, 180/ 

vs. viscosity 
nylon-CXA blend, 179/ 
PP-PS blends, 180/ 

Bonding, plastic-rubber 
PVC and rubber additives, 226-28/ 
SAN and rubber additives, 227, 229/ 

Boundary region, matrix-reinforcement 
definition, 325 
effect of moisture, 324 
microcracks in laminates, 353 

Brittle behavior, pure PP, 215 
Bueche's theory, stress softening in filled 

nitrile elastomers, 246-48 
Bulk absorption method, miscible blend 

binary interaction parameters, 54 
Bulk compaction force, composite 

materials pultrusion, 304, 307-11 
Bulk morphology, molecular weight and 

blend miscibility, 86 
Butadiene-acrylonitrile elastomer 

See also Poly(butadiene-co-acrylonitrile) 
reinforcement by carbon black, 233-57 

C 
C-Cl bond, orientation function vs. 

elongation curves, PVC-PCL blends, 
117/ 

C-CL peak, IR dichroism 
BAN-PVC blends, 120-24 
ET-38-1-PVC blends, 117-19 

C-H peak, IR dichroism, PEUU 
copolymers, 124-27 

C=N peak, IR dichroism, BAN-PVC 
blends, 120-24 

C=0 peak, IR dichroism, PEUU 
copolymers, 124-27 

Calorimetry, analog, miscible blend binary 
interaction parameters, 45-49 

Capillary die, changes in fiber orientation, 
283 

Carbon, various PVF2 blends, 1 3 C NMR 
signal attenuations, 71 

Carbon-13 nuclear magnetic resonance (13C 
NMR), compatibility studies of PVF2 
blends, 59-74 

Carbon black 
additive to various rubber compounds, 

190 
controlled ingredient-distribution mixing, 

186-207 
distribution vs. heat buildup, NR-PBD 

blends, 207/ 
reinforcement of butadiene-acrylonitrile, 

233-57 
Carbon fiber 

effect on FCP in sfr composites, 271 
effect on pultrusion pulling force, 301-20 

Carbon tetrachloride in phenoxy-PBA 
blends, 55/ 

Carbonyl group 
1 3 C NMR signal intensities 

discussion, 69f 
PMMA, 63f 

content, effect of excess heat of mixing, 
45 

IR dichroism 
ET-38-1-PVC blends, 117-19 
NC-PCL blends, 113-17 

orientation function vs. elongation 
curves, PVC-PCL blends, 117/ 

Casting solvent, P2VN blends, molecular 
weight and blend miscibility, 83 

Cavitation, effect in reinforcement of filled 
nitrile elastomers, 240 

Charge and mold shape, fiber orientation 
calculation, 297/ 

Charge size, effect on fiber orientation, 292 
Chemical shifts, 1 3 C NMR compatibility 

studies, 68 
Chloroform, solvent, PS-PVME 

structure-property relationships, 103 
Circular rod, puitruded, room temperature 

properties, 320f 
Cloud point 

molecular weight and blend miscibility, 
86 

PS-PMMA system, 39/, 40/ 
Coalescence, PMMA-bisphenol A PC 

blends, 135 
Coil expansion, P2VN, fluorescence 

behavior, 85 
Cold drawing, PVC failure, 226 
Collimation force, pultrusion process, 304 
Compatible blends 

See also Miscible blends 
glass transition temperature, 108 
PS and PVME, orientation functions, 

107/ 
PS-PVME, IR spectra, 103-6 
PVF2-PMMA, 70 
random copolymer, 149-76 
segmental orientation by IR dichroism, 

112-28 
Composite droplets in ternary blends, 

217 
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INDEX 371 

Composite failure, hygrothermal fatigue in 
graphite-epoxy laminates, 354 

Composite materials pultrusion, pulling 
force, 301-20 

Composition, effect on PS orientation 
behavior, 108 

Composition range, compatibility of a 
random copolymer, 154,156 

Compression molding 
effect on FCP in sfr composites, 265 
effect on modulus in polyolefin blends, 

213 
fiber orientation, 279-98 
thin SMC parts, fiber orientation, 290-97 

Compression molding time 
vs. energy release rate in ternary 

polyolefin blends, 216/ 
vs. tensile modulus in polyolefin blends, 

214/ 
Concentration dependence of interaction 

parameter, PS- and PoCls-decalin, 22/ 
Concentration effect, P2VN-PS blend 

miscibility, 87/ 
Continuous phase, nylon-polyolefin blends, 

174 
Coordinate system, mold filling and fiber 

orientation, 289/ 
Copolymer, random, compatibility, 149-67 
Crack branching, FCP in sfr composites, 

273 
Crack characterization, FCP in sfr 

composites, 263 
Crack growth 

carbon black-rubber compounds, 193 
hygrothermal fatigue in graphite-epoxy 

laminates, 350 
vs. mixing method 

NR-PBD blend compounds, 199/ 
SBR-PBD blend compounds, 198/ 

Crack-growth resistance 
modulus ratio effect, 201 
rubber blends, 197-201 

Crack-growth time vs. heat buildup, 
SBR-PBD compounds, 206/ 

Crack length vs. cycling time, SBR-PBD 
blend compounds, 203/ 

Crazing mechanism in PS fractures, effect 
of rubber additives, 225 

Critical concentration, molecular weight 
and blend miscibility, 86 

Critical solution temperature (CST) by 
IGC, 159 

Critical strain energy release rate vs. 
compression molding time, ternary 
polyolefin blends, 216/ 

Cross polarization, compatibility studies of 
PVF2 blends, 59-74 

Cross-linking 
effect of rubber additives, 225, 226/ 
reinforcement of filled nitrile elastomers, 

236 
Cryoscopic fracture surfaces, 

PMMA-bisphenol A PC blends, 134 
Crystalline orientation vs. elongation, 

NC-PCL blends, 116 

Crystallinity 
contributions to IR dichroism, NC-PCL 

blends, 115 
PCL in NC-PCL blends, 113-17 
PVF2, 1 3C NMR compatibility studies, 70 

Curing 
carbon black and various rubber 

compounds, 189 
reinforcement of filled nitrile elastomers, 

237 
Curing stress, hygrothermal fatigue in 

graphite-epoxy laminates, 355 
CXA 3095, ethylene based multifunctional 

polymer, 173 
CXA-nylon blends 

DMA, 175 
loss modulus vs. temperature, 176/ 
melting points, 174 
morphology, 173 

Cycles to failure vs. initial stress intensity, 
sfr plastics, 270/ 

Cyclic deformation, NC-PCL blends, 114 
Cyclic hygrothermal fatigue, 

graphite-epoxy laminates, 324, 345-62 
Cycling time vs. crack length, SBR-PBD 

blends, 203/ 

D 

Damage propagation, FCP in sfr 
composites, 263 

Damage zone, crack-tip, FCP in sfr 
composites, 263 

Debonding, FCP in sfr composites, 273 
Decalin-poly(o-chlorostyrene) (PoCls), 

vapor sorption measurements, 21 
Decalin-polystyrene (PS), vapor sorption 

measurements, 21 
Deformation 

ET-38-1-PVC blends, 117-19 
fiber orientation model, 292-96 
history, effect on draw-down ratio, 182 
NC-PCL blends, 113-17 
PS in blends, 108 
PS-PVME blends, microstructural 

changes, 106 
SEM, fracture surface of filled nitrile 

elastomers, 249/ 
Deformation field, fibers in a converging 

nozzle, 281 
Deformation region, carbon black filled 

elastomers, 236-39 
Degradation, hygrothermal fatigue in 

graphite-epoxy laminates, 343, 362 
Degree of compatibility, effect on PS 

orientation behavior, 108 
Degree of freedom 

molecule in a liquid, 26 
phase equilibria in polymer melts, 35 

Desorption, hygrothermal fatigue in 
graphite-epoxy laminates, 324, 339-45 

Detachment, reinforcement of filled nitrile 
elastomers, 240 
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Dibutyl phthalate (DBP) absorption test, 
reinforcement of filled nitrile 
elastomers, 238 

4,4' - ( dicarbony lamino ) dipheny lmethane, 
segmental orientation by IR dichroism, 
113 

Dichloromethane in phenoxy-PBA blends, 
interaction parameters, 55/ 

Dichroism, discussion, 112 
Die temperature, effect on pultrusion 

pulling force, 301-20 
Die-force length, composite materials 

pultrusion, 310 
Dielectric relaxation spectroscopy (DRS), 

compatibility of a random copolymer, 
151, 159-67 

Dielectric tan delta vs. temperature, as 
function of frequency, PS and P(S-
nBMA), 160/, 16/ 

Differential refractive index (RI) detector, 
GPC, 4 

Differential scanning calorimetry (DSC) 
1 3 C NMR compatibility studies, 62 
BAN-PVC blends, 119 
compatibility of a random copolymer, 

151 
effect of hygrothermal fatigue, 325 
glass transition temperature, 156 
molecular weight and blend miscibility, 

82 
nylon-polyolefin blends, 173 
PEUU copolymers, 127 
thermograms 

graphite-epoxy composite, 344/ 
nylon-polyolefin blends, 175/ 
P2VN-PS blends, 92-94 
unblended PS and P2VN, 91 

Diffusion in graphite-epoxy composites, 
329-32 

Dimethyl formamide (DMF) 
1 3 C NMR compatibility studies, 59-74 
casting sequence, PVF2-PVME blends, 

71 
solvent, PVF2-PVAc blends, 70 

Diphenoxypropanol (DPP), miscible blend 
binary interaction parameters, 45 

Discontinuous phase, PMMA-bisphenol A 
PC blends, 140 

Discrete phase, nylon-polyolefin blends, 
174 

Dispersed phase, ternary polyolefin blends, 
216 

Dispersion, effect on reinforcement of 
filled nitrile elastomers, 238 

Distortion, effect of temperature in 
BAN-PVC blends, 122 

Distribution 
carbon black, controlled mixing, 205 
relative, carbon black in various rubber 

phases, 204 
ternary blend phases, molding effect, 213 

Domain cohesion, PEUU copolymers, 127 
Draw rate, effect on PS orientation 

behavior, 108 
Draw-down ratio, maximum, vs. blend 

ratio, nylon-CXA blends, 182/ 

Ductility, matrix, FCP in sfr composites, 
273 

Dynamic elastic modulus vs. moisture 
content, graphite-epoxy laminates, 
335/, 341/ 

Dynamic elastic modulus vs. thermal 
spikes, graphite-epoxy laminates, 361/, 
362/ 

Dynamic mechanical analysis (DMA) 
effect of hygrothermal fatigue, 326 
FCP in sfr composites, 268 
hygrothermal fatigue in graphite-epoxy 

laminates, 350, 358-60 
nylon-polyolefin blends, 173,175 
PMMA-bisphenol A PC blends, 130-33 
PP, PE, and ethylene-propylene 

copolymers, 217 

Ε 
Elastic modulus 

graphite-epoxy laminates, 335 
hygrothermal fatigue in graphite-epoxy 

laminates, 328, 360 
SBR-carbon black, 192 
vs. temperature, nylon-CXA blend, 177/ 
various carbon black-rubber systems, 

196/ 
Elastomer, butadiene-acrylonitrile, carbon 

black reinforcement, 233-57 
Elastomer blends, controlled ingredient-

distribution mixing, 185-207 
Electron micrograph, carbon black-rubber 

blends, 191/ 
π Electrons, PMMA-bisphenol A PC 

blends, 142 
Elongation 

ET-38-1-PVC blends, 117-19 
NC-PCL blends, 113-17 

Elongation vs. orientation function 
BAN-PVC blends, IR dichroism, 121/, 

123/ 
ET-38-1-PVC blends, IR dichroism, 118/, 

119/, 120/ 
NC-PCL blends, 115/ 
PEUU copolymers, 125/, 126/ 
PVC-PCL blends, 117/ 

Emulsion polymerization, PBD latices, 222 
End-gated injection molded plaque, FCP in 

sfr composites, 268/ 
Energy at break vs. filler volume fraction, 

filled nitrile elastomers, 242 
Energy dissipation 

reinforcement of filled nitrile elastomers, 
245 

rubber blends, controlled ingredient-
distribution mixing, 203 

Energy release rate vs. compression 
molding time, ternary polyolefin 
blends, 216 

Energy to break 
vs. fracture area, ductile polymer, 215/ 
reinforcement of filled nitrile elastomers, 

235 
Enthalpy of mixing, PS-PoCls blends, 

23-25 
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INDEX 373 

Entropie contributions, miscible blend 
binary interaction parameters, 51 

Entropie correction parameter, UCST and 
LCST in PS-PoCls blends, 27 

Epoxy resin, effect on pultrusion pulling 
force, 301-20 

Epoxy-graphite laminates, effect of 
hygrothermal fatigue, 324-63 

Equation-of-state theory 
discussion, 34 
PS-PoCls blends, 18 
UCST and LCST, 24 

Equilibrium composition, PS-PMMA 
system, 39 

Ester group motion in PMMA-bisphenol A 
PC blends, 137 

ET-38-1—See Polyether polyurethane 
ET-38-1-PVC blends, segmental 

orientation by IR dichroism, 117-19 
Ethylene-propylene-diene terpolymer 

(EPDM), mechanical behavior, 211-18 
Ethylenediamine (ED), segmental 

orientation by IR dichroism, 113 
Exchange interaction term, PS-PoCls 

blends, 24 
Excimer fluorescence, molecular weight 

and blend miscibility, 77-98 
Exothermic heats of mixing, miscible blend 

binary interaction parameters, 51 
Exothermic reaction, composite materials 

pultrusion, 313 
Extensional flows, simple and planar, fiber 

orientation, 281 
Extrusion, FCP in sfr composites, 265, 275 
Extrusion die, fiber orientation in 

processing, 282 

F 
Failure mode, sfr composites, 272 
Failure region, reinforcement of filled 

nitrile elastomers, 242 
Failure stress and yield stress, relationship 

in vulcanized rubber, 2511 
Fatigue, hygrothermal, effect on 

graphite-epoxy laminates, 324-63 
Fatigue crack propagation (FCP), sfr 

plastics, 261-75 
Fiber, volume, effect on pultrusion pulling 

force, 301-20 
Fiber aspect ratio, effect on FCP in sfr 

composites, 265, 266, 270, 274 
Fiber content, effect on FCP in sfr 

composites, 265 
Fiber length, effect on FCP in sfr 

composites, 275 
Fiber-matrix adhesion, effect on FCP in sfr 

composites, 274 
Fiber-matrix bond, effect on FCP in sfr 

composites, 265, 266, 273 
Fiber motion, equations, 281 
Fiber orientation 

effect on FCP in sfr composites, 264, 265, 
267 

in molded parts, 279-98 

Fiber orientation law, basic, 283-88 
Fiber pullout, FCP in sfr composites, 273 
Fiber volume fraction 

effect on FCP in sfr composites, 267/ 
effect on relative crack-growth rate, 273/ 

Fibrous composite materials, pultrusion 
pulling force, 301-20 

Fickian diffusion in graphite-epoxy 
laminates, 329-32 

Filler, poorly dispersed, nitrile elastomers, 
247 

Filler-elastomer bonds, reinforcement of 
filled nitrile elastomers, 236 

Filler volume concentration 
effect on reinforcement of filled nitrile 

elastomers, 243 
vs. relative initial modulus, 237/ 

Filler volume fraction 
vs. energy at break, filled nitrile 

elastomers, 242 
vs. hysteresis to break, filled nitrile 

elastomers, 242 
vs. initial modulus, filled nitrile 

elastomers, 239/ 
Finite deformation region, reinforcement 

of filled nitrile elastomers, 239-42 
Flex crack growth, SBR-NBR blends, 200/ 
Flexural modulus, PS, effect of rubber 

content, 225/ 
Flory equation-of-state theory 

discussion, 34 
PS-PoCls blends, 18 

Flory-Huggins interaction parameters, 
compatibility of a random copolymer, 
154 

Flory-Huggins lattice treatment, 
thermodynamics of mixing, 94 

Flory-Huggins theory 
discussion, 4, 53 
polymer-polymer interaction parameter 

discussion, 4 
PS-PoCls blends, 20, 23-25 

Flow rate, effect on fiber orientation, 283 
Fluorescence spectroscopy 

blends containing aryl vinyl polymers, 
79-81 

excimer, molecular weight and blend 
miscibility, 77-98 

P2VN-PS blends, 83-90 
Fluorine-19 NMR 
dipolar coupling, 1 3 C NMR compatibility 

studies, 72 
nondecoupled, compatibility studies of 

PVF2 blends, 59-74 
Force-die length, composite material 

pultrusion, 310 
Force-displacement, mechanical behavior 

of polyolefin blends, 214 
Force-material volume, composite 

materials pultrusion, 309 
Force-speed curve, composite materials 

pultrusion, 316 
Force-temperature curve, composite 

materials pultrusion, 312-16 
Fourier-transform IR (FTIR), polymer 

blends, deformation behavior, 109 
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374 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Fracture 
PMMA-bisphenol A PC blends, 134-6 
PS crazing mechanism, effect of rubber 

additives, 225 
Fracture area vs. energy-to-break, ductile 

polymer 215/ 
Fracture surface 

PMMA-bisphenol A PC blends, 143/, 
144/, 145/ 

reinforcement of filled nitrile elastomers, 
249/, 253/ 

Free energy interaction parameter, 
compatibility of a random copolymer, 
159/ 

Free energy of mixing, multicomponent 
system, 27 

Free enthalpy of mixing, polymer-polymer 
interaction parameters, 7 

Free volume contribution, effect on mixing, 
19 

Free volume term, PS-PoCls blends, 24 

G 
Gel permeation chromatography (GPC), 

polymer-polymer interaction 
parameters, 3-13 

Generalized Hele-Shaw flow model, fiber 
orientation, 289 

Gibbs free energy of mixing, 
polymer-polymer interaction 
parameters, 4 

Glass fiber 
FCP in sfr composites, 263i 
fiber orientation model, 292-96 

Glass-to-rubber transition, hygrothermal 
fatigue in graphite-epoxy laminates, 
328, 354, 362 

Glass transition 
effect of hygrothermal fatigue, 342 
moisture-saturated epoxy composites, 

346 
vs. thermal spikes, graphite-epoxy 

laminates, 348/ 
Glass transition temperature 

DRS, compatibility of a random 
copolymer, 162 

DSC, compatibility of a random 
copolymer, 156 

effect of rubber additives, 225 
vs. moisture content, graphite-epoxy 

laminates, 333/, 341/ 
molecular weight and blend miscibility, 

82 
P(nBMA) blended with P(S-nBMA), 158/ 
vs. PC weight fraction in 

PMMA-bisphenol A PC blends, 146/ 
PMMA-bisphenol A PC blends, 136 
PS and P(S-nBMA), 163/, 164/ 
PS and PoCls, 21 
PS blended with P(S-nBMA) random 

copolymers, 157/ 
PS deformation behavior in blends, 108 
segmental orientation by IR dichroism, 

118,120 

Grafting 
effect of rubber additives, 225, 226/ 
effect on PVC impact strength, 228/ 
effect on SAN impact strength, 229/ 

Graphite-epoxy laminates, effect of 
hygrothermal fatigue, 324-63 

Gravimetric sorption measurements, 
miscible blend binary interaction 
parameters, 53 

Group functional method, interaction 
parameters, compatibility of a random 
copolymer, 156/ 

Growth rate, relative, FCP in sfr 
composites, 272-75 

Guest polymer, selection, excimer 
fluorescence, 81-86 

H 
Hard segment domain, ET-38-1-PVC 

blends, segmental orientation by IR 
dichroism, 118 

Hard segment orientation studies, PEUU 
copolymers, IR dichroism, 127 

Heat buildup 
carbon black and various rubber 

compounds, 190 
effect on rubber blends in controlled 

ingredient-distribution mixing, 205 
vs. carbon black distribution, NR-PBD 

blend compounds, 207/ 
vs. crack-growth time, SBR-PBD 

compounds, 206/ 
Heat capacity, P2VN-PS blends, 93 
Heat of mixing 

DEA with DPE and with DPP, 50/ 
DPP with esters, 5lt 
miscible blend binary interaction 

parameters, 45-49 
Hele-Shaw flow model, generalized, fiber 

orientation, 289 
Henry s law region, miscible blend binary 

interaction parameters, 53 
Heterogeneity 

amorphous phase, BAN-PVC blend, 120 
carbon black-rubber blends, 202 
effect on crack growth in carbon 

black-rubber blends, 205 
in polymer blends, 171 

High-impact plastics, effect of rubber 
additives, 221-29 

High structure furnace (HAF) carbon black 
initial modulus vs. filler volume, 239/ 
reinforcement of filled nitrile elastomers, 

238 
Homogeneous thermosetting network, 

morphology of highly cross-linked neat 
thermosets, 324 

Homopolymers, 1 3 C NMR compatibility 
studies, 59-74 

Host polymer 
PS molecular weight effect in P2VN-PS 

blends, 83-90 
selection in excimer fluorescence, 81-86 
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INDEX 375 

Hydrolysis, hygrothermal fatigue in 
graphite-epoxy laminates, 362 

Hydrolytic degradation, graphite-epoxy 
composites, 344 

Hydrostatic pressures, pultrusion process, 
303 

Hygrothermal fatigue, effect on 
graphite-epoxy laminates, 324-63 

Hysteresis, hygrothermal fatigue in 
graphite-epoxy laminates, 342 

Hysteresis to break 
vs. filler volume fraction, 242 
reinforcement of filled nitrile elastomers, 

235 

I 
Immiscible blends 

See also Incompatible blends 
fluorescence spectroscopy, 85, 86 
ternary polyolefin blends, 217 

Impact behavior, ternary polyolefin blends, 
215 

Impact strength 
grafting effect on PVC, 228/ 
grafting effect on SAN, 229/ 
PCP particle size effect on SAN, 228/ 
PS particle size effect on PBD and SBR, 

224/ 
PVC particle size effect on PBD, 227/ 

Impact tester, mechanical behavior of 
polyolefin blends, 212 

Incompatible blends 
See also Immiscibility 
discussion, 155 
P2VN-PS blends, 90f 
PS-PVME blends, IR spectra, 103-6 
random copolymer, 163 
segmental orientation by IR dichroism, 

112-28 
Induced thermal stresses, effect on thermal 

expansion coefficient of filled 
polymers, 345 

Infinitesimal deformation region, carbon 
black filled elastomers, 236-39 

Ingredient-distribution mixing, effect on 
elastomer blends, 185-207 

Inhomogeneous thermoset morphology of 
highly cross-linked neat thermosets, 
324 

Initial modulus vs. filler volume, filled 
nitrile elastomers, 237/, 239/ 

Initial stress intensity factor range vs. cycles 
to failure, 270/ 

Injection-molded plaque, FCP in sfr 
composites, 262, 268/ 

Injection molding 
effect on FCP in sfr composites, 265 
effect on modulus in polyolefin blends, 

213 
gate, fiber orientation in processing, 282 

Intensity ratio, molecular weight and blend 
miscibility, 83 

Interaction, fiber orientation in molded 
parts, 283-88 

Interaction parameter 
GPC, polymer-polymer, 3-13 
group functional method for random 

copolymer, 156/ 
IGC, compatibility of a random 

copolymer, 157-59 
miscible blend binary, 43-57 
P2VN-PS blends, 98f 
PS-PMMA system, 38/ 
various PS-PBD systems, llf, 12i 

Interfacial adhesion, effect on impact 
strength in polyolefin blends, 217 

Interfacial bonding, BAN-PVC blends, 122 
Interfacial properties, effect on FCP in sfr 

composites, 271-75 
Internuclear distance, 1 3 C NMR 

compatibility studies, 71 
Interpenetrating network 

segmental orientation by IR dichroism, 
124 

ternary polyolefin blends, 217 
Intramolecular plasticization, 

graphite-epoxy laminates, 333, 348 
Inverse gas chromatography (IGC), 

compatibility of a random copolymer, 
151,157-59 

IR dichroism, segmental orientation in 
multicomponent polymer systems, 112-
28 

IR spectra 
microstructural changes during 

deformation, 106-9 
PS, 105 
PS-PVME blends, 104-9 
PVME, 103 

Irreversible damage, hygrothermal fatigue 
in graphite-epoxy laminates, 342 

Κ 
Kelly-Bueche equation, graphite-epoxy 

laminates, 334 
Kevlar, effect on FCP in sfr composites, 

271 

L 
Laboratory-scale pultruder, composite 

materials pultrusion, 306/ 
Lamellae, PMMA-bisphenol A PC blends, 

135 
Laminates, graphite-epoxy, effect of 

hygrothermal fatigue, 324-63 
Langmuir sorption method, miscible blend 

binary interaction parameters, 54 
Lattice treatment, Flory-Huggins, 

thermodynamics of mixing, 94 
Light-scattering measurements, molecular 

weight and blend miscibility, 86 
Linear elastic fracture mechanics (LEFM), 

FCP in sfr composites, 263-65 
Linear viscoelastic theory, reinforcement of 

filled nitrile elastomers, 236 
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376 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Load-displacement curves, ternary blends, 
PP, PE, and ethylene-propylene 
copolymers, 217 

Load-extension relations, reinforcement of 
filled nitrile elastomers, 252/ 

Location of carbon black in 
multicomponent elastomer systems, 
190 

Loss modulus 
PMMA-bisphenol A PC blends, 130-33 
vs. temperature, CXA-nylon blend 

system, 176/ 
Lower bound behavior, FCP in sfr 

composites, 272-74 
Lower critical solution temperature (LCST) 

compatibility of a random copolymer, 
159 

PS-PoCls blends, 18 
PS-PVME blends, 106 

M 
Magic-angle spinning, compatibility studies 

of PVF2 blends, 59-74 
Material-force volume, composite materials 

pultrusion, 309 
Mathematical scheme, polymer-polymer 

interaction parameters, 5 
Matrix, effect on FCP in sfr composites, 

266, 271-75 
Matrix ductility, effect on FCP in sfr 

composites, 273, 274 
Matrix-reinforcement boundary region 

definition, 325 
effect of moisture, 324 
microcracks in laminates, 353 

Mechanical spectra, PMMA-bisphenol A 
PC blends, 130-33 

Medium thermal (MT) carbon black 
initial modulus vs. filler volume, 239/ 
reinforcement of filled nitrile elastomers, 

238 
Melt drawability, nylon-polyolefin blends, 

173,181 
Melt-extruded blends, 1 3 C NMR 

compatibility studies, 70 
Melt titration, phase equilibria in polymer 

melts, 33-40 
Melting point, nylon-polyolefin blends, 174 
Melting point depression 

1 3 C NMR compatibility studies, 68 
miscible blend binary interaction 

parameters, 49-52 
PBA, PEA, and PCL in phenoxy, 52/ 

Methoxyl group, 1 3 C NMR 
compatibility studies, 71 
PMMA, 63f 
signal intensities, 69f 

Methyl ethyl ketone (MEK) 
1 3 C NMR compatibility studies, 59-74 
solvent, PVF2-PMMA blends, 70 

α-Methyl group, 1 3 C NMR 
compatibility studies, 71 
PMMA, 63f 
signal intensities, 69t 

Microcavitations, reinforcement of filled 
nitrile elastomers, 248-56 

Microcraking 
during thermal spikes, 349 
FCP in sfr composites, 263, 273 
graphite-epoxy composites, 344 
hygrothermal fatigue in graphite-epoxy 

laminates, 338, 346, 350, 356 
Microdeformation 

near critical strain in filled nitrile 
elastomers, 241/ 

PS-PVME blends, 106 
Migration, ternary polyolefin blends, 214 
Milling, effect on reinforcement of filled 

nitrile elastomers, 248 
Miscible blends 

See also Compatible blends 
effect of molecular weight, 77-98 
interaction parameters, 43-57 
PMMA-bisphenol A PC blends, 130 
PMMA-PS system, 33-40 

Mixing 
carbon black and various rubber 

compounds, 189 
method vs. crack growth 

NR-PBD blend compounds, 199/ 
SBR-PBD blend compounds, 198/ 

phase boundary, compatibility of a 
random copolymer, 163 

reinforcement of filled nitrile elastomers, 
234 

Model 
miscible blend binary interaction 

parameters, 48t 
probability density function of fiber 

orientation, 283-88 
USCT and LCST in PS-PoCls system, 25 

Modulus 
effect of molding time in polyolefin 

blends, 213 
graphite-epoxy laminates, 335 
reinforcement of filled nitrile elastomers, 

235,236 
tensile, vs. compression molding, 

polyolefin blends, 214/ 
various carbon black-rubber blends, 

191-93 
Moisture 

accessibility as a consequence of thermal 
spiking, 347 

effect on hygrothermal fatigue, 328 
effect on reinforcement-matrix boundary 

region, 324 
Moisture content 

vs. dynamic elastic modulus, 
graphite-epoxy laminates, 335/, 341/ 

vs. exposure time, graphite-epoxy 
laminates, 330/ 

vs. glass transition temperature, 
graphite-epoxy laminates, 333/, 341/ 

vs. thermal spikes, graphite-epoxy 
laminates, 347/ 

Moisture-induced swelling, graphite-epoxy 
laminates, 333 

Moisture penetration in cross-linked 
thermosets, molecular mechanism, 328 
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INDEX 377 

Moisture release vs. thermal spikes, 
graphite-epoxy laminates, 357/ 

Mold filling model, fiber orientation, 289 
Molded parts, fiber orientation, 279-98 
Molding process, fiber orientation model, 

288-90 
Molding time, modulus effect in polyolefin 

blends, 213 
Molecular level interactions, molecular 

weight and blend miscibility, 86 
Molecular mechanism, moisture 

penetration in cross-linked thermosets, 
328 

Molecular weight 
dependence, interaction energy 

parameter, 34 
effect 

blend miscibility, 77-98 
PS orientation behavior, 108 
PS-PoCls blend miscibility, 29 

and miscible binary blend interaction 
parameters, 50 

and polymer-polymer interaction 
parameters, 3-13 

and UCST and LCST in PS-PoCls 
blends, 18 

Monomer fluorescence, 78 
Morphology 

crack-growth resistance of rubber blend 
compounds, 204/ 

highly cross-linked thermosets, 324 
mechanical behavior of polyolefin 

blends, 211-18 
nylon-CXA blends, 173 
PMMA-bisphenol A PC blends, 134-36 
reinforcement of filled nitrile elastomers, 

235 
Motion 

fibers in concentrated suspensions, 285 
monomer segments in PMMA-bisphenol 

A PC blends, 137 
rigid ellipsoidal particle in a deforming 

viscous fluid, 280 
Multicraze formation, ternary blends, 217 

Ν 

Natural rubber (NR) 
controlled ingredient-distribution 

mixing, 186 
crack growth, 198/ 

Natural rubber (NR)-PBD blend 
controlled ingredient-distribution 

mixing, 187 
crack growth vs. mixing method, 199/ 
crack-growth time vs. modulus ratio, 

202/ 
Nitro group, IR dichroism, NC-PCL 

blends, 113-17 
Nitrocellulose (NC), PCL blends, 113-17 
Nonmechanical stress 

hygrothermal fatigue in graphite-epoxy 
laminates, 355 

static hygrothermal fatigue, 336-38 

Normal stress difference 
vs. blend ratio, nylon-CXA blend, 180/ 
vs. shear stress, nylon-CXA blends, 178/ 

Nuclear dipolar coupling constant, 1 3 C 
NMR compatibility studies, 71 

Nuclear magnetic resonance, PVF2 blends, 
59-74 

Nylon 66 
effect of fiber volume fraction on FCP, 

267 
failed FCP specimens, 264 
fatigue crack propagation, 266/ 
matrix ductility effect on FCP, 273 
SEM, FCP in sfr composites, 269/ 

Nylon-CXA blends 
melt drawability, 181 
morphology, 173 
rheological behavior, 176 

Nylon-poly olefin blends, rheological 
behavior, 171-82 

Ο 
Optical clarity, blend systems, 81 
Orientation behavior, PS-PVME blends 

discussion, 109 
IR spectroscopy, 107 

Orientation distribution, fiber orientation 
model, 294/ 

Orientation function vs. elongation 
BAN-PVC blends, IR dichroism, 121/, 

123/ 
ET-38-1-PVC blends, IR dichroism, 118/, 

119/, 120/ 
NC-PCL blends, 115/ 
PEUU copolymers, IR dichroism, 125/, 

126/ 
PVC-PCL blends, 117/ 

Ρ 

Particle size 
optimum, rubber additives and PVC 

failure, 226 
PBD, effect on PVC impact strength, 

227/ 
PDB and SBR, effect on PS impact 

strength, 224/ 
PCP, effect on SAN impact strength, 228/ 

Partition function, PS-PoCls blends, 26 
Peak temperatures and PS weight percent 

in PS blends, 166/ 
Percent strain vs. orientation function, 

BAN-PVC blends, 122 
Phase behavior, PS-PoCls blends, 25 
Phase boundary mixing, compatibility of a 

random copolymer, 163 
Phase diagram, PS-PMMA system, 39/, 40/ 
Phase equilibria 

binary polymer systems, 33 
melt titration, 33-40 
polymer-polymer interaction 

parameters, 4-9 
Phase morphology, mechanical behavior of 

polyolefin blends, 211-18 
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378 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Phase separation 
binary mixture, segmental orientation by 

IR dichroism, 122 
compatibility of a random copolymer, 

156 
molecular weight and blend miscibility, 

81 
P2VN blends, 84 
PMMA-bisphenol A PC blends, 135 

Phases, distribution in ternary blends, 
molding effect, 213 

Phenoxy, blends with aliphatic polyesters, 
43-57 

Photomicrograph 
hygrothermal fatigue in graphite-epoxy 

laminates, 351/, 352/, 353/ 
nylon-polyolefin blends, 174/ 

Piezoelectric crystal, vibrating, sorption 
measurements, 53 

Plait point, composition, various PS-PBD 
systems, 10, 12f 

Planar extensional flows, fiber orientation, 
281 

Planar fiber orientation distribution, 
probability density function, 284 

Plastic deformation, FCP in sfr composites, 
273 

Plastic-rubber bonding 
PVC and rubber additives, 226, 228/ 
SAN and rubber additives, 227, 229/ 

Plasticization 
compatibility of a random copolymer, 

164 
intramolecular, graphite-epoxy 

laminates, 333, 348 
Plasticized epoxy network, glass transition, 

346 
Plastics, high-impact, effect of rubber 

additives, 221-29 
Plies, effect on composite materials 

pultrusion, 307 
Polarized IR spectra, PS-PVME blends, 

microstructural changes during 
deformation, 106-9 

Polyaramid fibers, effect, FCP in sfr 
composites, 271 

Polybutadiene (PBD) 
controlled ingredient-distribution mixing, 

186 
polymer-polymer interaction 

parameters, 9-13 
Polybutadiene (PBD)-toluene, 

polymer-solvent interaction 
parameter, 9 

Poly (butadiene-co-acry lonitrile) ( Β AN ), 
segmental orientation by IR dichroism, 
113, 119-24 

Poly(n-butyl methacrylate) [P(nBMA)], 
compatibility of a random copolymer, 
150 

Poly(n-butyl methacrylate) 
[P(nBMA)]-P(S-nBMA), miscibility 
dependence on PS weight percent, 
152-56 

Poly(l,4-butylene adipate) (PBA), miscible 
blend binary interaction parameters, 44 

Poly(e-caprolactone) (PCL) 
miscible blend binary interaction 

parameters, 44 
segmental orientation by IR dichroism, 

113 
Polycarbonate (PC), effect on 

PMMA-bisphenol A PC blends, 
131-33,138 

Polychloroprene (PCP), effect of rubber 
additives, 222 

Poly (o-chlorostyrene) (PoCls)-decalin, 
vapor sorption measurements, 21 

Poly(o-chlorostyrene) (PoCls) -PS, 
polymer-polymer interactions, 17-32 

Poly ( 1,4-cyclohexanedimethanol succinate) 
(PCDS), miscible blend binary 
interaction parameters, 45 

Poly (2,6-dimethylphenylene oxide) 
(PPO)-PS blends, vibration frequency, 
changes, 105 

Polyesters, aliphatic, blends with 
polyhydroxyether of bisphenol-A, 
43-57 

Polyether polyurethane—See ET-38-1 
Polyether polyurethaneureas (PEUU), 

segmental orientation by IR dichroism, 
113,124 

Polyethylene (PE) 
carbon-fiber reinforced, matrix ductility 

effect on FCP, 273 
mechanical behavior, 211-18 

Poly (ethylene adipate) (PEA), miscible 
blend binary interaction parameters, 44 

Polyhydroxyether of bisphenol-A, blends 
with aliphatic polyesters, 43-57 

Polyisobutylene, benzene, interaction 
parameters from sorption, 54/ 

Polymer 
multicomponent systems, segmental 

orientation, 112-28 
polydisperse, polymer-polymer 

interaction parameters, 7 
Polymer melts, phase equilibria by melt 

titration, 33-40 
Polymer-polymer interaction parameter 

comparison, miscible blends, 56 
GPC 3-13 
PS-PoCls system, 17-32 
solid state, 1 3 C NMR, 59-74 

Polymer-polymer-solvent systems, UCST 
and LCST in a polymer blend, 23 

Polymer preparation 
1 3 C NMR compatibility studies, 59-74 
compatibility of a random copolymer, 

150 
composite materials pultrusion, 305 
controlled ingredient-distribution mixing, 

186-90 
effect of hygrothermal fatigue, 326 
mechanical behavior of polyolefin 

blends, 212 
nylon-polyolefin blends, 173 
PMMA-bisphenol A PC blends, 130 
PS-PoCls blends, 19 
reinforcement of filled nitrile elastomers, 

234 
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INDEX 379 

Polymer preparation —continued 
rubber additives in PS, 222, 226 
rubber additives SAN, 227 
segmental orientation by IR dichroism, 

113 
Polymer properties, miscible blend binary 

interaction parameters, 46f 
Polymer-solvent interaction parameter, 

PBD- and PS-toluene, 9 
Polymer-solvent systems, vapor sorption 

measurements, 21 
Polymeric probe, segmental orientation by 

IR dichroism, 117 
Poly(methyl methacrylate) (PMMA), 1 3 C 

NMR compatibility studies, 59-74 
Poly (methyl methacrylate) 

(PMMA)-bisphenol A polycarbonate 
blends, properties and morphology, 
129-47 

Poly(methyl methacrylate) (PMMA)-PS, 
miscibility measured by melt titration, 
33-40 

Polyolefin blends 
mechanical behavior, 211-18 
with nylon, rheological behavior, 171-82 

Polyolefin—See also CXA 3095 
Polypropylene (PP), mechanical behavior, 

211-18 
Polypropylene (PP)-PS, polymer-polymer 

interaction parameters, 11 
Polystyrene (PS) 

compatibility of a random copolymer, 
150 

dielectric tan delta vs. temperature as 
function of frequency, 160/, 161/ 

DSC thermograms, 91 
effect of fiber aspect ratio on FCP, 270 
effect of rubber additives, 222-25 
failed FCP specimens, 264 
host molecular weight effect in P2VN-PS 

blends, 83-90 
immiscibility, 90f 
IR spectrum, 105 
matrix ductility effect on FCP, 273 
molecular weight and blend miscibility, 

79, 81 
peak temperatures and PS weight 

percent, 166/ 
polymer-polymer interaction 

parameters, 9-13 
structure-property relationships, 101-9 
transition temperature and PS weight 

percent, 166/ 
Polystyrene (PS)-decalin, vapor sorption 

measurements, 21 
Polystyrene (PS)-P(S-nBMA) 

glass transition temperature, 157/ 
miscibility dependence on PS weight 

percent, 152-56 
transmittance, 152/, 153/ 

Polystyrene (PS)-PBD, binodal curve, plait 
point, and tie lines, 10 

Polystyrene (PS)-PoCls, polymer-polymer 
interactions, 17-32 

Polystyrene (PS)-toluene, polymer-solvent 
interactions, 9 

Poly(styrene-co-n-butyl methacrylate) 
[P(S-nBMA)] 

compatibility of a random copolymer, 
150 

dielectric tan delta vs. temperature as 
function of frequency, 160/, 161/ 

random copolymers, PS blended, 
transmittance, 152/, 153/ 

Poly(styrene-co-n-butyl methacrylate) 
[P(S-nBMA)]-P(nBMA), miscibility 
dependence on PS weight percent, 
152-56 

Polysulfone (PSF), effect of carbon fibers 
on FCP, 271 

Poly(tetramethylene oxide) (PTMO), 
segmental orientation by IR dichroism, 
113 

Polyvinyl acetate) (PVAc), 1 3 C NMR 
compatibility studies, 59-74 

Polyvinyl chloride) (PVC) 
effect of rubber additives, 222-27 
segmental orientation by IR dichroism, 

113 
Polyvinyl chloride) (PVC)-PCL, 

segmental orientation by IR dichroism, 
117 

Polyvinyl methyl ether) (PVME) 
1 3 C NMR compatibility studies, 59-74 
structure-property relationships, 101-9 

Polyfvinylidene fluoride) (PVF), 
compatibility studies using 1 3 C NMR, 
59-74 

Poly(2-vinylnaphthalene) (P2VN) 
coil expansion and fluorescence 

behavior, 85 
concentration effect in P2VN-PS blends, 

83-90 
DSC thermograms, 91 
molecular weight and blend miscibility, 

79, 81 
Poly(2-vinylnaphthalene) (P2VN)-PS 

blends, immiscibility, 90f 
Prepreg tape, carbon fiber, composite 

materials pultrusion, 308f 
Pressure, equations-of-state parameters, 

26 
Pressure-time curve, composite materials 

pultrusion, 315 
Propagation energy, pure PE, 215 
Property-structure relationships, PS-PVME 

blends, 101-9 
Proton dipolar decoupling, compatibility 

studies of PVF2 blends, 59-74 
Pulling force, composite materials 

pultrusion, 301-20 
Pulling speed, effect on composite 

materials pultrusion, 314 
Pultruded circular rod, room temperature 

properties, 320f 
Pultruder capacity, pultrusion process, 

303 
Pultruder die as a band viscometer, 

316 
Pultrusion 

composite materials, 301-20 
process analysis, 302-5 
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380 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Q 
Qualitative model, FCP in sfr composites, 

272 
Quartz spring sorption method, miscible 

blend binary interaction parameters, 54 
Quaternary carbon, 1 3 C NMR signal 

intensities, 63f, 69f 

R 
Radiographs, fiber orientation patterns in 

SMC, 293/ 
Random copolymer, compatibility, 149-67 
Refractive index (RI) 

detector, 4 
molecular weight and blend miscibility, 

86 
Reinforcement of butadiene-acrylonitrile 

elastomer by carbon black, 233-57 
Reinforcement-matrix boundary region 

definition, 325 
effect of moisture, 324 
microcracks in laminates, 353 

Relative growth rate, FCP in sfr 
composites, 272-75 

Relative initial modulus vs. filler volume 
concentration, filled nitrile elastomers, 
237/ 

Relaxation modulus, reinforcement of filled 
nitrile elastomers, 236 

Relaxation process, compatibility of a 
random copolymer, 162 

Relaxation times, 1 3 C NMR compatibility 
studies, 72 

Repolarization, 1 3 C NMR compatibility 
studies, 73 

Residual NMR signal intensities 
1 3 C NMR compatibility studies, 65-67 
PMMA in PVF2-PMMA blends, 66f 
PVAc in PVF2-PVAc blends, 67t 
PVME in PVF2-PVME blends, 67f 

Residual stress, graphite-epoxy composites, 
337, 345 

Resin backflow, composite materials 
pultrusion, 314, 317-20 

Resin-impregnated fibers, pultrusion 
process, 302 

Resin viscosity, composite materials 
pultrusion, 309 

Resin volume, effect on pultrusion pulling 
force, 301-20 

Resisting forces, pultrusion process, 304 
Resonant frequency, DMA, hygrothermal 

fatigue in graphite-epoxy laminates, 
359 

Rheological behavior, nylon-polyolefin 
blends, 171-82 

Rheology 
concentrated fiber suspensions, 282 
molding compound and fiber orientation, 

288 
Rheovibron, BAN-PVC blends, 119 
Rigid cylindrical particle, motion in viscous 

fluid, 280 
Rod, circular puitruded, room temperature 

properties, 320/ 

Rotational freedom, vibrational analysis in 
aliphatic ethers, 103 

Rubber 
HAF carbon black filled nitrile, 237 
vulcanized, relationship between yield 

stress and failure stress, 251f 
Rubber additives, effect on plastics, 221-29 
Rubber blend 

analogy, rubber-modifed thermoplastics, 
202 

controlled ingredient-distribution 
mixing, 186-207 

tensile properties, 197f 
various, carbon black reinforcement, 

233-57 
Rubber content 

effect on flexural modulus of PS, 225/ 
effect on mechanical behavior of 

polyolefin blends, 215 
Rubber-filler bonding, reinforcement of 

filled nitrile elastomers, 236 
Rubber-modified thermoplastics, controlled 

ingredient-distribution mixing, 202 
Rubber particle size, effect on impact 

strength in polyolefin blends, 217 
Rubber-plastic bonding 

in PVC, effect of rubber additives, 226, 
228/ 

in SAN, effect of rubber additives, 227, 
229/ 

Rupture stress and yield stress, correlation 
in reinforcement of filled nitrile 
elastomers, 253 

S 
Scanning electron microscopy (SEM) 

effect of hygrothermal fatigue, 350 
FCP in sfr composites, 269/ 
fracture surface 

filled nitrile elastomers, 249/, 250/ 
PMMA-bisphenol A PC blends, 143/, 

144/, 145/ 
hygrothermal fatigue in graphite-epoxy 

laminates, 354-58 
PMMA-bisphenol A PC blends, 130,134 

Segmental orientation 
multicomponent polymer systems, 

112-28 
PS-PVME blends, IR spectroscopy, 107 

Segmental relaxation and glass transition 
temperature, 120/ 

Shear, ternary blends with a random 
ethylene-propylene copolymer, 217 

Shear flow 
effect on FCP in sfr composites, 269, 281 
steady state fiber orientation, 287/ 

Shear rate vs. viscosity, nylon-CXA blend, 
177/ 

Shear strength, short beam, composite 
materials pultrusion, 314 

Shear stress 
composite materials pultrusion, 304, 313 
vs. normal stress difference, nylon-CXA 

blend, 178/ 
vs. viscosity, nylon-CXA blend, 179/ 
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INDEX 381 

Shear yielding, PVC failure, 226 
Sheet molding, accumulated deformations, 

282 
Sheet-molding compound (SMC) 

compression-molded thin parts, fiber 
orientations, 290-97 

fiber orientation model, 288-90 
Short-beam shear strength, composite 

materials pultrusion, 314 
Short-fiber reinforced (sfr) polymer 

FCP, 261-75 
fiber orientation pattern, 279-98 

Signal intensities 
1 3 C NMR compatibility studies, 65-69 
PMMA, 63f 
PMMA in PVF2-PMMA blends, 66f 
PVAc and PVME in PVF2-PVAc blends, 

67f 
Simple and planar extensional flows, fiber 

orientation, 281 
Single relaxation process, compatibility of a 

random copolymer, 165 
Soft segment 

PEUU copolymers, 125-27 
segmental orientation by IR dichroism, 

118, 125-27 
Solubility parameters, PS and PnBMA, 155 
Solution calorimeter, miscible blend binary 

interaction parameters, 49/ 
Solution casting, molecular weight and 

blend miscibility, 82 
Solvent, various, 1 3 C NMR compatibility 

studies, 70 
Solvent, concentration, miscible blend 

binary interaction parameters, 55 
Solvent effects, phase equilibria in polymer 

melts, 40 
Solvent-polymer interaction parameter, 

PBD-toluene, PS-toluene, 9 
Sorption measurements, miscible blend 

binary interaction parameters, 52-56 
Specific gravity, composite materials 

pultrusion, 314 
Specific retention volume, IGC, 

compatibility of a random copolymer, 
158 

Specific volume, equations-of-state 
parameters, 26 

Spheres, PMMA-bisphenol A PC blends, 
134 

Spin-locked magnetization, 1 3 C NMR 
compatibility studies, 73 

Spinodals 
polymer-polymer interaction 

parameters, 4 
various PS-PoCls blends, 29 

Static hygrothermal fatigue, 
graphite-epoxy laminates, 324, 327-45 

Steady-state fiber orientation distributions, 
simple shear flow, 287/, 288/ 

Storage modulus 
graphite-epoxy laminates, 335 
vs. PC weight fraction, PMMA-bisphenol 

A PC blends, 147 
PMMA-bisphenol A PC blends, 

130-33 

Strain, moisture-induced swelling in 
graphite-epoxy laminate, 333 

Strain amplification, reinforcement of filled 
nitrile elastomers, 239 

Strain-rate dependence, PS-PVME blends, 
deformation, 107 

Stress 
hygrothermal fatigue in graphite-epoxy 

laminates, 332, 355 
nonmechanical, static hygrothermal 

fatigue, 336-38 
residual thermal graphite-epoxy 

composites, 345 
Stress concentrators, effect on crack 

growth in carbon black-rubber blends, 
205 

Stress difference, normal 
vs. blend ratio, nylon-CXA blend, 180/ 
vs. shear stress, nylon-CXA blend, 178/ 

Stress hysteresis data, PEUU copolymers, 
127 

Stress intensity factor range vs. cycles to 
failure, 270/ 

Stress relaxation, PEUU copolymers, 125 
Stress softening, reinforcement of filled 

nitrile elastomers, 245 
Stress-strain curve 

BAN-PVC blends, 119 
highly filled elastomers, 248 
PBD-carbon black, controlled 

ingredient-distribution mixing, 
192-95 

reinforcement of filled nitrile elastomers, 
240 

Stress-strain relationship, reinforcement of 
filled nitrile elastomers, 236-56 

Stress-strain test, carbon black and various 
rubber compounds, 190 

Stretchability, nylon-polyolefin blends, 173 
Stretching peaks, various, IR dichroism, 

117-27 
Structure-property relationships, 

PS-PVME blends, 101-9 
Styrene, weight percent and compatibility 

of a random copolymer, 152 
Styrene-acrylonitrile copolymer (SAN), 

effect of rubber additives, 222-29 
Styrene-butadiene rubber (SBR) 

controlled ingredient-distribution mixing, 
186 

effect of rubber additives, 222 
Styrene-butadiene rubber (SBR)-NBR 

blends 
flex crack growth, 200/ 
tensile properties, I97t 

Styrene-butadiene rubber (SBR)-PBD 
blends 

controlled ingredient-distribution 
mixing, 187 

crack growth vs. mixing method, 198/ 
crack length vs. cycling time, 203/ 
crack-growth time vs. modulus ratio, 

201/ 
heat buildup vs. crack-growth time, 206/ 

Swelling strain, moisture-induced, 
graphite-epoxy laminate, 333, 337 
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382 POLYMER BLENDS AND COMPOSITES IN MULTIPHASE SYSTEMS 

Τ 
Tacticity, 1 3 C NMR compatibility studies, 

71 
Technology, pultrusion, 302 
Temperature 

characteristic, equations-of-state 
parameters, 26 

dependence, interaction parameters in 
PS-PoCls blends, 31/ 

die, effect on pultrusion pulling force, 
301-20 

vs. dielectric tan delta as function of 
frequency, PS and P(S-nBMA), 160/, 
161/ 

dynamic elastic modulus drop, 
graphite-epoxy laminates, 360/ 

effect on IGC, compatibility of a random 
copolymer, 159 

effect on interaction parameters, 24/ 
effect on segmental relaxation in BAN 

31-PVC blends, 120-24 
vs. elastic modulus, nylon-CXA blend, 

177/ 
glass transition vs. IR dichroism, 

BAN-PVC blends, 121/, 123/ 
vs. loss modulus, CXA-nylon blend 

system, 176/ 
and PS weight percent in PS blends, 166/ 
shifts, dynamic spectra of 

PMMA-bisphenol A PC blends, 
131-33 

Temperature of measurement, effect on 
orientation behavior of PS, 108 

Temperature-induced force, composite 
materials pultrusion, 304, 311-16 

Tensile behavior, mechanical behavior of 
polyolefin blends, 212 

Tensile modulus 
vs. compression molding time, polyolefin 

blends, 214/ 
SBR-carbon black, controlled ingredient-

distribution mixing, 192 
various carbon black-rubber systems, 

196/ 
Tensile properties 

rubber blends, 197/ 
SBR-NBR blends, 197f 

Tensile strength, pultrusion process, 303 
Tensile stress, hygrothermal fatigue in 

graphite-epoxy laminates, 332 
Tensile testing, reinforcement of filled 

nitrile elastomers, 235 
Ternary blends 

distribution of phases, molding effect, 
213 

energy release rate vs. compression 
molding time, 216/ 

mechanical behavior of polyolefin 
blends, 214, 216 

Thermal and thermomechanical analyses, 
nylon-polyolefin blends, 173 

Thermal spiking 
hygrothermal fatigue in graphite-epoxy 

laminates, 345-62 
moisture content as a function of, 347/ 

Thermal stress 
graphite-epoxy composites, 345 
induced, effect on thermal expansion 

coefficient of filled polymers, 345 
Thermally induced backflow, 317-20 
Thermodynamic properties, vapor sorption 

studies, 20-25 
Thermodynamics of mixing, Flory-Huggins 

lattice treatment, 94 
Thermogravimetric analysis (TGA) 

effect of hygrothermal fatigue, 326 
thermogram, graphite-epoxy laminates, 

343/ 
Thermoplastic injection molding, changes 

in fiber orientation, 283 
Thermoplastics, effect of rubber additives, 

221-229 
Thermosetting network, morphology of 

highly cross-linked neat thermosets, 
324 

Thickness 
effect on FCP in sfr composites, 268 
prepreg tape, composite materials 

pultrusion, 307-11 
Tie lines 

deviations, miscible blend binary 
interaction parameters, 55 

PS-PBD system, 10 
Toluene 

casting solvent, P2VN blends, 83 
polymer-polymer interaction 

parameters, various polymers, 9 
solvent, PS-PVME, structure-property 

relationships, 104 
Traction mechanism, pultrusion process, 

302 
Transition 

glass-to-rubber, hygrothermal fatigue in 
graphite-epoxy laminates, 354, 362 

various 
PMMA-bisphenol A PC blends, 130-33 
nylon-CXA blends, 175 

Transition temperature 
glass, PS and P(S-nBMA), 163/, 164/ 
PS, P2VN, and blends, 92f 
PS weight percent in PS blends, 166/ 
various, PMMA-bisphenol A PC blends, 

136, 145f 
Transmission electron microscopy (TEM) 

BAN-PVC blends, 119 
PS-SBR, 223 

Transmittance, PS blended with 
P(S-nBMA) random copolymers, 152/ 

Triaxial experiments, reinforcement of 
filled nitrile elastomers, 235 

Trichloroethylene (TCE), PS-PVME 
structure-property relationships, 103 

U 
Upper bound behavior, FCP in sfr 

composites, 274 
Upper critical solution temperature 

(UCST), PS-PoCls blends, 18 
UV absorbance detector, GPC, 4 
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INDEX 383 

ν 

Vacuoles, reinforcement of filled nitrile 
elastomers, 248, 252 

van der Waals constants, PS-PoCls blends, 
20 

Van Laar heat of mixing, miscible blend 
binary interaction parameters, 56 

Vapor sorption technique, PS-PoCls blends, 
18, 20-25 

Vibrational spectroscopy, PS-PVME 
structure-property relationships, 103 

Viscoelastic nature, reinforcement of filled 
nitrile elastomers, 253 

Viscometer, band, pultruder die as, 316 
Viscosity 

vs. blend ratio 
nylon-CXA blend, 179/ 
PP-PS blends, 180/ 

increase in composite materials 
pultrusion, 314 

nylon-polyolefin blends, 178 
relative, and filler volume fraction, 238 
resin, composite materials pultrusion, 309 
vs. shear rate, nylon-CXA blend, 179/ 
vs. shear stress, nylon-CXA blend, 179/ 

Visible spectroscopy (VS), compatibility of 
a random copolymer, 151-56 

Visual observation, PMMA-bisphenol A PC 
blends, 136 

Volume change, effect on composite 
materials pultrusion, 307 

Volume contribution, effect on mixing, 19 
Vulcanizates, highly filled, carbon black 

reinforcement, 233-57 
Vulcanized rubber, relationship between 

yield stress and failure stress, 251f 

W 

Water, plasticizing species, random 
copolymer, 164 

Weight fraction 
PC, PMMA-bisphenol A PC blends, 146f 
PC vs. storage modulus, 

PMMA-bisphenol A PC blends, 147 
Weight loss as a function of temperature, 

hygrothermal fatigue in 
graphite-epoxy laminates, 343 

Williams-Landel-Ferry type behavior, PS 
and P(S-nBMA) random copolymer, 
162 

Y 
Yield, SEM, filled nitrile elastomer fracture 

surface, 250/ 
Yield stress and failure stress, relationship 

in vulcanized rubber, 2511 
Yield stress and rupture stress, correlation 

in filled nitrile elastomers, 253 
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